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Abstract 

Highly dense compositionally modified Al6061 alloys with Sc and Zr were fabricated 

using the laser powder bed fusion. The as-built Al6061Mod alloy exhibits a bimodal 

grain size distribution consisting of coarse columnar grains and ultrafine grains, which 

is tunable by either varying the printing parameters or post-heat treatment. A high laser 

energy density along with a lower cooling rate, leaving more time for nucleating 

primary Al3Sc particles, triggers a higher area fraction of ultrafine grains. The heat 

treatment-induced evolution of microstructure and mechanical properties is jointly 

influenced by the size of grains and (Al,Si)3(Sc,Zr) particles. The conventional T6 heat 

treatment triggers coarsening of grains (~5.3 μm) and (Al,Si)3(Sc,Zr) particles (~42 nm), 

lowering the yield strength (~280 MPa) compared with that of as-built counterparts. On 

the contrary, direct aging enhances the yield strength (~383 MPa) due to the 

precipitation of nano-sized secondary Al3(Sc,Zr) particles (~5 nm) as well as retaining 

the grain size (~690 nm) of ultrafine grains. Concurrent with the tunable strength, the 

plasticity behaviors (Lüders band and Portevin-Le Chatelier effect) are manipulated 

correspondingly with varying microstructure. The broad tailoring of microstructure and 

mechanical property regime can shed light on designing Al alloys targeting the desired 

applications by manipulating the printing parameters and heat treatment.  
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1. Introduction 

Laser powder bed fusion (L-PBF) can construct the three-dimensional (3D) 

components in a layer-by-layer manner boasting the advantages of low tooling cost and 

unlimited design freedom [1]. In analogy to the micro-welding process, the L-PBF has 

been broadly implemented to fabricate a variety of weldable alloys, such as the Ti alloys 

[4], stainless steels [6], and Ni-based superalloys [7]. While for the alloys with a poor 

weldability, such as high-strength Al alloys [9-12] (Al‒Cu-based 2xxx series alloys [9], 

Al‒Mg‒Si-based Al6xxx series alloys [11], and Al‒Zn‒Mg-based Al7xxx series alloys 

[12]), the formation of hot cracks deteriorates the mechanical performance and impedes 

the industrial applications. The harsh demand for weldability for the printable alloys 

has limited the Al alloy systems amenable for L-PBF to Al‒Si‒(Mg) series alloys [13-

19], which in turn hinders the L-PBF from maturing to its full potential for Al alloys.  

 

To eliminate the crack issues during L-PBF, the common solutions are assisted by 

tailoring the processing methods to alter the solidification conditions (such as thermal 

gradient and solidification velocity) [20] or composition modification to enhance the 

heterogeneous nucleation [21,22]. The general philosophy of process tailoring is to 

decrease the thermal gradient, residual stress, or solidification velocity [23]. It is 

reported that powder bed heating at 500 ˚C can eliminate the cracks during L-PBF 

processing of Al6061 alloy [20]. However, this method is not universal and highly 

depends on the machine. As for the composition modification, the basic principle is to 

introduce the elements that can trigger the formation of Al3X (X= Zr, Sc, Nb, or Ta) 

nanoparticles with low lattice misfit with the Al matrix [24-31]. The low lattice misfit 

between the Al3X particles and Al matrix ensures the low interfacial energy for the 

heterogeneous nucleation, enabling the formation of ultrafine grains (UFGs) and the 

elimination of cracks. This inoculation treatment design concept has been verified in 

numerous high-strength Al alloys and applied to develop other high-performance alloys 

beyond Al alloys [32]. 
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With the inoculation treatment method, crack-free high-strength Al alloys are fabricated, 

some of which have been commercialized, such as the Scalmalloy® [33], and 7A77.60 

[34], leading to a research hotspot for novel high-strength Al alloys. The Al6xxx (Al‒

Mg‒Si) series alloys are considered to be the most promising candidates for aluminum 

automotive body panel applications [35]. As a typical Al6xxx alloy, the Al6061 alloy 

has a variety of industrial applications due to its high specific strength, excellent 

corrosion resistance, and high thermal/electrical conductivity [36]. Recently, significant 

progress has been achieved in eliminating the cracks during L-PBF of Al6061 alloys. 

Mehta et al. [11] and Opprecht et al. [30,37] have fabricated the crack-free Al6061 alloy 

with a heterogeneous microstructure via the inoculation treatment of Zr and Yttrium 

Stabilized Zirconia (YSZ), respectively. The grain microstructure and crack behaviors 

can be controlled by the content of added inoculation treatment powders. Increasing the 

content of inoculation treatment powders can effectively enhance the area fraction of 

UFGs. However, these works mainly focused on the printing feasibility for crack-free 

samples, while tailoring the microstructure and mechanical properties is seldom 

mentioned except for varying the content of inoculation-treated powders. Since the 

printing parameters, such as the laser power and scanning speed, can affect the thermal 

gradient and solidification velocity [38], it is necessary to explore the “printing 

parameter-microstructure-mechanical property” relationship to optimize the 

microstructure for the target applications besides the composition modification. 

Moreover, due to the composition modification and the special processing 

characteristics (such as the rapid cooling rate and thermal cycling) associated with L-

PBF, the appropriate heat treatment for L-PBF Al6061 alloy rather than the 

conventional T6 heat treatment might need to be designed to yield high mechanical 

performance.  

 

Apart from crack healing, the specific microstructure arising from the layer-by-layer 

construction and non-equilibrium solidification, which is not easily attained via 

conventional processing, can also provide a model platform to investigate scientific 

issues, such as the Lüders band, which is normally observed for the L-PBF Al alloys 
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containing the UFGs. However, the investigation on the evolution of the Lüders band 

caused by varying the processing parameter and heat treatment effect is scarce. 

Moreover, due to the formation of thermally stable Al3(Sc,Zr) particles for the Sc- and 

Zr-modified Al alloys, it has potential high-temperature applications [39]. However, 

most of the studies focus on room-temperature tensile properties, while the study on 

high-temperature tensile properties is scarce [40]. 

 

To fill the gap, a compositionally modified Al6061 alloy with Zr and Sc amenable for 

L-PBF was designed and selected as a model system to understand the following issues: 

(1) To uncover the printing parameter effect, by tailoring the laser energy density, on 

the microstructure evolution and its consequence on the mechanical property; (2) 

Various heat treatment profiles are adopted to investigate their effects on the 

microstructure and tensile property; and (3) High-temperature tensile properties of the 

L-PBF Sc- and Zr-modified Al6061 alloy. 

2. Experiment 

2.1 Powder characteristics 

The studied alloy is Al6061 alloy modified with Sc and Zr, which will be called as 

Al6061Mod in this paper. Gas atomized powders with a composition of 

Al˗0.96Mg˗0.64Si˗0.52Sc˗0.28Cu˗0.26Zr˗0.24Cr˗0.08Fe (wt.%, as measured by 

inductively coupled plasma atomic emission spectroscopy, ICP-AES) were used for the 

L-PBF process [42]. The gas-atomized powders mainly exhibit spherical morphology 

with some satellites attached to the surface. The particle size distribution measured via 

the Mastersize 3000 indicates that the d50 of the powders is 39.4 ± 1.4 μm. 
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Fig. 1 (a) SEM image and (b) particle size distribution of the Al6061Mod powders.  

2.2 L-PBF printing process and densification characterization 

All the L-PBF processes were conducted using a ProX DMP 300 (3D systems, US) 

equipped with a 500 W fiber laser and a laser beam diameter of 75 μm. The chamber 

was purged with argon to ensure that the oxygen level was below 300 ppm. The 

scanning strategy is the same as our previous work [43] with a rotation angle of 90˚ 

between adjacent layers. The laser powder (p), layer thickness (t), and hatching space 

(h) were kept constant, while the scanning speed (v) was varied to optimize the printing 

process and tailor the microstructure. The adopted scanning speeds were 100, 200, 400, 

800, and 1800 mm/s, and the corresponding laser volumetric energy density, E =P/hvt, 

were 1188, 594, 297, 149, and 66 J/mm3, which were labelled as E1188, E594, E297, 

E149, and E66, respectively. There was no significant composition variation after L-

PBF, and the chemical composition of the as-built sample with E297 was 

Al˗0.96Mg˗0.65Si˗0.53Sc˗0.28Cu˗0.27Zr˗0.24Cr˗0.10Fe (wt.%). To evaluate the 

relative density, the optical microscopy (OM) images were analyzed via ImageJ 

software [25,44,45]. The OM images were firstly binarized and then the fraction of 

pores was measured by applying a threshold, which is exemplified in Fig. S1 in the 

Supplementary Information (SI). Ten areas covering an area of approximately 696 × 

522 μm2 randomly distributed in the cross-section of the sample were selected for OM 

analysis. Three kinds of samples were printed: (1) cubic samples with a dimension of 

10 mm × 10 mm × 10 mm for optimizing the printing process; (2) cuboid samples with 

a dimension of 80 mm (length) × 10 mm (width) × 10 mm (height) for the tensile test 

along the horizontal direction perpendicular to the building direction; (3) cuboid 
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samples with a dimension of 20 mm (length) × 10 mm (width) × 45 mm (height) for 

the tensile test along the vertical direction parallel to the building direction. 

2.3 Heat treatment details 

The heat treatment (HT) of the Al6061Mod specimens was performed in a muffle 

furnace. The thermocouple was touched with the sample to ensure the temperature 

accuracy during heat treatment. In the present work, two heat treatment profiles were 

adopted to tailor the microstructure and explore its consequences on the mechanical 

properties. One is the conventional T6 heat treatment adopted for the Al6061 alloys, 

which includes two steps, solution treatment at 530 ℃ for 5 h followed by water 

quenching. The water-quenched samples were then aged at 175 ℃ for 8 h. The other 

heat treatment is direct aging by annealing the as-printed samples at a certain 

temperature, viz, 300, 350, 400, and 450 ℃, respectively. After direct aging, the 

samples were taken out of the furnace and cooled in the air. 

 

2.4 Microstructural analysis 

The densification of L-PBF Al6061Mod samples was characterized using optical 

microscopy (OM). To unveil the laser scanning pattern and melt pool boundary, the as-

printed samples were etched using Keller’s reagent (95.0 vol.% H2O + 2.5 vol.% HNO3 

+ 1.5 vol.% HCl + 1 vol.% HF) solution. The microstructure of specimens was 

characterized using field emission scanning electron microscopy (FESEM) (JEOL JSM 

7600) and electron backscattered diffraction (EBSD). The SEM and EBSD samples 

were ground mechanically with silicon carbide sandpapers and subsequently polished 

with 0.3 μm diamond suspensions and 40 nm oxide polishing suspensions (OPS). The 

EBSD was performed in a Zeiss Ultra Plus FESEM and the EBSD data was analyzed 

using AZtecCrystal software. High-resolution high-angle annular dark field (HAADF), 

scanning TEM (STEM), and energy dispersive X-ray spectroscopy (EDS) were 

conducted using an FEI F200X Talo S/TEM operated at 200 kV. TEM foils were 

mechanically ground to a thickness of ~ 50 μm, which were subsequently ion milled 

using a Precision Ion-Polishing System Gatan 691.  

2.5 Mechanical properties 
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The hardness values of as-built and heat-treated Al6061Mod specimens were measured 

using the Vickers hardness test with a load of 100 grams for 15 s. The rectangular dog-

bone-shaped tensile specimens with a gauge dimension of 12.5 mm × 3.2 mm × 1.6 mm 

were machined from the block samples by the electrical discharge machining (EDM). 

It is noted that the length of the clamping end of the tensile samples along the horizontal 

and vertical directions is different. The room temperature and elevated temperature 

tensile tests were performed using a universal Instron-5982 testing system equipped 

with an automated video extensometer to measure the displacement of the gauge section 

precisely. The strain rate of the tensile test is 10-3/s. For the high-temperature tensile 

test at 150, 200, and 240 ℃, the samples were heated to the testing temperature and 

soaked for 20 mins to reach the heat equilibrium before commencing the test.  

3. Results  

3.1 Densification and microstructure of the as-built sample 

Based on the OM image analysis method, the relative density is 99.45%, 99.61%, 

99.92%, 99.94%, and 99.45%, respectively for E1188, E594, E297, E149, and E66 

samples. The typical 2D (Fig. S2a in the SI) and 3D OM (Fig. S2b in the SI) images of 

the L-PBF E297 sample imply that highly dense and crack-free samples can be 

fabricated when printed with E297. This is different from L-PBF Al6061 alloy, which 

exhibits a significant cracking under all the laser energy densities based on the literature 

[11,30,46]. Figure 2 shows the multi-scale microstructure of E297 using the SEM and 

EBSD. Figures 2a-e show the effect of laser energy density on the microstructure 

evolution of the as-built Al6061Mod alloy. All the samples exhibited a bimodal grain 

structure with coarse columnar grains (CCGs) (Fig. 2c1) in the center of melt pools and 

UFGs along the melt pool boundary (Fig. 2c2), which contrasts with that of L-PBF 

Al6061 with coarse columnar grains growing along the building direction [11]. A 

similar bimodal grain structure has also been observed for the Zr-modified Al6061 alloy 

[11,47]. The width of the CCGs ranges from 1.0 μm to 5.9 μm, while the length of 

CCGs was from 3.6 μm to 16.4 μm for the E297 sample (Figs. 2c and c1). In contrast, 
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the average grain size of equiaxed grains is about 690 nm for the E297 sample (Fig. 

2c2). There is a trend that the area fraction of UFGs decreased with decreasing laser 

energy density, which decreases from ~71.5% (E1188) to ~33.8% (E66). The SEM 

images (Figs. 2f, f1, and f2) further confirm the formation of a heterogeneous 

microstructure, and the white-contrasted phases can be observed in both the columnar 

and equiaxed grains.  

 

Fig. 2 Microstructure of the as-built Al6061Mod alloy. EBSD of the samples under 

different laser energy densities: (a) E = 1188 J/mm3, (b) E = 594 J/mm3, (c) E = 297 

J/mm3, (d) E = 149 J/mm3, (e) E = 66 J/mm3. (c1) and (c2) EBSD of E297 sample at 

higher magnifications. (f,f1,f2) SEM images showing the heterogeneous microstructure 

and formation of white-contrasted precipitates in the E297 sample. 

 

To gain a deeper understanding of the microstructure of the as-built Al6061 Mod sample, 

the TEM was adopted to analyze the precipitates. Figure 3 shows the bright (BF)/ 

HAADF and the corresponding energy dispersive spectrum (EDS) mapping images of 

the UFGs (Figs. 3a, 3b, 3a1-a8) and CCGs (Figs. 3c, d, c1-c10) in the as-built E297 

sample. The findings are listed below: 

(1) Mg/Si-enriched phase with size ranging from ~40 nm to ~120 nm, most likely to be 

the Mg2Si phase, formed to decorate along the boundary of both the UFGs (Figs. 3a2, 

a3) and CCGs (Figs. 3c2, c3). Additionally, Fe-enriched precipitates tend to form in the 

adjacent Mg/Si-enriched dispersoids [30,48] in both the UFG (Fig. 3a4) and CCG (Fig. 
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3c4) regions. This is perhaps due to the co-precipitation of Mg/Si-enriched precipitates 

and Fe-enriched precipitates.  

(2) Sc-enriched particles were detected in the interior and boundary of UFGs (Fig. 3a6), 

while no obvious Zr enrichment was detected along these Sc-enriched particles (Fig. 

3c6). Notably, evidence of Sc-enriched particles could also be detected in the CCG (Fig. 

3c6).  

(3) Several oxides were observed in the CCGs (Fig. 3c8), which are the possible Mg 

oxides. 

 

Fig. 3 STEM analysis of the UFGs and CCGs in the as-built sample. (a) BF and (b) 

HAADF images of UFGs. (a1)-(a8) show the corresponding EDS mapping images of 

the (a). (c) BF and (d) HAADF images of CCGs. (c1)-(c8) show the corresponding EDS 

mapping images of the (a1).To further characterize the structure of Sc-enriched 

precipitates, the microstructure characterizations were conducted based on selected area 

diffraction (SAED) patterns and HRTEM. The SAED pattern was taken along the [001] 
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zone axis, showing the super-lattice reflections from the L12-structured phase (Fig. 4a). 

Figure 4b shows the HRTEM image presenting the Al matrix and Al3Sc, whose L12 

structure is supported by the inset Fast Fourier Transformation (FFT). Figure 4c shows 

the interfacial coherence between the Al matrix and Al3Sc. 

 

Fig. 4 TEM image of as-built Al6061Mod sample. (a) TEM image taken from the UFGs 

showing the Al3Sc particle, as reflected by the circle. The inset shows the selected area 

diffraction pattern of the circled precipitate along [001] showing the superlattice 

reflections. (b) HRTEM image taken along the [001] zone axis. The inset shows the 

Fast Fourier Transformation (FFT) of the corresponding rectangular area. (c) HRTEM 

image showing the interface between Al and Al3Sc. 

 

3.2 Heat treatment effect on the microstructural evolution 

3.2.1 Selection of heat treatment profiles 

The following section studies the dependence of microstructure evolution on the heat 

treatment profiles for the E297 sample. Two heat treatment profiles were adopted. One 

is the T6 consisting of solution treatment (ST) at 530 ℃ for 5 h followed by aging at 

175 ℃ for 8 h. The other is direct aging at 300, 350, 400, and 450 ℃. Figure 5 shows 

the hardness evolution of the as-built Al6061Mod under various heat treatment 

conditions. The hardness increased marginally from 103.6 HV in the as-built state to 

about 108.3 HV after T6 heat treatment. As for DA, the dwelling temperature plays a 

significant role in influencing the hardness evolution. With the lowest DA temperature 

adopted in the present study (300 ℃), the hardness experienced a minor drop to about 

93.8 HV after aging for 5 mins, which might be associated with the annihilation of 

dislocations [49]. Then it increased to the peak value of about 124 HV after aging for 8 
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h and kept constant with the prolonged aging. Upon aging at 350 ℃, the microhardness 

increased to the peak value of about 124 HV for 4 h, and it remained at a similar level 

upon further aging. When directly aged at 400 and 450 ℃, the microhardness increased 

to the peak value of 123 HV and 117 HV for 1 h and 10 min, respectively. The shorter 

time to reach the peak hardness signifies the accelerated precipitation kinetics at higher 

temperatures [31,50,51]. The heat treatment conditions of T6 and DA at 350 ℃ for 4 h 

were studied in the following to understand the dependence of heat treatment on 

microstructure and mechanical properties.  

 

Fig. 5 The microhardness evolution of as-built Al6061Mod under various heat 

treatment conditions. 

 

3.2.2 T6 

The 3D OM image (Fig. 6a) shows that the melt pools become inconspicuous after T6 

heat treatment. The SEM (Figs. 6b-d) and EBSD (Figs. 6e-g) indicate that the grains 

undergo significant coarsening to an average grain size of about 5.3 μm (Fig. 6h). 

White-contrasted precipitates are observed in the interior of grains and along grain 

boundary (Figs. 6c and d). The EDS mapping (Figs. 6g1-g3) of the corresponding area 

in Fig. 6g indicates the presence of Sc and Zr-enriched precipitates. To further confirm 

the precipitates associated with T6 heat treatment, Fig. 7 presents the STEM-EDS 
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mapping of the as-built Al6061Mod after T6. Fe-Cr-enriched (Figs. 7a4 and a5) and Sc-

Zr-enriched (Figs. 7a6 and a7) particles were detected. Si tends to co-precipitate with 

the Fe-Cr-enriched and Sc-Zr-enriched particles. In another region, the Mg-Si-enriched 

particles were observed besides the Fe-Cr-Si-enriched and Sc-Zr-Si-enriched particles 

(Fig. S3 in the SI). Moreover, the co-precipitation of Fe-Cr-Si-enriched phase (Figs. 7a5, 

a6 and a7) and Sc-Zr-Si-enriched phase (Figs. 7a3, a6 and a7) were observed. 

Furthermore, the Mg-Si-enriched phase (Figs. 7a2 and a3) was observed to precipitate 

attaching to the surface of Fe-Cr-Si-enriched and Sc-Zr-Si-enriched particles. Finally, 

the SAED result (Fig. 7d) of Sc-Zr-Si-enriched particles (Figs. 7c, c1, c2, c3) indicateds 

it still retains the L12 structure. The Sc-Zr-Si-enriched precipitates with an average 

diameter of ~42 nm are possible (Al,Si)3(Sc,Zr) particles [52]. At the nanoscale, Mg-

Si-enriched phases were observed (Figs. 7e, e1, e2, and f) with two different 

morphologies. The lath-shaped particles are the possible L phase which was observed 

for the Cu-containing Al-Mg-Si alloy [53]. In contrast, the rod-shaped precipitates are 

possibly the β' and β'' phases during aging [54]. The detailed analysis of Mg-Si-enriched 

precipitates for T6 Al6061Mod deserves further investigation. 



14 
 

 

Fig. 6 Microstructure of the as-built Al6061Mod alloy after T6. (a) 3D OM image 

shows a high densification. (b-d) SEM images showing the heterogeneous 

microstructure and formation of white-contrasted precipitates. (e-g) EBSD images 

showing the grain size distribution. (g1-g3) EDS elemental mapping of the 

corresponding area in (g). (h) Grain size distribution of the T6 Al6061Mod sample. 
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Fig. 7 STEM microstructural characterization of the as-built Al6061Mod alloy after T6. 

(a) BF and (b) HAADF image of the samples. (a1-a8) STEM EDS mapping of the 

corresponding area in (a2). (c) BF, (c1-c3) EDS mapping, and (d) SAED of Sc-Zr-Si-

enriched particle. (e) BF, (e1,e2) EDS mapping, and (f) HRTEM image of the Mg-Si-

enriched precipitates.  

 

3.2.3 DA 

Figure 8 presents the microstructure after DA at 350 ℃/4 h. In contrast to the T6 

samples, the heterogeneous microstructure with a multimodal grain size distribution 

remains intact (Figs. 8a-d). The grain size undergoes quite a marginal coarsening, and 

the average grain size of UFGs, dave, was about 690 nm (Fig. 8e), similar to that in the 

as-built condition. Besides, evidence of Sc-rich precipitates was obvious based on the 

EBSD observation scale (Figs. 8c1, c2, and c3). 
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Fig. 8 Microstructure of the as-built Al6061Mod alloy after DA at 350 ˚C/4 h. (a-d) 

EBSD images showing the existence of heterogeneous microstructure with multimodal 

grain size distribution. (c1-c3) The EDS mapping of the corresponding area in c. (e) 

Grain size distribution in the ultrafine grain region. 

 

To gain a deeper understanding of the microstructure evolution at the nanoscale after 

DA, Fig. 9 shows the STEM and EDS mapping images of the UFGs. Mg-Si-enriched 

(Figs. 9a2 and a3), Fe-enriched (Fig. 9a4), and Sc-enriched (Fig. 9a6) particles could be 

observed. These Mg-Si-enriched particles are possibly Mg2Si particles. The HAADF 

STEM imaging performed along the <001> zone axis presents the circled Al3(Sc,Zr) 

particles with a diameter of ~5 nm (Fig. 9c). These secondary Al3(Sc,Zr) particles are 

coherent with the Al matrix (Fig. 9d).  
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Fig. 9 STEM and EDS mapping of the as-built Al6061Mod alloy after DA. (a) BF, (b) 

HAADF, (a1-a8) EDS mapping of the as-built Al6061Mod alloy. (c) HAADF-STEM 

image showing the L12-structured Al3(Sc,Zr) particles. (d) Magnified area in (c) 

showing the atomic coincidence across the interface between the Al matrix and 

Al3(Sc,Zr). 

 

3.3 Heat treatment effect on the evolution of mechanical properties 

3.3.1 Tensile property evolution under heat treatment 

The tensile properties of L-PBF Al6061Mod alloy under different processing and heat 

treatment conditions were systematically explored. The values of tensile properties are 

listed in Table 1. Figure 10a shows the tensile properties of the horizontally- and 

vertically-built E297 sample. The yield strength (σy) is ~325 MPa with an elongation to 

fracture (εf) of ~21.1% for the horizontal samples, while it is ~286 MPa and 18.3% for 

the vertically-built sample. Both the σy and εf are higher than those of wrought Al6061 

counterparts, which are 276 MPa and 12%, respectively [55]. During tension, the stress 

drops after yielding followed by a deformation plateau, which is due to activation of 
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the Lüders band with a total of ~9.3%. Subsequently, there is a marginal work hardening 

till fracture. Figure S4 in the SI shows an OM image of the sample deformed to ~4.2%, 

which presents the heterogeneous deformation behavior. The surface of the deformed 

region is characterized by the deformation bands while it is unobvious in the 

undeformed region. Figure 10b demonstrates the effect of printing parameters on the 

tensile properties. The E594 sample shows a relatively lower σy yet a higher εf compared 

to those E297 counterparts. For the E66 sample, the εf was not consistent due to the 

existence of a lack of fusion defects (Fig. S5 in the SI). In the meanwhile, the Lüders 

strain of ~5.7% is lower for the E594 sample relative to that of the E297 sample, and 

the E66 sample exhibits the lowest Lüders strain of ~4.5%. Figure 10c shows the tensile 

properties of the as-built E297 sample under various heat treatment conditions. To rule 

out the influence of natural aging on the tensile property, the tensile test was 

commenced immediately after quenching to water for the solution-treated (ST) samples. 

The ST samples exhibit a lower σy of ~111 MPa and the Lüders band reflected by the 

deformation plateau disappears. In the meanwhile, the Portevin-Le Chatelier (PLC) 

effect reflected as the jerky flow is observed in the ST samples [56]. After T6, the σy is 

enhanced to ~280 MPa with the absence of jerky flow. The DA at 350 ˚C/4 h yields the 

highest σy of ~ 383 MPa yet undergoes strain softening with no evidence of work 

hardening after yielding. The work softening leads to an εf of ~5.5%. To study the 

natural aging effect on the tensile property of ST specimens, Figure 10d indicates the 

tensile properties of ST Al6061Mod samples that were naturally aged at room 

temperature for different periods. After natural aging at room temperature for 15 days, 

the yield strength increases by ~71% to ~191 MPa and the jerky flow due to the PLC 

effect disappears [57]. When the natural aging time further proceeds to 30 days, the 

increase of yield strength is marginal to ~201 MPa, indicating that the natural aging for 

15 days almost reaches the saturated level. 
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Fig. 10 Tensile properties of the as-built Al6061Mod alloy under various conditions. (a) 

Tensile properties of as-built Al6061Mod sample along the horizontal and vertical 

directions. The inset image shows the evolution of Lüders band under these two 

conditions. The yield strength, ultimate tensile strength, elongation to fracture, and 

Lüders band strain were listed in the inset. (b) Laser energy density effect on the tensile 

properties of as-built Al6061Mod sample. The inset image shows the evolution of 

Lüders band under different laser energy densities. The yield strength, ultimate tensile 

strength, elongation to fracture, and Lüders band strain were listed in the inset. (c) Heat 

treatment effect on the tensile property of as-built Al6061Mod alloy with E297. (d) 

Natural aging effect on the tensile properties of the as-built Al6061Mod alloy after 

solution treatment.  

 

The high-temperature tensile properties of the E297 sample under different heat 

treatment conditions are shown in Fig. 11a. The σy decreases to ~ 200 MPa and ~ 172 

MPa when the testing temperature increases to 200 and 240 ℃, in conjunction with an 

increase of εf to ~30.5% and 33.7%, respectively, for the as-built Al6061Mod. Though 
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the DA specimen exhibited a higher σy relative to that of as-built samples, the σy is 

similar when tested at 200 ℃. In the meantime, the DA Al6061Mod exhibited a poorer 

ductility relative to that of the as-built sample when tested at 200 ℃. The insignificant 

enhancement of yield strength after DA is also reported in an Al‒Cu‒Ce(‒Zr) alloy [58]. 

The high-temperature tensile properties of the present alloy were benchmarked with 

those of AlSi10Mg [59], Al‒10Ce‒8Mn [60], Al‒10.5Ce‒3.1Ni‒1.2Mn [61], Al‒5.7Ni 

[62], and AA8009 [63] (Figs. 11b-d). It can be observed that the as-built Al6061Mod 

exhibits a higher yield strength relative to that of workhorse AlSi10Mg alloy and a 

creep-resistant Al‒10.5Ce‒3.1Ni‒1.2Mn alloy [61]. However, there is much room for 

improvement in strength as compared with that of AA8009 alloy. 

 

Fig. 11 (a) High-temperature tensile property of Al6061Mod alloy. (b) Yield strength, 

(c) ultimate tensile strength, and (d) elongation to fracture benchmarked with those  

of other Al alloys, including the AlSi10Mg [59], Al‒10Ce‒8Mn [60], Al‒10.8Ce‒

3.1Ni‒1.2Mn [61], Al‒5.7Ni [62], and AA8009 [63].  

 

Table 1: Tensile properties of the Al6061Mod alloy under different processing and heat 
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treatment conditions. In the direction column, H (V) stands for horizontal (vertical) 

direction, indicating that the loading direction is perpendicular (parallel) to the building 

direction. σy: Yield strength, σUTS: Ultimate tensile strength, εf: Elongation to fracture, 

εLB: Strain of Lüders band. Δσ: Difference between σUTS and σy, to reflect the work 

hardening ability. The mechanical properties of the wrought Al6061 sample  

are cited from Ref. [55].  

 

3.3.2 Fracture surface and fracture mechanism 

Figure 12 shows the fracture surfaces of the Al6061Mod samples under different 

conditions. The as-built specimens (Figs. 12a, a1, and a2) exhibit dimples while the 

cleavage fracture near the pores could be occasionally observed. Though the εf is lower 

after DA at 350˚C/4h, the fracture surface is still dominated by the ductile dimples (Figs. 

12b, b1, and b2). After T6 (Figs. 12c, c1, and c2) and ST (Figs. 12d, d1, and d2), more 

porosities (as shown by the arrows) were observed because the gas porosities tended to 

expand during the solution treatment, which has also been reported during ST of L-PBF 

Al‒Si‒Mg alloys [64,65]. At the microscale, the fracture surface is dominated by the 

dimples. When the loading direction is parallel to the building direction, the remnants 

of laser tracks (Figs. 12e and e1) are observed from the surface, i.e., the perpendicular 

Sample Condition Temperature 

( ℃) 

Direc

tion 

σy 

 (MPa) 

σUTS 

(MPa) 

εf 

(%) 

εLB 

(%) 

Δσ 

(MPa) 

E297 

As-built 

RT 
H 325±6 326±7 21.1±0.3 9.3±0.4 1 

V 286±5 315±3 18.3±0.7 6.9±0.4 29 

200 H 200±11 231±7 30.5±8.1 - 31 

240 H 172±8 185±13 33.7±4.5 - 13 

DA 
RT H 383±3 397±3 5.5±0.7 - 14 

200 H 216±16 221±10 24.2±0.1 - 5 

T6 RT H 280±7 345±2 15.3±1.7 - 65 

ST + NA (0 h) RT  H 111±7 244±7 24.9±2.3 - 133 

ST + NA (15 

days) 

RT H 190±2 326±1 23.5±0.9 - 136 

ST + NA (30 days) RT H 201±6 335±7 22.6±0.7 - 134 

E594 As-built RT H 316±9 326±5 23.9±1.4 6.7±0.2 10 

E66 As-built RT H 303±2 321±2 16.2±4.3 4.5±0.2 18 

Wrought 

Al6061 
T6 RT - 276 310 12 - 34 
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laser scanning patterns. Fine dimples at higher magnifications (Figs. 12e2 and e3) 

suggest the dominant ductile fracture at room temperature. 

 

Fig. 12 Fracture surface of L-PBF Al6061Mod with E297 under different conditions. 

(a) as-built sample in the horizontal direction; (b) DA sample at 350 ℃/4h; (c) T6 

sample; (d) ST samples; (e) as-built sample in the vertical direction.  
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4. Discussion 

4.1 “Processing-Microstructure” relationship during L-PBF 

During the L-PBF process, the interaction between the laser and powders involves 

multiple physical and chemical phenomena across various length scales [66]. The rapid 

cooling rate and repeated thermal cycles encourage the formation of non-equilibrium 

metastable microstructures [67]. Furthermore, the thermal history and cooling rate are 

spatially different even in a melt pool. It has been calculated that the cooling rate is 

~106 K/s along the melt pool boundary while it increased to 3 × 107 K/s at the top of 

melt pools during L-PBF Al6061 [68]. The heterogeneous distribution of cooling rate 

has also been reported for iron-carbon steel fabricated via L-PBF [69]. The relatively 

slower cooling rate can leverage the nucleation and growth of L12-structured primary 

Al3(Sc,Zr) particles, providing the heterogeneous nucleation sites and refining the Al 

matrix grains. However, the enhanced cooling rate towards the center of melt pools can 

solute trap the Sc and Zr atoms into the matrix, suppressing the formation of primary 

Al3(Sc,Zr) particles. Without the primary Al3(Sc,Zr) particles, the grain growth is 

assisted with the epitaxial grain growth mode. Such heterogeneous nucleation driven 

by the primary Al3(Sc,Zr) particles can also explain the dependence of laser energy 

density on the microstructure evolution. A lower laser energy density and the concurrent 

faster cooling rate results in a more significant solute trap of Sc and Zr, leaving fewer 

primary Al3(Sc,Zr) to refine the grains, engendering a lower fraction of UFGs [70].  

 

The present work indicates that the laser energy density can effectively tailor the 

microstructure, such as the multimodal grain size distribution, by influencing the 

nucleation time for the primary Al3Sc particles, which are the nucleation sites for the 

UFGs. Besides the scanning speed, the hatch spacing [71] and the laser remelting [72] 

have also been adopted to tailor the microstructure of L-PBF Al alloys. 
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4.2 “Microstructure˗Mechanical property” relationship  

(i) Mechanical isotropy and heat treatment effect 

The as-built Al6061Mod with E297 does not exhibit obvious tensile property 

anisotropy along the horizontal and vertical directions, since equiaxed UFGs can 

mitigate the mechanical anisotropy for applications [73]. The as-built Al6061Mod 

samples exhibit a high εf of ~21.1%, in which the Lüders strain constitutes a large 

portion (~9.3%). The propagation of the Lüders band can be observed from Fig. S4 in 

the SI. Furthermore, the mechanical property regime of L-PBF Al6061Mod alloy can 

be extended in a broad window either by tailoring the process parameters or post-heat 

treatment. Though the laser energy density does not significantly influence the strength, 

it can alter the deformation behavior as reflected by the Lüders strain (Fig. 10b). The 

microstructure information enables us to interpret the dependence of laser energy 

density on the tensile property can be explained from the following perspectives. On 

the one hand, decreasing the laser energy density can enhance the solute trap of Sc and 

Zr into the Al matrix, causing a higher contribution from solid solution strengthening. 

On the other hand, a lower laser energy density leads to a smaller volume fraction of 

UFGs. The total contribution of laser energy density on the yield strength is the 

balanced product of solid solution strengthening and grain boundary strengthening. 

Compared with the tailoring of printing parameters, the heat treatment is more robust 

in tailoring the yield strength and ductility (Fig. 10d). After solution treatment at 

530 ℃/5h, the yield strength decreases sharply to ~111 MPa for the samples 

immediately after solution treatment. However, the solution-treated Al6061Mod is in a 

metastable non-equilibrium state, and the natural aging can harden the alloy (Fig. 10e). 

The yield strength is enhanced to ~280 MPa after aging at 175 ℃/16 h. As compared 

with the conventional T6 heat treatment, the direct aging yields a higher yield strength 

of ~383 MPa. The difference in yield strength is ascribed to the following reasons: (i) 

For the T6 heat treatment, the grains undergo significant grain coarsening. Meanwhile, 

the coarsening of (Al,Si)3(Sc,Zr) particles can deteriorate the yield strength. (ii) For the 

DA 350 ℃/4h sample, the precipitation of nano-sized secondary Al3(Sc,Zr) particles 
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provides a significant strengthening, enabling a high yield strength. However, the 

sample does not exhibit work hardening, and strain softening leads to poor plasticity. 

This indicates that the DA, which is an appropriate heat treatment route for Sc- and Zr-

modified Al alloys [50], does not work well for the Sc-and Zr-modified Al6061 alloy. 

It is necessary to explore more appropriate heat treatment profiles for L-PBF 

compositionally-modified Al6061 alloys other than direct aging and traditional T6 heat 

treatment profile due to their specially designed composition and resultant 

microstructure. It should be noted that the peak-aged Al6061Mod alloy does not 

engender higher yield strength when tested at 200 ℃ even though the prevalence of 

nano-sized Al3(Sc,Zr) particles. A similar result has been reported for the Al-9Cu-6Ce-

1Zr [58] alloy and AlMgZr alloy [40]. It has been rationalized via the coarsening of 

intermetallic particles at the grain boundaries and the enhanced grain boundary sliding 

[40]. In the present work, the coarsening of intermetallic particles along the grain 

boundary is not investigated in detail, and future work needs to be conducted to 

understand the lack of strengthening for peak-aged Al6061Mod at elevated 

temperatures. 

 

(ii) Plasticity behavior  

Apart from tailoring the strength, the printing parameters and heat treatment influence 

the deformation behaviors of L-PBF Al6061Mod as well. One specific example is the 

formation of the Lüders band, which has been commonly observed for the Al alloys 

with UFGs fabricated with either L-PBF [22,50] or cryo-milling [74], or equal channel 

angular extrusion (ECAE) [75]. After decreasing the laser energy density from 297 

J/mm3 to 66 J/mm3 concurrent with a decreased area fraction of UFGs, the Lüders strain 

drops from ~9.3% to ~4.5%. This can be attributed to the fact that the boundaries of 

UFGs serve as sinks of dislocations, enhancing the dynamic recovery and reducing the 

strain hardening [76]. With increasing laser energy density from 297 J/mm3 to 594 

J/mm3, the reduction of Lüders strain from ~9.3% to ~6.7% is perhaps associated with 

the higher fraction of UFGs which limits the propagation of the Lüders band, 

manifesting as a lower Lüders strain. Comparatively, the heat treatment is more robust 
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in tailoring the Lüders strain. For the ST and T6 samples, the Lüders band diminishes 

due to the grain coarsening to a dave = 5.3 μm, where the grain boundaries of coarse 

grains no longer annihilate the dislocations. Relatively, the specimen exhibits work 

softening after yielding where no Lüders strain is observed for the DA 350 ℃/4h, which 

is attributed to the increased flow stress resulting in the activation of plastic instability 

[77]. 

 

Apart from the Lüders band, obvious serrations were observed called as PLC effect for 

the Al6061Mod after ST (Fig. 11e), which is due to the interaction between the solute 

atoms and dislocations [78-81]. After room temperature aging for 15 days, the yield 

strength increases to ~191 MPa from ~112 MPa for the ST sample due to precipitation 

of Mg and Zn-enriched phase. Co-currently, the PLC effect diminishes due to the 

exhaust of solute atoms by forming the Mg-Si-enriched precipitates. When the sample 

was further room temperature aged for 30 days, the yield strength increased marginally 

due to slower precipitation kinetics of Mg and Zn in this period (room temperature 

aging from 16-30 days) relative to that in the first period (room temperature aging from 

0-15 days) and 30 days or aging.  

5. Conclusion 

Crack-free Sc- and Zr- modified Al6061 alloy with a sound printability is additively 

manufactured by L-PBF. The microstructure and mechanical properties of as-fabricated 

Al6061Mod samples are tailored in a broad regime by modifying the process 

parameters and post-heat treatment profiles. The main findings of the present work can 

be drawn as below: 

(1) The L-PBF Al6061Mod samples exhibit multi-modal grains consisting of coarse 

columnar grains (CCGs) and ultrafine grains (UFGs).  

(2) The fraction of UFGs and CCGs of Al6061Mod is influenced by the laser energy 

density. A higher laser energy density engenders a higher fraction of UFGs, contributed 
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by a longer time to allow for the precipitation of primary Al3(Sc,Zr) particles. 

(3) The microstructure and mechanical performance of the as-built Al6061Mod can be 

broadly tailored via post-heat treatment. 

(i) Conventional T6 heat treatment triggers the coarsening of grains (grain size of ~ 

5.3 μm) and (Al,Si)3(Sc,Zr) particles (~ 42 nm), resulting in a lower yield strength (~ 

280 MPa).  

(ii) DA at 350 ℃ promotes the precipitation of nano-sized Al3(Sc,Zr) particles 

(diameter of ~ 5 nm) while maintaining the bimodal grains and grain size, imparting 

a higher yield strength (~383 MPa) yet work softening. 

(iii) DA at 350°C engenders a higher yield strength relative to that of the as-built 

sample at room temperature. However, the yield strength is similar for DA and as-

built samples when tested at 200°C.  
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