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Abstract: The tensile and fatigue behavior of an accumulative roll bonded 18 

Cu/Nb laminate material was investigated experimentally and numerically by 19 

means of crystal plasticity finite element simulations. The material exhibited a 20 
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slight anisotropy in tensile strength and ductility when deformed either along 21 

the rolling or transverse direction. This anisotropy was attributed to the strong 22 

crystallographic texture of the Nb phase resulting in a higher stress and strain 23 

partitioning when the loading direction was along the transverse direction. 24 

Four-point bending fatigue tests were then conducted and revealed apparently 25 

higher fatigue life when the tensile axis was aligned with the rolling direction 26 

which was attributed to anisotropic texture in the Nb layers leading to longer 27 

crack incubation period and lower crack growth rate. The analysis of a fatigue 28 

indicator parameter based on the Tanaka-Mura model and the Fatemi-Socie 29 

criterion confirmed the longer nucleation period for the rolling direction 30 

specimen. 31 

Keywords: Cu/Nb, Accumulative roll bonding, Crystal plasticity, Fatigue, 32 

Crack initiation. 33 

1. Introduction 34 

Heterophase metallic multilayer materials, composed of alternating layers 35 

of dissimilar metals with thicknesses ranging from several millimeters to a few 36 

nanometers, have garnered increasing interest as a new design approach for 37 

structural materials with improved mechanical properties compared to bulk 38 

single-phase materials1-2. Traditional fabrication methods, such as 39 

electrodeposition or physical vapor deposition (PVD), allow precise control of 40 

layer thicknesses and crystal orientation relationships at interfaces, but are 41 

limited to producing materials in the form of thin films3-6. Recent advances in 42 

severe plastic deformation (SPD) processes, particularly accumulative roll 43 
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bonding (ARB), have enabled the fabrication of bulk nanolaminates, such as 44 

copper/niobium (Cu/Nb) nanolaminates, opening the door for their use as 45 

structural materials6-8. 46 

The effect of the ARB process on the layer thickness distribution, texture 47 

development, orientation relationship at interfaces and mechanical behavior of 48 

Cu/Nb composites has been extensively studied both experimentally6-10, 49 

theoretically11, and numerically12-17. The strain accumulation during repeated 50 

rolling in the ARB process causes significant changes in texture for both the 51 

body-centered cubic (bcc) Nb phase and the face-centered cubic (fcc) Cu phase. 52 

The Nb phase tends to exhibit strong α-fiber and γ-fiber that are characteristic 53 

of rolled fcc crystals while the Cu phase shows a dominance of Copper 54 

{112}<111> and Goss {110}<001> components but with lower intensity than 55 

in the Nb phase5-6. The strength of the fiber texture was observed to be highest 56 

at grains near Cu/Nb interfaces. The texture evolution with the ARB process is 57 

different from that of rolled single phase Cu and Nb which was inferred to be 58 

due to the Cu/Nb interface preventing dynamic recrystallization5-6. Indeed, the 59 

continuous crystal reorientation due to the ARB process results in a specific 60 

orientation relationship at the Cu/Nb interface18 which was not observed in the 61 

cases of Al/Nb interfaces19-20, although both are fcc/bcc nanolayers with 62 

similar initial microstructures. At the difference of the Kurdjumov-Sachs (KS) 63 

or Nishiyama-Wasserman (NW) orientation relationship, {111}Cu||{110}Nb, 64 

observed in PVD for the plane interface, the Cu/Nb interface in ARB composite 65 

is {112}Cu||{112}Nb2,5 and semi-coherent which was found to be metastable by 66 

crystal plasticity finite element (CPFE) simulation of bicrystal12. The yield 67 

strength was found to be length-scale dependent, generally increasing 68 
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monotonically with the decrease in the layer thickness, following a Hall-Petch 69 

type relationship, while the ductility showed the opposite trend10. The Hall-70 

Petch relationship was found to predict the strength for layer thickness as low 71 

as 5 nm11. Other strengthening mechanisms such as the single-dislocation-72 

based confined layer slip (CSL) model may be applied for lower thicknesses21. 73 

Significant in-plane strength anisotropy between the rolling direction (RD) and 74 

the transverse direction (TD) was also reported and was argued to be due to the 75 

strong crystallographic texture based on visco-plastic self-consistent (VPSC) 76 

simulations10. 77 

To be suitable as structural materials, it is important to understand not only 78 

the deformation behavior but also the failure mechanisms under both 79 

monotonic and cyclic loading. In PVD Cu/Nb nanolaminates, decreasing the 80 

layer thickness resulted in a transition from brittle opening fracture to a more 81 

ductile shear mode, with a similar trend observed when decreasing the 82 

thickness of the Cu phase compared to the Nb phase, highlighting the ductile 83 

and brittle characteristics of each phase22. A fracture toughness model that 84 

considered the effect of different layer thicknesses and used linear elastic 85 

fracture mechanics accurately predicted these observations22. In-situ bending 86 

of micro-beam ARB Cu/Nb specimens along the RD and TD direction and 87 

containing a micro-notch revealed a strong anisotropy and orientation 88 

dependence of the interface shear strength and individual layer strengths on 89 

failure behavior23-24. Molecular dynamics simulations confirmed that the 90 

Cu/Nb {112}Cu||{112}Nb interface of ARB samples does not shear in the RD 91 

while the shear strength along the TD was found to be about 1.2 GPa25. 92 

To the authors’ best knowledge, the fatigue behavior of ARB Cu/Nb 93 
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materials have not been clarified yet. Thus, the objective of the present work 94 

is to investigate the effect of the loading direction on the tensile and fatigue 95 

behavior of a Cu/Nb laminates by means of experimental analyses and CPFE 96 

simulations. 97 

2. Material and method 98 

2.1 Material 99 

The material investigated was a Cu/Nb laminate procured from Takefu 100 

Special Steel Co. Ltd. (Japan) containing equal volume fraction of Cu and Nb 101 

and fabricated by ARB from pure Cu and Nb sheets. At first, Nb and Cu sheets 102 

were stacked and sealed within a container. It was then rolled to a 1 mm 103 

thickness plate, unsealed, and cut into smaller pieces. The process was repeated 104 

until obtaining a sheet containing 500 layers (250 Nb and 250 Cu). The material 105 

on the surface of the final sheet was always the Cu phase. 106 

The final microstructure was examined by means of optical microscopy 107 

(OM) and electron backscatter diffraction (EBSD) measurement using a field 108 

emission scanning electron microscope (SEM, JEOL JSM-4700F) at an 109 

acceleration voltage of 20 kV. 110 

Tensile tests were carried out on flat dog-bone specimens with the tensile 111 

axis aligned along either the RD or the TD. The gauge dimensions were 20 x 4 112 

x 1 mm. The tests were performed on a servo-hydraulic machine under strain 113 

control, with a constant strain rate of 1.0 x 10-3 s-1. The strain was controlled 114 

and measured by a 5-mm clip-on extensometer.  115 

Four-point bending fatigue tests were carried out on a micro-testing 116 
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machine (SHIMADZU Micro-servo MMT-500N), with a stress ratio R=0.1 and 117 

a frequency f=20 Hz. Specimens with a rectangular cross section of 5 x 1 mm 118 

were machined with the tensile axis aligned either along the RD or TD. The 119 

loading span corresponded to 1/3 of the support span which was set to 30 mm. 120 

The fatigue tests were carried out until failure or until 107 cycles. A 45° 121 

inclined mirror was positioned below the specimen surface subjected to a 122 

tensile stress and a digital microscope was employed to observe the time of 123 

appearance of micro-cracks in-situ by interrupting the tests at regular cyclic 124 

intervals (1000 cycles in the present work). The tensile surface of the 125 

specimens was polished with a P4000 silicon carbide paper to reduce the initial 126 

surface roughness. 127 

2.2 Crystal plasticity model 128 

To clarify the effect of the loading direction on the local elasto-plastic 129 

response of the microstructure at the grain scale, crystal plasticity finite 130 

element simulations were carried out on synthetic microstructures. To this end, 131 

a phenomenological rate-dependent crystal plasticity model was employed. 132 

Assuming plastic deformation in both Cu and Nb phase is carried out by 133 

dislocation slip on 𝑁௦  slip systems, the plastic velocity gradient is defined 134 

as26-27: 135 

where 𝛾ሶ଴  is the reference shear rate taken as 10-3 s-1, n is the strain rate 136 

exponent, 𝜏ఈ is the resolved shear stress and 𝜏௖ఈ is the critical resolved shear 137 

stress (CRSS) on the slip system α of direction and normal vectors 𝒎ఈ and 138 

𝒏ఈ, respectively. Twelve ሼ110ሽ〈111〉 and twelve ሼ112ሽ〈111〉 slip systems are 139 

𝑳௣ ൌ ∑ 𝛾ሶ଴ ቚ
ఛഀ

ఛ೎ഀ
ቚ
௡
𝑠𝑔𝑛ሺ𝜏ఈሻ𝒎ఈ⨂𝒏ఈேೞ

ఈୀଵ , (1) 
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considered for the bcc Nb phase while twelve ሼ111ሽ〈110〉 slip systems are 140 

active in fcc Cu. The evolution of the CRSS follows a Voce-type law: 141 

with 142 

𝜏଴ఈ , 𝜏଴ఈ ൅ 𝜏ଵఈ , 𝑏ଵఈ  are the initial strength, the saturated strength and initial 143 

hardening rate of the slip system α, respectively. Γ௦ is the total shear strain, 144 

ℎఈ఍ is the interaction coefficient between the slip systems α and ζ, set to 1 for 145 

simplicity, and 𝛾ሶ௦
఍  the shear strain rate on the slip system ζ. The crystal 146 

plasticity model was implemented as a user-material (UMAT) for the FE 147 

software Abaqus following the forward gradient time integration scheme. 148 

 149 

3. Results and Discussion 150 

3.1 Microstructure analysis and modeling 151 

Fig. 1(a-b) presents an EBSD map on the RD face, using inverse pole figure 152 

(IPF) color coding to distinguish the Cu and Nb phases. The layers were not 153 

entirely uniform, with individual layer thicknesses ranging from 1-2 μm to 30-154 

40 μm for both phases, and each layer exhibiting some degree of waviness 155 

along the normal direction (ND). Table 1 provides the mean and standard 156 

deviation of layer thicknesses for each phase, which averaged around 6 μm. 157 

𝜏௖ఈ ൌ 𝜏଴ఈ ൅ 𝜏ଵఈ ൭1െ 𝑒
ି௕భ

ഀ

ఛభഀ
୻ೞ൱, (2) 

𝜏ሶ௖ఈ ൌ
ௗఛ೎ഀ

ௗ୻ೞ
∑ ℎఈ఍ห𝛾ሶ௦

఍หேೞ
఍ୀଵ . (3) 
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The grain shape is highlighted in the grain boundary misorientation map in Fig. 158 

1(c). To characterize the grain morphology of each phase statistically, each 159 

grain was approximated with an ellipse having a major axis (a) and aspect ratio 160 

(b/a), using a misorientation angle of 5° as the threshold for identifying grains. 161 

Fig. 1(d-g) displays the probability distributions of grain major axis size and 162 

aspect ratio for the two phases. The Cu phase had a relatively coarse 163 

microstructure, with an average grain major axis of 11 μm, elongated along the 164 

layer direction and a mean aspect ratio of 0.33. In contrast, the Nb phase 165 

exhibited a heavily refined grain structure, with an average grain major axis of 166 

approximately 3 μm and a mean aspect ratio of 0.2. Most grains in both phases 167 

were inclined parallel to the layer direction, and the coarse layers were 168 

composed of multiple grains stacked along the ND. 169 

In Fig. 1(a), the IPF map of the Cu phase revealed local variations in crystal 170 

orientation within each grain, indicating high retained plastic strain. 171 

Additionally, multiple {111}<112> twins were observed. In contrast, the Nb 172 

phase showed a nearly uniform orientation map, with most grains having one 173 

of their <110> directions parallel to the RD. The orientation distribution 174 

functions (ODFs) for the Cu and Nb phases are presented on the {100}, {110}, 175 

and {111} pole figures, as well as on the IPF along the RD, in Fig. 2. The Cu 176 

phase exhibited a weak texture, with a maximum index value close to 2.5. A 177 

weak Brass orientation {110}<1-12> was also observed on the IPF in Fig. 2(c). 178 

In contrast, the Nb phase showed almost a single crystal texture, with a peak 179 

texture index value above 5 localized on the {110} pole figure near the RD. 180 

This orientation corresponds to an α-fiber texture (<110>||RD), as confirmed 181 

by the IPF in Fig. 2(d). A weak γ-fiber texture (<111>||ND) was also present. 182 
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These results are consistent with previous studies by Carpenter et al.5, which 183 

extensively analyzed the texture evolution of the two phases as a function of 184 

layer thickness. The study showed that as the layer thickness decreased, the Nb 185 

phase tended to continuously evolve towards a single orientation component, 186 

while multiple orientations were still observable in the Cu phase at all length 187 

scales. 188 

The EBSD measurement data was used to generate a synthetic 189 

microstructure using a multi-scale anisotropic Voronoi tessellation procedure 190 

28-29, which involved fitting the statistical data to probability distributions (Fig. 191 

1) and randomly sampling ellipses for each phase within a 200 μm x 200 μm 192 

domain composed of multiple layers. An anisotropic tessellation was applied 193 

to each layer to preserve its shape, and crystal orientations were assigned to 194 

each grain using the ODF of each phase and an algorithm that accounts for the 195 

effect of grain size30. To isolate the effect of crystal orientation from that of 196 

grain morphology, the same microstructures were used for specimens deformed 197 

in the RD and TD, with crystal orientations rotated by 90° around the ND. An 198 

example of the resulting microstructure and IPF maps for RD and TD 199 

specimens is shown in Fig. 3. The model comprised approximately 2500 grains 200 

and was meshed with 8-node brick elements with reduced integration (C3D8R) 201 

of size 0.5 μm, resulting in a total of 160,000 elements. 202 

3.2 Tensile behavior 203 

The stress-strain curves obtained from the tensile tests conducted along the 204 

RD and TD are reported in Fig. 4. It can be observed that the yield stresses at 205 

0.2% offset were nearly identical along the two directions, with a value of 206 
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about 370 MPa. However, the tensile stress was higher in the TD with a value 207 

of about 440 MPa, indicating a slightly higher work hardening behavior. Both 208 

directions showed limited ductility, with a maximum elongation to failure of 209 

about 2% for the RD specimen. The fracture surfaces of the tensile specimens 210 

were observed by SEM and are shown in Fig. 5. It was found that both 211 

specimens exhibited the presence of flat, cleavage-like surfaces, which are 212 

typical of brittle fracture. However, there were also areas with ductile void 213 

formation, indicated by the presence of dimples on the fracture surfaces. This 214 

suggests that the failure mechanism for these specimens was a combination of 215 

brittle and ductile fracture, in agreement with reported literature22.   216 

To better understand the effect of in-plane anisotropy on the tensile 217 

behavior of the material, crystal plasticity parameters were determined through 218 

inverse analysis by matching the experimentally measured stress-strain curves 219 

with those predicted by numerical simulations. The microstructures shown in 220 

Fig. 3 were subjected to uniaxial tensile strain with the boundary conditions as 221 

depicted in Fig. 3(a). To ensure a uniform out-of-plane displacement, multi-222 

point constraints (MPCs) were applied to nodes on the front face (z=0.5 μm) 223 

while the back face (z=0 μm) was blocked in the out-of-plane direction. Elastic 224 

constants for the two phases were obtained from literature sources12. In the 225 

case of the Nb phase, it was assumed that the strength and hardening behavior 226 

of the two slip system families were identical. The crystal plasticity parameters 227 

estimated through inverse analysis are summarized in Table 2, and the resulting 228 

numerical stress-strain curves are presented in Fig. 4. The agreement between 229 

the predicted and experimental curves is acceptable, and the strength 230 

anisotropy between the two directions was successfully reproduced. The 231 
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estimated CRSSs for the two phases indicate that the strength of the Nb phase 232 

is higher than that of the Cu phase, which is consistent with previous 233 

reports10,13-14. 234 

Fig. 6(a-d) illustrates the von Mises stress field at the 2% applied strain for 235 

of the microstructures shown in Fig. 3 under uniaxial tensile strain along either 236 

the RD or TD. The stress distribution between the two phases and the two 237 

loading directions exhibits significant heterogeneity, with the von Mises stress 238 

being higher in the Nb phase, particularly in the vicinity of some interfaces. 239 

This large stress gradient is likely the underlying cause of the cleavage-like 240 

facets observed on the fracture surface. It is noteworthy that the von Mises 241 

stress is greater in the Nb phase when loaded along the TD (Fig. 6(c-d)), which 242 

can be attributed to the presence of an α-fiber texture (<110>||RD). Indeed, Nb 243 

grains oriented close to this texture tend to exhibit a lower maximum Schmid 244 

factor in average when deformed along the TD than along the RD. This may 245 

also explain the slightly higher tensile strength in this direction. The low 246 

ductility of the material, compared with Nizolek et al.10, may be attributed to 247 

its intial states where Cu grains exhibit significant orientation spread 248 

suggesting they are already highly deformed. 249 

The equivalent plastic strain field, shown in Fig. 6(e-h), further reveals 250 

strain partitioning between the two phases and within each phase between 251 

grains. Overall, the plastic activity is predicted to be higher in the Cu phase 252 

due to the lower slip strength, with peak intensity of approximately 6% at 2% 253 

applied strain. However, some regions of the Nb phase also exhibit some degree 254 

of plastic deformation, which often corresponds to the domain between two 255 

highly deforming Cu grains on either side of a Nb layer. The discrepancy in 256 
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strength between the two phases results in early strain localization in some Cu 257 

grains, particularly near Cu/Nb interfaces, leading to the emergence of shear 258 

bands that propagate across multiple layers and are oriented approximately 45° 259 

from the loading direction. This observation is similar to that of Koga et al.32 260 

in the case of a multilayered ferrite/martensite steel sheet who observed similar 261 

plastic activity within the soft ferrite and hard martensite. However, not all the 262 

highly deformed regions in the Cu phase necessarily propagated through the 263 

adjacent Nb layer to form large shear bands, indicating a potential orientation 264 

relationship dependence between the two phases for shear banding. This is 265 

consistent with previous findings by Jia et al.14-15, who demonstrated that the 266 

development of shear bands is highly dependent on the initial orientation of the 267 

two crystals at a given interface. In particular, the presence of the Brass 268 

orientation observed in the Cu phase may easily activate shear banding. 269 

3.3 Fatigue behavior 270 

Fig. 7 shows the maximum stresses plotted against the number of cycles to 271 

failure for the four-point bending high-cycle fatigue experiments. The arrow 272 

indicates a runout specimen. Notably, fatigue life in the RD was found to be 273 

higher than in the TD. In-situ observation by OM enabled the determination of 274 

the number of cycles for crack initiation, which was predominantly found to 275 

occur below the two loading pins on the outer tensile surface due to the positive 276 

stress ratio (R=0.1). It is worth mentioning that for all samples exhibiting a 277 

fatigue crack, cracks were observed to initiate in the (Cu phase) outer surface 278 

layer. Crack initiation life represented between 35 to 75% of the total fatigue 279 

life. Interestingly, cracks tended to nucleate later for specimens loaded in the 280 
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RD than in the TD for the same maximum stress, indicating the possible 281 

influence of the crystallographic texture. 282 

To investigate the effect of texture on crack initiation, CPFE simulations 283 

were conducted on multiple synthetic microstructures subjected to four-point 284 

bending fatigue conditions. The simulation employed a sub-modeling approach, 285 

as illustrated in Fig. 8 and following previous works28,31. First, a three-286 

dimensional macroscopic simulation representing half of the four-point 287 

bending condition was performed. The material behavior was assumed to be 288 

isotropic elasto-plastic, with the properties extracted directly from the tensile 289 

test results presented in Fig. 4. The specimen was then subjected to ten loading 290 

cycles. Next, the nodal displacements obtained from the macroscopic 291 

simulation were directly applied as boundary conditions to the edges of the 292 

synthetic microstructure (as shown in Fig. 8(c)). The front and back faces are 293 

subjected to an imposed z-displacement extracted from the macroscopic 294 

simulation. To ensure accuracy, the mesh of the macroscopic model was refined 295 

in the region of the imposed displacements (see Fig. 8(b)).  296 

Fig. 9 displays an example of von Mises stress at peak load and equivalent 297 

plastic strain field accumulated after 10 loading cycles with a maximum stress 298 

of 300 MPa. The comparison of these fields with the uniaxial condition 299 

presented in Figure 6 reveals significant differences in terms of their spatial 300 

distribution and intensity. The bending condition leads to a higher intensity of 301 

both Mises stress and accumulated strain near the tensile surface, which 302 

decreases as we move deeper into the material. In contrast, the tensile 303 

simulations result in a more homogeneous distribution of both fields. Moreover, 304 

the plastic strain field under bending conditions is more heterogeneous, with a 305 
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significant absence of shear bands propagating across different layers. Instead, 306 

the strain is mostly confined within the Cu layers. The Nb layers, on the other 307 

hand, exhibit lower plastic activity, but the Mises stresses at peak load are 308 

higher. The comparison of the plastic activity between RD and TD shows 309 

slightly higher accumulated strain at the outer surface in the TD case 310 

suggesting a directional dependence of the accumulated plastic strain. 311 

To better understand the potential cause of the discrepancy in fatigue crack 312 

initiation cyclic number, a critical plane fatigue indicator parameter (FIP) 313 

based on the combination of the Fatemi-Socie33 and Tanaka-Mura34 criteria was 314 

investigated. The FIP is defined by35-36: 315 

where ∆𝛾ఈ  and 𝜎௡௡ఈ  are the shear strain accumulated in one cycle and the 316 

maximum normal stress on the slip system α, respectively. 𝑘 is a parameter 317 

taken to 0.5 and 𝜎௬  is the yield stress. The number of cycles for crack 318 

initiation is generally assumed to be proportional to the inverse of the FIP30. 319 

The FIP was analyzed for each individual Cu grain on the tensile surface, along 320 

multiple potential crack paths (PCPs) of lengths 𝑑ఈ that were defined as the 321 

intersection between the slip plane of the slip system α, the normal surface, 322 

and the grain boundaries. As such, ∆𝛾ఈ and 𝜎௡௡ఈ  correspond to the average 323 

shear strain and normal stress along the PCP. The detailed procedure for this 324 

investigation is outlined in previous research28-29. This approach allows for a 325 

more comprehensive analysis of the potential factors contributing to fatigue 326 

crack initiation, as it explicitly considers both the specific morphology of each 327 

FIPఈ ൌ 𝑑ఈ ቈ
∆𝛾ఈ

2
ቆ1൅ 𝑘

𝜎௡௡ఈ

𝜎௬
ቇ቉

ଶ

, (4) 
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individual grain and the local heterogeneities of the stress and strain fields. To 328 

gather sufficient statistical evidence, ten microstructures were generated 329 

following the procedure previously described and exposed to bending fatigue 330 

conditions at three maximum stresses: 200, 300, and 400 MPa. Fig. 10 331 

illustrates the maximum stress plotted against the extreme FIP for the most 332 

critical site for crack initiation, which corresponds to the highest FIP per model. 333 

As expected, the FIP decreases with the decrease in applied stress due to the 334 

decrease in plastic activity and peak stress. Notably, on average, the RD 335 

microstructures exhibit a lower FIP than the TD microstructures, indicating 336 

that the crack initiation life is generally longer for the RD specimens. This 337 

finding is consistent with the experimentally estimated crack initiation lives 338 

presented in Fig. 7 and suggests that the crystallographic texture of the material 339 

plays an important role in determining the fatigue behavior of the material. 340 

This can be explained by the fact that when loaded along the RD direction, the 341 

grains of the material tend to deform slightly more uniformly (Fig. 9(c)), 342 

reducing the strain concentration.  343 

Once a crack initiated on the outer tensile surface, it propagated first on the 344 

outer surface, perpendicular to the tensile stress direction and then in the 345 

thickness direction across the different layers. For the same applied stress, the 346 

crack propagation stage also appeared longer for RD specimens than for TD 347 

specimens suggesting that crack growth rate was slower in former ones. This 348 

is particularly noticeable at 300 MPa in Fig. 7. These trends are attributed to 349 

anisotropy due to texture, contrary to the findings of Radchenko et al.20, who 350 

showed that the interface shear strength may have an influence on the crack 351 

growth mechanism in ARB Cu/Nb nanolaminate when the deformation is along 352 
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RD or TD due to the specific orientation relationship at the interfaces. In the 353 

present study, this effect is not observed as the individual layer thickness is of 354 

micrometer size and no orientation relationship has developed at interfaces yet, 355 

which is consistent with previous studies2,5. Fig. 11 depicts typical examples 356 

of crack paths in the thickness direction for RD and TD specimens observed by 357 

SEM. Crack paths appear serrated with multiple deflection visible within thick 358 

layers or at layer interfaces. In addition, crack branching was observed, 359 

predominantly in RD specimens, where a crack would split into different paths 360 

and often propagate along Cu/Nb interfaces (Fig. 10(b)). Such bifurcation may 361 

reduce the crack growth rate along the thickness direction and therefore 362 

improve the fatigue life along the RD. However, the crack growth was not 363 

recorded in the present work and is the subject of future study.  364 

The present results may be compared to previous studies of fatigue in 365 

metallic foils. Read37 investigated the tension-tension fatigue behavior (R=0.1) 366 

of copper foils produced by electron-beam-evaporation. The foils were 367 

polycrystalline with an average grain size of about 1 μm, with only a few grains 368 

through the thickness. However, the fatigue life at the same applied stress was 369 

significantly shorter compared to the present study, suggesting that not only 370 

the grain size but also the presence of interfaces due to the layered structure, 371 

the hardness and texture differences between the Cu and Nb layers may also 372 

play a major role in improving the fatigue life. Besides, the presence of residual 373 

stresses at the surface of the material, resulting from the rolling process, may 374 

also affect its fatigue behavior38. 375 
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4. Conclusions 376 

The effect of the loading direction on the tensile and fatigue behavior of an 377 

ARB Cu/Nb laminate material was investigated experimentally and 378 

numerically by CPFE simulations. The following conclusions can be drawn: 379 

(1)  After ARB, the Nb phase exhibited a fine microstructure with a strong 380 

α-fiber and weak γ-fiber texture while the Cu phase showed a coarser 381 

microstructure with weaker texture. 382 

(2) The material exhibits a relatively low ductility with a higher strength in 383 

the TD. The calibration of the CP parameters confirmed the higher 384 

strength for the Nb phase. 385 

(3) The fatigue behavior under four-point bending revealed a apparently 386 

higher fatigue life along the RD. CPFE simulations confirm that 387 

statistically equivalent textures will lead to an increase in crack 388 

initiation life in RD, resulting in a longer crack initiation period and 389 

slower crack propagation rate. 390 

The present work was limited to a single layer thickness condition to establish 391 

whether the CPFE method is suitable to investigate the fatigue behavior of 392 

Cu/Nb laminates under four-point bending. Future work will be dedicated to 393 

the effect of layer thicknesses (ranging from few microns to few nanometers) 394 

on the fatigue properties of Cu/Nb laminates. 395 

 396 

 397 

Acknowledgments 398 

This work was supported by JST SICORP Grant Number JPMJSC21E1, Japan. 399 

MHJ acknowledges support from A*STAR, Singapore (Grant No. 400 



Advance View

 19

A18B1b0061). 401 

 402 

Reference 403 

1. A. Misra, M. Verdier, Y. C. Lu, H. Kung, T. E. Mitchell, N. Nastasi and J. 404 

D. Embury, Scripta Materialia, 1998, 39, 555-560. 405 

2. I. J. Beyerlein, N. A. Mara, J. Wang, J. S. Carpenter, S. J. Zheng, W. Z. Han, 406 

R. F. Zhang, K. Kang, T. Nizolek and T. M. Pollock, The Journal of The 407 

Minerals, Metals & Materials Society, 2012, 64, 1192-1207. 408 

3. N. A. Mara, D. Bhattacharyya, P. Dickerson, R. G. Hoagland and A. Misra, 409 

Applied Physics Letters, 2008, 92, 1-3. 410 

4. D. Bhattacharyya, N. A. Mara, P. Dickerson, R. G. Hoagland and A. Misra, 411 

J. Mater. Res., 2009, 24, 1291-1302. 412 

5. J. S. Carpenter, R. J. McCabe, S. J. Zheng, T. A. Wynn, N. A. Mara and I. J. 413 

Beyerlein, Metallurgical and Materials Transactions A, 2014, 45, 2192-2208. 414 

6. J. S. Carpenter, S. C. Vogel, J. E. LeDonne, D. L. Hammon, I. J. Beyerlein 415 

and N. A. Mara, Acta Materialia, 2012, 60, 1576-1586. 416 

7. I. J. Beyerlein, N. A. Mara, J. S. Carpenter, T. Nizolek, W. M. Mook, T. A. 417 

Wynn, R. J. McCabe, J. S. Mayeur, K. Kang, S. Zheng, J. Wang and T. M. 418 

Pollock, J. Mater. Res., 2013, 28, 1799-1812. 419 

8. T. Nizolek, N. A. Mara, I. J. Beyerlein, J. T. Avallone, J. E. Scott and T. M. 420 

Pollock, Metallogr. Microstruct. Anal., 2014, 3, 470-476. 421 

9. A. Misra, J. P. Hirth and R. G. Hoagland, Acta Materialia, 2005, 53, 4817-422 

4824. 423 

10. T. Nizolek, I. J. Beyerlein, N. A. Mara, J. T. Avallone and T. M. Pollock, 424 

Applied Physics Letters, 2016, 108, 1-4. 425 



Advance View

 20

11. S. Subedi, I. J. Beyerlein, R. LeSar and A. D. Rollett, Scripta Materialia, 426 

2018, 145, 132-136. 427 

12. J. R. Mayeur, I. J. Beyerlein, C. A. Bronkhorst, H. M. Mourad and B. L. 428 

Hansen, International Journal of Plasticity, 2013, 48, 72-91. 429 

13. B. L. Hansen, J. S. Carpenter, S. D. Sintay, C. A. Bronkhorst, R. J. McCabe, 430 

J. R. Mayeur, H. M. Mourad, I. J. Beyerlein, N. A. Mara, S. R. Chen and G. T. 431 

Gray III, International Journal of Plasticity, 2013, 49, 71-84. 432 

14. N. Jia, F. Roters, P. Eisenlohr, D. Raabe and X. Zhao, Acta Materialia, 433 

2013, 61, 4591-4606. 434 

15. N. Jia, D. Raabe and X. Zhao, Acta Materialia, 2016, 111, 116-128. 435 

16. J. Wang, K. Kang, R. F. Zhang, S. J. Zheng, I. J. Beyerlein and N. A. Mara, 436 

The Journal of The Minerals, Metals & Materials Society, 2012, 64, 1208-1217. 437 

17. R. F. Zhang, I. J. Beyerlein, S. J. Zheng, S. H. Zhang, A. Stubowski and T. 438 

C. Germann, 2016, 113, 194-205. 439 

18. A.S. Budiman, K.R. Narayanan, N. Li, J. Wang, N. Tamura, M. Kunz, A. 440 

Misra, Materials Science & Engineering A, 2015, 635, 6-12. 441 

19. Y. Kim, A.S. Budiman, J.K. Baldwin, N.A. Mara, A. Misra and S.M. Han, 442 

J. Mater. Res., 2012, 27, 592-598. 443 

20. H.P.A. Ali, I. Radchenko, N. Li and A. Budiman, Journal of Materials 444 

Research, 2019, 34, 1564-1573. 445 

21. I. J. Beyerlein, M. J. Dembowicz, A. Misra and B. P. Uberuaga, Progress 446 

in Materials Science, 2015, 74, 125-210. 447 

22. J. Y. Zhang, X. Zhang, R. H. Wang, S. Y. Lei, P. Zhang, J. J. Niu, G. Liu, 448 

G. J. Zhang and J. Sun, Acta Materialia, 2011, 59, 7368-7379. 449 

23. I. Radchenko, H. P. Anwarali, S. K. Tippabhotla and A. S. Budiman, Acta 450 



Advance View

 21

Materialia, 2018, 156, 125-135. 451 

24. H.P.A. Ali, I. Radchenko, N. Li and A. Budiman, Materials Science & 452 

Engineering A, 2018, 738, 253-263. 453 

25. M. J. Demkowicz and L. Thilly, Acta Materialia, 2011, 59, 7744-7756. 454 

26. J. R. Rice, J. Mech. Phys. Solids, 1971, 19, 433-455. 455 

27. J. W. Hutchinson, Proc. R. Soc. Lond. A, 1976, 348, 101-127. 456 

28. F. Briffod, T. Shiraiwa and M. Enoki, Materials Science & Engineering A, 457 

2017, 695, 165-177. 458 

29. F. Briffod, T. Shiraiwa and M. Enoki, Materials Transactions, 2018, 60, 459 

199-206. 460 

30. M. A. Melchior and L. Delannay, Computational Materials Science, 2006, 461 

37, 557-564. 462 

31. T. Shiraiwa, F. Briffod and M. Enoki, Engineering Fracture Mechanics, 463 

2018, 198, 158-170. 464 

32. N. Koga et al., Procedia Manufacturing, 2018, 15, 1656-1662. 465 

33. A. Fatemi and D. F. Socie, Fatigue Fract. Eng. Mater. Struct., 1988, 11, 466 

149-165. 467 

34. K. Tanaka and T. Mura, J. Applied Mech., 1981, 48, 97-103 468 

35. F. Briffod, T. Shiraiwa and M. Enoki, Materials Science & Engineering A, 469 

2020, 790, 139710. 470 

36. F. Briffod, T. Shiraiwa, M. Enoki and S. Emura, Materialia, 2022, 22, 471 

101401. 472 

37. D.T. Read, International Journal of Fatigue, 1998, 20, 203-209. 473 

38. P. Kumar, S. Msolli, M.H. Jhon and U. Ramamurty, Scripta Materialia, 474 

2020, 184, 34.  475 



Advance View

 22

Table list 476 

Table 1 Mean, standard deviation, and coefficient of variation of the thickness 477 

layers for the two phases. 478 

Table 2 Crystal plasticity parameters. 479 

  480 



Adv
nce View

23

Figure list 481 

Fig. 1 EBSD map with IPF color coding in the RD for (a) the Cu phase and (b) 482 

the Nb phase. (c) Grain boundary misorientation angle map. Empirical and 483 

fitted probability distributions of (d-e) grain major axis length and (f-g) grain 484 

aspect ratio for (d,f) Cu grains and (e,g) Nb grains. 485 

Fig. 2 {100}, {110} and {111} pole figures of orientation distribution function 486 

of (a) the Cu phase and (b) the Nb phase. Corresponding inverse pole figure 487 

along RD for (c) the Cu phase and (d) the Nb phase. 488 

Fig. 3 (a) Example of synthetic microstructure generated by the developed 489 

procedure. The boundary conditions are reported. Corresponding IPF maps for490 

(b) the RD model and (c) the TD model. 491 

Fig. 4 Experimental and numerical stress-strain curves along the RD and TD. 492 

Fig. 5 SEM micrographs of the fracture surfaces of the tensile specimens along 493 

(a-b) the RD and (c-d) the TD. 494 

Fig. 6 (a-d) Von Mises stress fields and (e-h) equivalent plastic strain fields 495 

predicted at 2% applied strain for (a,b,e,f) the RD model and (c,d,g,h) the TD 496 

model. 497 

Fig. 7 Stress amplitude against the number of cycles for crack initiation and to 498 

final failure. 499 

Fig. 8 Schematic of the two-scale simulation procedure. (a) Example of a three-500 

dimensional macroscopic simulation with (b) the magnified region where nodal 501 

displacement fields are extracted. (c) Phase map of a synthetic microstructure 502 

with the displacement boundary conditions overlaid. 503 

Fig. 9 (a-b) Von Mises stress fields at peak load and (c-d) equivalent plastic 504 

strain fields accumulated after ten loading cycles for (a,c) the RD model and 505 



Advance View

 24

(b,d) the TD model. 506 

Fig. 10 Cumulative probability distribution of the extreme FIP per aggregate. 507 
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Table 1 Mean, standard deviation, and coefficient of variation of the thickness 510 

layers for the two phases. 511 

Phase Mean thickness 

hμ [μm] 

Std. deviation 

hσ [μm] 

Coeff. of var. 

hσ/hμ [-] 

Cu 6.79 3.66 0.54

Nb 6.02 5.96 0.99

 512 

Table 2 Crystal plasticity parameters. 513 

Phase C11 [GPa] C12 [GPa] C44 [GPa] τ0[MPa] τ1[MPa] b1[MPa]

Cu 179.5 126.4 82.5 100 55 6000

Nb 242 121.2 28 180 20 6000 

514 
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515 

Fig. 1 EBSD map with IPF color coding in the RD for (a) the Cu phase and (b) 516 

the Nb phase. (c) Grain boundary misorientation angle map. Empirical and 517 

fitted probability distributions of (d-e) grain major axis length and (f-g) grain 518 

aspect ratio for (d,f) Cu grains and (e,g) Nb grains. 519 
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520 

Fig. 2 {100}, {110} and {111} pole figures of orientation distribution function 521 

of (a) the Cu phase and (b) the Nb phase. Corresponding inverse pole figure 522 

along the RD for (c) the Cu phase and (d) the Nb phase. 523 

524 
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525 

Fig. 3 (a) Example of synthetic microstructure generated by the developed 526 

procedure. The boundary conditions for uniaxial tensile conditions are reported. 527 

Corresponding IPF maps for (b) the RD model and (c) the TD model. 528 

529 

Fig. 4 Experimental and numerical stress-strain curves along the RD and TD. 530 
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 531 
Fig. 5 SEM micrographs of the fracture surfaces of the tensile specimens 532 

along (a-b) the RD and (c-d) the TD. 533 

 534 

Fig. 6 (a-d) Von Mises stress fields and (e-h) equivalent plastic strain fields 535 

predicted at 2% applied strain for (a,b,e,f) the RD model and (c,d,g,h) the TD 536 

model. 537 
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 538 

Fig. 7 Stress amplitude against the number of cycles for crack initiation and to 539 

final failure. 540 

 541 

Fig. 8 Schematic of the two-scale simulation procedure. (a) Example of a three-542 

dimensional macroscopic simulation with (b) the magnified region where nodal 543 

displacement fields are extracted. (c) Phase map of a synthetic microstructure 544 

with the displacement boundary conditions overlaid. 545 
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 546 

Fig. 9 (a-b) Von Mises stress fields at peak load and (c-d) equivalent plastic 547 

strain fields accumulated after ten cyclic loads for (a,c) the RD model and (b,d) 548 

the TD model. 549 

 550 

Fig. 10 Cumulative probability distribution of the extreme FIP per aggregate. 551 
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 552 

Fig. 11 SEM image of fatigue crack paths along the thickness direction for 553 

(a-b) a RD sample and (c-d) a TD sample. 554 
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