Unnotched fatigue of Inconel 718 produced by laser beam-powder bed fusion at 25 and 600 °C
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Abstract
The microstructures and mechanical properties of as-built Inconel 718 produced using laser beam powder bed fusion (LB-PBF) process were investigated at room temperature (RT) and 600 °C. Emphasis was on the high cycle fatigue behavior evaluated using the rotating bend fatigue tests, and role of the lack of fusion pores (LOFs) on the fatigue resistance. Results show that the unnotched fatigue strength (σf) at 600 °C is 23% lower compared to RT due to the lower work hardening rate at 600 °C, which facilitates easy crack initiation at favorably located and oriented LOFs. However, dynamic recrystallization at the crack tip regions retards the short fatigue cracks (SFCs) and leads to a substantially higher fatigue life at 600 °C compared to RT for stress amplitudes (σa) higher than σf. Post facto analysis was carried out to understand the initiation and growth behavior of SFCs including the effect of plasticity/oxidation induced crack closure. The LB-PBF induced microstructural characteristics such as solidification cells with high dislocation density are effective in resisting the growth of SFCs at 600 °C compared to RT. These results highlight the importance of microstructural aspects on the fatigue resistance of additively manufactured alloys for high temperature applications.
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1. Introduction
While additive manufacturing (AM) of structural alloys, using methods such as laser beam powder bed fusion (LB-PBF), offer several advantages—both from the processing and mechanical property perspectives—the presence of process induced porosity, surface roughness, and residual stresses in the as-fabricated components makes their performance under cyclic loading conditions generally inferior to those of the wrought alloys. Since fatigue driven fracture is a common cause behind the failure of structural load-bearing components, a detailed understanding as to how the unique microstructural features such as the hierarchical structures, solidification cells, and porosity that are present in the as-built components affect the fatigue resistance of the AM alloys [1] is essential. Such knowledge can, in turn, be utilized to design AM components with high fatigue resistance.
Inconel 718 is a widely studied superalloy in the context of AM. The fatigue strength (σf) of LB-PBF Inconel 718, can be 50% (or more) lower than its conventionally manufactured (CM) wrought alloy [2]. Furthermore, due to specific orientation of unmelted regions or lack of fusion (LOF) pores with respect to the printing direction, σf can also be orientation dependent [2]. A relatively high scatter in the stress-life (S-N) curves obtained via the unnotched high cycle fatigue (HCF) testing of the printed parts points to the lack of reliable data for design in such loading conditions [3]. Considerable research was conducted in the recent past to develop an understanding of the effects of size, shape, and location of the pores on the fatigue life of AM parts [4–7]. While this enhanced the confidence in the fatigue life predictive capability, avenues to improve the fatigue life were relatively less explored [1]. The as-built LB-PBF Inconel 718 is homogenized/solutionized (to dissolve the Nb rich segregated phases) and age hardened (for precipitating γ’/γ’’ strengthening phases) for imparting high tensile strength as well as σf [8–10]. Additionally, hot isostatic pressing (HIPing) of the alloy at temperatures above 1160 °C to eliminate porosity is also often recommended [11]. Such post-processing procedures have shown to improve the strength as well as ductility of LB-PBF Inconel 718 [12,13]. Yet, it has been observed that the fatigue properties of fully precipitated or HIPed LB-PBF Inconel 718 did not improve significantly, i.e., σf remains in the range of ~300 – 350 MPa [14–16]. While crack initiation might be slightly suppressed due to reduced porosity, they can alternatively initiate from coarse grains which grew to abnormal sizes during the solutionizing, homogenizing or HIPing treatments [17]. Furthermore, the inclusions present in printed parts are difficult to dissolve via heat-treatment or HIPing [18]. This limits the potential of LB-PBF Inconel 718 alloy to attain σf anywhere close to wrought counterparts [19]. Especially the high temperature σf is significantly reduced due to lower resistance to crack initiation and their growth at these temperatures [20–22]. 
	In such cases where premature crack initiation could occur rather readily (due to the presence of pores for example), one of the possible ways for improving the fatigue life is by exploiting the arrest or resist the growth of short fatigue cracks (SFCs) with the aid of microstructural constituents such as grain boundaries or secondary phases [23,24]. For example, it was shown that grain refinement can lead to a significant rise in σf [25]. Additionally, significant anisotropy in σf of the direct laser metal sintering (DMLS) specimens was reported [26]. This is possibly due to variation in the size and morphology of grains that provides varying resistance to the growth of SFCs. Even at elevated temperatures the usefulness of the microstructural constituents in improving the fatigue resistance was highlighted by few recently published papers. For example, at 650 °C the HCF resistance of DED Inconel 718 improved due to hindrance to the growth of SFCs by Laves phase present along the cellular boundaries [27]. Furthermore, SFC growth can also be hindered due to crack branching near the high angle grain boundaries at both room as well as elevated temperatures [28]. 
To devise a damage tolerant design strategy that enhances the fatigue resistance, understanding the interaction between SFCs and the microstructure of AM materials is essential. Even more so, a holistic methodology needs to be devised depending on the mechanism of fatigue crack initiation and the resistance to the growth of SFCs from the microstructural constituents in different environmental conditions. Keeping this broad objective in view, unnotched fatigue performance and the mechanism of fatigue crack initiation and propagation in LB-PBF Inconel 718 at room temperature (RT) and 600 °C were investigated in the present study. The interaction of SFCs with as-built microstructure and the influence of crack closure mechanisms on the HCF life at elevated temperatures were elucidated.

2.	Materials and experiments
2.1.     Materials
Rectangular blocks of 64 mm height, 20 mm width, and 10 mm thickness were fabricated using pre-alloyed IN718 powders (composition listed in Table S1 of the supplementary information, SI) in a Concept Laser M2 metal 3D printer equipped with a Nd:YAG fiber laser in an inert Ar atmosphere. For the HCF tests, 64 mm long cylindrical blocks of 9.5 mm diameter with the axis parallel to the build direction were also printed. The following optimized process parameters were used: laser power – 180 W, scan speed – 800 mm/s, hatch spacing – 105 µm, laser spot size – 50 µm, and layer thickness – 25 µm. The resulting volumetric energy density, Ed, is ~ 88.7 J/mm3. The scanning direction between the layers was not altered. The specimens were printed with island strategy where the entire layer is divided into 5 x 5 mm2 islands, as schematically illustrated in Fig. S1a of SI. Islands were scanned randomly to reduce the residual stresses between the layers. Moreover, islands in each layer were offset by 1 mm in the in-plane x and y directions to interrupt the growth of long columnar grains.

2.2.     Experiments
The relative densities of all the specimens were measured by the Archimedes’ principle using a weighing scale (accuracy ±0.1 μg) and deionized water medium. The 3D porosity distribution in bulk specimens were analyzed using X-ray micro computed tomography (XRMCT) with a 2.7 μm/voxel resolution. The specimens were mirror polished for microstructural characterization using optical microscopy (OM) and scanning electron microscopy (SEM). For analyzing the melt-pool characteristics, the mechanically polished specimens were etched in an electrolyte consisting of 30% H2SO4 and 70% methanol at 5V for 20 s. Electron back-scattered diffraction (EBSD) with step size of 0.2 µm was performed for phase and grain orientation mapping. For relatively higher magnification EBSD mapping, however, a step size 0.025 µm was used. For analyzing the inter-cellular features, transmission electron microscopy (TEM) was performed on the electron-transparent specimens extracted from the regions of interest by focused ion beam (FIB) milling. The TEM imaging/analysis was performed on a 200 kV microscope (JEOL 2010 UHR). 
Flat dog bone shaped specimens (dimensions shown in Fig. S1b of SI) were machined along the build direction for uniaxial tensile tests at room temperature (RT ~25 °C). Strains in the gauge length section of the specimens were measured using a video extensometer attached to the tensile tester. For the high temperature (HT ~600 °C) tensile tests, button head cylindrical specimens (dimensions shown in Fig. S1c of SI) were used. The specimens were heated to 600 °C at a constant heating rate of 10 °C.min-1 in a furnace attached to universal testing machine (UTM). Upon reaching 600 °C, the specimens were held for 30 min at that temperature before commencing the test to achieve uniform temperature through the thickness. During HT tests, a contact extensometer was used to measure the strains until its capability of 15%. Beyond 15%, the testing machine’s crosshead readings were utilized for constructing the stress-strain curves. During both RT and HT tensile tests, an initial strain rate of 10-3 s-1 was used in accordance with ASTM standard: E8/E8M-11 [29]. Three tensile tests were carried out at each temperature. The geometrical factors (Gf) of the gauge region, i.e., , where  is the cross-section area and  is the gauge length, were ~0.205 and ~0.175 for RT and HT specimens, respectively.
HCF lives LB-PBF IN718 samples at RT and HT were evaluated on a rotating bending fatigue (RBF) machine operating at a constant frequency (ν) of 50 Hz. Unnotched fatigue tests were carried out on hour-glass shaped specimens with a gauge length of 22 mm, fillet radius of 61 mm, and a mid-section diameter of ~5 mm, as shown in Fig. S1d of SI. The fatigue tests were performed according to procedure specified in ISO-1143 [30]. As surface roughness could dominate the fatigue crack initiation [31]—and in the process mask the underlying microstructural effects on it, which is the purpose of this study—all the specimens were polished to an average surface roughness, Ra less than 1 µm using sandpapers to specifically evaluate the role of the microstructure and porosity on the fatigue resistance. The fatigue strength of the alloy, σf, were determined using the staircase method by sequentially reducing the stress amplitude (σa) starting from 500 MPa. In this work, σf is defined as σa at which minimum three specimens survive at least 107 cycles. The fracture surfaces of the failed specimens were examined using a stereo microscope as well as a FE-SEM JEOL 7800 scanning electron microscope equipped with EDS. 
[bookmark: _Hlk83204028]To investigate the temperature dependences of the local mechanical properties in as-built specimens, hardness of Laves phase and the Inconel matrix was measured by recourse to nanoindentation (Bruker Hysitron TI980), for which distinct heat treatments of the samples (1320 °C for 1 h, followed by 1175 °C for 3 h) were done to coarsen the Laves phase. Nanoindentation tests were performed at a loading/unloading rate of 200 μN/s and a peak load of 10 mN, using Berkovich type diamond and sapphire indenters for RT and 600 °C tests, respectively. 

3. Results
3.1.     As built microstructures
The blocks in the as built condition have ~0.45 ± 0.1% relative porosity (measured by the Archimedes principle). A representative image of one of the pores is illustrated in Fig. 1a. Such sporadic lack of fusion (LOF) pores typically form if the melt-pool structure is of the conduction mode [32]. Fig. 1b shows an optical micrograph, taken from the plane perpendicular to the build direction (PBD), where the grains grow from melt-pool tracks spaced at ~120 µm, which is similar to the scan spacing. Etching revealed several grains with darker contrast at the intersection of two orthogonal meltpool tracks. The IPF map of PBD plane displayed in Fig. 1c shows the preferential <100> texture with equiaxed stray grains near the melt pool boundaries. The average grain size in the specimen was estimated as ~15 ± 10 µm. About 45% of the grain boundaries are low angle grain boundaries (LAGB). TEM image displayed in Fig. 1d shows segregation of high melting point elements and dispersed Laves phases of size ~170 ± 25 nm along the cell boundaries. The average size of the solidification cellular structure is ~0.69 ± 0.16 μm. Fig. 2a is a representative image showing the porosity distribution in 3D in the bulk specimen, obtained via XRMCT. Fig. 2b shows the size distribution of the pores along with their aspect ratios (λ), which is defined as the ratio of minimum (2a) to maximum (2c) ellipsoid diameter. For most of the pores, 2c ranges between 10 and 80 μm with λ of ~ 0.7 – 0.9. Pores larger than ~80 μm have irregular morphology resulting in λ < 0.5, which indicates that they are LOF pores and similar to that displayed in Fig. 1a. Pores with 2c >120 μm, which are likely to be critical for fatigue life are highlighted in Figs. 2a and b. 

3.2.     Tensile properties at RT and 600 °C
The effect of temperature on the stress-strain behavior of the as-built specimens is discussed in this section. The average values of 0.2 % yield strength (σy), ultimate tensile strength (σu), and elongation to failure (ef) extracted from the engineering stress vs. strain responses are listed in Table 1. The tensile engineering stress vs. strain responses in RT and HT are compared in Fig. 3a. Followings are some observations with respect to the effect of high temperature on quasi-static tensile properties. (i) A marginal reduction in E and σy, by ~6.8% and ~2% respectively, occurs upon increasing the temperature from RT to 600 °C. (ii) σu dropped by 75 MPa at 600 °C indicating a slight difference in the plastic behavior at high temperature. (iii) The stress-strain responses at HT contain serrations, characteristic of the Portevain Le-Chatelier (PLC) effect that occurs at relatively slower strain rate; it has been well reported for AM Inconel 718 [33–35]. (iv) The strain hardening exponents are ~0.19 and ~0.15 at RT and HT, respectively. (v) ef at HT is ~25% lower compared to RT, while the uniform elongation (eu) is nearly similar (~21% and ~19% at RT and HT, respectively). This suggests that contrary to previously reported tensile properties of the as-built LB-PBF Inconel 718, high temperature did not induce embrittlement but only reduced the strain accommodated after necking [36]. This is possibly related to the small difference in Gf of the RT and HT specimens.

3.3.     Fatigue strength at RT and 600 °C
Results of the HCF tests conducted at RT and HT are plotted in Fig. 3b as stress amplitude (σa) vs number of cycles to failure (Nf) plots. At RT, σf is 325 MPa, which is about one third of u (see Table 1). This value is marginally higher compared to reported σf of as built LB-PBF Inconel 718. For example, Solberg et al. reported  σf /σu ~ 0.26 for run out cycles ~2 x 106 in unnotched conditions [3]. Similarly, Wan et al. associated the presence of large, localized pores formed during LB-PBF process to a low σf ~ 240 MPa [37]. However, Yang et al. reported significantly higher σf ~ 480 MPa, which was obtained using the ultra-high frequency (ν ~1 kHz) resonance based fatigue testing [38]. σf obtained in the present study, as well as those reported in past, are relatively lower than 480 MPa, possibly because fatigue loading at very high frequencies can increase the σf of metals especially if the tests are carried out in air/oxidizing environment [39,40]. Interestingly, σf /σu ~ 0.33 obtained for the as-built specimens in present case is also higher than that of heat treated and aged AM Inconel 718. Witkin et al. reported σf/σu ~ 0.319 while studying the effect of machining and orientation of printing on the σf [41]. Similarly, Wan et al. reported σf of ~340 MPa (σf /σu ~0.28) for homogenized and precipitate hardened LB-PBF Inconel 718 [37]. However, in the present case, the S–N curve of the specimens do not follow a clear trend of increasing Nf with reducing σa. For example, when a relatively higher σa of 400 MPa was applied, surprisingly, one specimen failed after Nf ~1435520 cycles as compared to only 191757 cycles for σa of ~350 MPa.
	As indicated by the S-N curve displayed in Fig. 3b, σf at HT is ~250 MPa. For comparison, only one data is available for the σf of AM Inconel 718 in high temperature conditions (600 °C). σf in present case is only ~30 MPa lower than σf of peak-aged DED Inconel 718 specimens [17]. For the peak-aged LB-PBF Inconel 718 specimens, σf of ~ 450 MPa was reported using ultrasonic resonance-based fatigue testing (ν ~20 kHz) at 650 °C. In present study, the observed reduction in σf at HT, as compared to that at RT, concurs with the decrease in σu, thus, σf /σu remains similar at ~ 0.29. Although σy does not drop significantly at HT, the initiation of SFCs around high stress concentration regions like pores could be relatively easier due to a lower strain hardening exponent (n = 0.19 at RT compared to 0.15 at 600 °C). Interestingly, the fatigue lives of HT specimens tested at σa > σf were an order of magnitude higher compared to those of RT. For example, at σa ~350 MPa, two specimens tested at RT failed in < 2.0 x 105 cycles while those tested at 600 °C failed after Nf ~2.0 x 106 cycles (marked by blue and red dotted boxes in Fig. 3b). These results are counterintuitive, if one assumes fatigue crack initiation from pores is relatively easier at HT.

3.4.     Fractography
To investigate the crack initiation mechanisms and SFC propagation behavior, post-mortem optical and scanning electron microscopy were performed on all the fatigue failed specimens. Representative low magnification stereo fractographs of the fatigue tested RT and HT specimens are displayed in Figs. 4a-d with crack initiation sites. The following are some observations. (i) The fractographs can be divided into three regions – crack initiation zone, rough area (RA) near the crack initiation zone, and a smooth area just before the fast fracture. Cracks initiate from the LOF pores near the surface and propagate towards the center of the specimen in all cases. (ii) Specimens tested at HT show multiple crack initiation sites as highlighted in Fig. 4d. In contrast, the specimens tested at RT always show only one crack initiation site. This observation suggests that crack initiation may be relatively easier at HT. (iii) The rough area of fractograph that immediately follows the crack initiation site is consistently smaller in all the RT specimens. Fig. 4c shows the fractograph of one of the RT specimens with rough area marked by a white color box. In contrast, the rough area in the HT specimens is larger in size and irregular in shape as indicated in Figs. 4b and d. Additionally, crack propagated on multiple planes after the initiation at HT. (iv) The specimens tested at HT show severe oxidation of the fractured surface as reflected by their colors ranging from blue to yellow in Figs. 4b and d. Further, there exists a stark difference in the area fraction of colored regions in Figs. 4b and d, depending on their respective Nf, i.e., 1.9 x 106 and 9.6 x 106 cycles, respectively.
In Figs. 5a to d, high magnification fractographs obtained by SEM on both the RT and HT specimens are shown; the crack initiation zones in each of them are marked by the red boxes. LOF pores are the primary sources behind the fatigue crack initiation and eventual failure of all the specimens tested at both RT as well as HT.  The major axes of the pores are at different angles with respect to the loading axis of the specimens. As will be shown later, the orientation of a sharp pore with respect to loading direction can influence the local stress intensity factor range (ΔK), which, in turn, affects the fatigue life.
	From the tensile test results it was noted that the specimens tested at HT tend to strain harden at a lower rate and σu is ~75 MPa lower as compared to that at RT. This could possibly be one of the reasons behind easy crack initiation around pores at HT that leads to a lower σf. However, it was observed that the HT specimens have an order of magnitude higher Nf when subjected to a similar stress amplitude, i.e., σa.= 350 MPa. Moreover, few HT specimens nearly ran out at σa.= 275 MPa before failing, i.e., close to 107 cycles. This points to a possible difference in the SFC propagation behavior in terms of the short crack interaction with the microstructure of as-built LB-PBF Inconel 718 at HT and RT. Possible mechanisms behind such differences are discussed next. 

4. Discussion
4.1.     Stress intensity factor range ) around an LOF pore
The rate at which fatigue cracks propagate depends on , which is the driving force for it. If  is less than a critical threshold value, generally obtained for a crack growth rate (da/dN) of ~10-10 m/cycle, the crack could get arrested due to plasticity/roughness/oxidation induced closure or a combination of some or all those mechanisms. This implies that the proximity of crack tip  to can result in an enhanced fatigue life, even in the stress-life approach where the components already have preexisting defects that make crack nucleation easy (such as the LOF pores in the alloy examined here). Schematic illustrations of applied bending fatigue load with respect to the pores are shown in Figs. 6a and b. The critical defects in the current LB-PBF Inconel 718 specimens are the LOF pores with λ < 0.5, as evident from the fracture surfaces of the failed specimens (also observed prominently by XRMCT; see Fig. 2a). For instance, Fig. 6c shows the fractograph of a failed specimen subjected to σa= 400 MPa at RT with the LOF pore of dimensions: 2c ~ 288 µm and 2a ~ 178 µm. These LOF pores are close to the surface with their major axis subtending at an angle φ with the central axis of the specimen, as schematically illustrated in Fig. 6b. According to linear elastic fracture mechanics (LEFM),   during cyclic loading is given by

,									(1)

where a is the half crack length, σa is the stress amplitude during half cycle of completely reversed loading, and Y is the shape factor - a function of the mode of loading, crack length, and the specimen geometry. Typically, Y is assumed as ~1.12 in case of an edge crack under mode I loading in a semi-infinite specimen [42]. However, in the presence of a sharp defect like a LOF pore, care must be taken to compute more accurate shape factor values. Irwin formulated  for an elliptical surface crack in semi-infinite (a/w << 0.5) plate subjected to cyclic loading as [43]:

					(2)
							(3)

[bookmark: _Hlk80716914]where Ф is an elliptical integral computed between 0 and 90° for a pore of aspect ratio λ, d is the distance of the pore from surface, and R is the radius of the hourglass specimen. Fig. 6d shows the plot of  vs. φ based on the Irwin’s formulations. It is evident that  can change dramatically in the vicinity of a pore with respect to their orientation and the loading directions. For example, in case of Fig. 6c, the value of  near the major axis edge of the pore is less than half of the  in the central region. In other words, fatigue crack will nucleate and grow in the direction which allows the pore to become more symmetrical i.e.,  [43]. Furthermore, in case of the fully-reversed fatigue loading such as RBF, the preferred direction of the crack growth is typically towards the center of the specimens, i.e., mode I direction. In Fig. 6c, the LOF pore is aligned at an angle φ ~19° with mode I growth direction as shown. Setting φ =19° yields  = 2.38 . Following this procedure,  around the LOF pores was computed for all the failed specimens depending on the angle the pores make with the loading direction. The values of  are listed in Table 2 along with respective φ and . A clear trend between Nf and  can be seen; Nf decreases with an increase in , at both RT and HT. This illustrates how orientation, location, and aspect ratio of a pore influences  and, in turn, Nf. For example, RT specimens subjected to a higher σa (400 MPa) failed after higher Nf compared to the specimen tested at σa ~350 MPa, even though the size of LOF pore where fatigue crack initiates is similar (~280 µm) in both cases. The effective ΔK values for these two cases are listed in Table 2 (see sr. nos. 2 and 5). The effective ΔK in former is 20% less compared to the ΔK in the latter, therefore, resulting in higher fatigue life.
	The maximum values of  around the LOF pores in case of HT specimens are similar in range to those of RT specimens, i.e., 2.2 – 3.2 . Yet, they show relatively higher fatigue life as compared to those tested at RT for the same applied σa. This suggests that even though crack initiates easily at HT, their growth rate is substantially slower. Roughness, plasticity, and oxide induced crack closure have been theorized to increase  during fatigue loading at elevated temperatures [44]. While roles of these mechanisms on fatigue life during HT conditions is difficult to quantify independently, we attempt to examine them qualitatively as well as quantitively (whenever possible) via post facto analyses in the following sections.
 
4.2.     Effect of the microstructure on the growth of short fatigue crack
To investigate the interaction of SFCs with the microstructure, the run-out specimens tested at σa = 375 MPa and σa = 275 MPa at RT and HT were carefully cross-sectioned, polished, and examined. IPF maps showing the SFCs emanating from a pore but arrested at grain boundaries of specimens tested at RT and HT are displayed in Figs. 8a and b, respectively. As seen from Fig. 7a, the crack in the RT specimen initiated from a lack of fusion pore and propagated along the mode I direction, i.e., towards the center of the specimen. Fig. 7c shows that the cracks also concurrently emanate from both the edges of the LOF pore, which is a lower  region for an elliptically shaped pore, as described in section 4.1. The magnified image in the inset of the Fig. 7c shows sheared cellular structure due to severe plastic deformation near the pore. In contrast, specimens tested at HT show dynamic recrystallization (DRX) around the LOF pores, as shown in Fig. 7b. As illustrated in Fig. 6, the highest  along the minor axis of the LOF pore could result in considerable plastic deformation in this region, leading to DRX. Consequently, growth of the SFCs around the LOF pores is hindered due to presence of recrystallized grains with size <1 µm at HT. This, in turn, leads the SFCs to go around the recrystallized zone as indicated by the arrows and dotted lines in Figs. 8b and d, instead of following a preferred mode-I crack trajectory that was observed in RT specimens. 
DRX in the specimens exposed to high temperatures can be rationalized by recourse to the critical dislocation density model of Bailey and Hirsch, who demonstrated that DRX can be initiated when the dislocation density exceeds a critical value, rc [45][46]: 
								(4)
where S is the grain boundary energy per unit area (~0.424 J.m-2 for Inconel 718 [47]),  is the local strain rate (approximated to be 10 s-1 for HCF testing at 50 Hz), b is the Burger’s vector (~0.249 nm for Ni-based superalloys), and l is the mean free path of dislocation motion (equivalent to the solidification cell size in case of as built LB-PBF specimens). Further details on the estimates of the values of dislocation line energy, τ, and grain boundary mobility, M, are provided in the SI. τ is ~3.75 x 10-10 J for Ni-based superalloys. The values of M are ~1.0 x 10-33 and 6.10 x 10-9 mol.m.J-1.s-1 at RT and HT, respectively. On their basis,  were estimated as 1.09 x 1023 and 5.73 x 1014 m-2 at RT and HT, respectively. The dislocation density in as-built LB-PBF Inconel 718 ranges between ~1 x 1014 to 5 x 1014 m-2 depending on the process parameters utilized for the fabrication [48–51]. Hence, it appears reasonable to assume that even small plastic strain around a LOF pore during cyclic loading at HT could trigger DRX. However, it might not be possible at all to achieve dislocation density in the order of 1023 at RT for triggering DRX. 
After the SFCs start to grow, crack tip plasticity at HT also induces local recrystallization causing SFCs to deviate from the mode I path. Such deviation of SFCs is illustrated in the IPF maps in Figs. 8a to c. In the LB-PBF specimens, dislocations are heterogeneously distributed due to spatial variations in the residual stresses arising from processing induced thermal gradients. Therefore, not all locations in the crack path will attain  required for DRX. The yellow dotted zones marked in Figs. 8a and b show the preferred locations for DRX. Similar in-situ DRX ahead of the crack tip has been observed during elevated temperature fatigue of CM Ni based SX alloys [52]. Both the cellular boundaries and the Laves phases present on them that are in the path of the SFCs deform extensively due to crack tip plasticity, as shown in Fig. 8d. The size of the sheared zone in Fig. 8d is ~2.7 µm which is close to maximum plastic zone size (rp) calculated for an applied ΔK in plane strain condition, i.e., rp = [24].
[bookmark: _Hlk82854666]In contrast, SFCs in the RT specimens prefer to grow along the interfaces of the γ-matrix and Laves phase present on the cell boundary, as evident from Fig. 8e. According to Irwin’s stress redistribution theory, rp should be similar for both RT and HT specimens as σy is similar. However, no evidence of plasticity was observed near SFCs in case of RT specimens (see Fig. 8e). This is possibly because rp is affected significantly by the presence of inclusions/precipitates in the matrix, i.e., hard inclusions (Hi > Hm) or soft inclusions (Hi < Hm) can change the local deformation behaviour of the material ahead of the crack tip [53–55]. The Laves phase particles (rich in Nb and Mo) formed along the cell boundaries are intermetallic compounds with RT hardness higher than ~800 HV [56]. The reduced plastic activity at the crack tip in the RT specimens is possibly a consequence of presence of Laves phase on the cell boundaries. Furthermore, the mismatch in the strength of the matrix and the Laves phases leads to preferred crack propagation along the interface. However, at elevated temperatures (>600 °C), the Laves phase (C14 crystal structure) with a stoichiometry of (Fe,Ni)2Nb can softens considerably [57]. For example, the hardness (measured via the nanoindentation tests) of the Laves phase with similar stoichiometry (Table S2 in SI) reduces by half when the temperature is increased from RT to 600 °C (from ~18.1 to ~8.8 GPa). In contrast, the hardness of LB-PBF Inconel 718 matrix reduced from ~5.5 GPa at RT to ~4.7 GPa at 600 °C, which is a decrease of only ~14.5%. Therefore, it is reasonable to assume that plastic mismatch between the Laves and matrix phase is reduced at HT, thus, facilitating the plasticity ahead of the crack tip. 
Once the fatigue cracks are large enough so that ΔK >> , i.e., in the Paris regime, they propagate relatively faster since the interaction with the microstructure is limited in this regime. In the HT specimens which failed after 1.9 x 106 cycles, the striations and wedges are clearly visible in the fractograph (see Fig. 8g) formed by the process of crack tip blunting and resharpening mechanism in the Paris regime. This suggests that at HT, the mechanism of fatigue crack growth changes with increasing crack length. Conversely, the fracture surface of RT specimens shows cracks propagating along the interface of Laves phase and γ-matrix even in the Paris regime (see Fig. 8f). The presence of the Laves phases on the fracture surface of RT specimens was confirmed by EDS compositional mapping (see Fig.S2d in SI). 

4.3.     Influence of crack closure on fatigue life
For an elliptical LOF pore, based on their orientation with respect to the loading direction (eqn. 2 in section 4.1), it was established that . In other words, the LOF pores try to become symmetrical by a relatively faster crack growth along the minor axis compared to that on the major axis, i.e., dc/dN < da/dN. Fig. 9a schematically illustrates the initiation and growth of SFCs at RT. Since their initiation as well as the growth direction align with the mode-I path, they continue to grow towards the center of the specimens till failure (see Fig. 9c). However, in case of HT specimens, the plastic deformation around minor diameter region induces DRX as illustrated by the schematic in Fig. 9b. The recrystallized region retards the SFC growth, forcing cracks to nucleate and grow along the major axis of the LOF pores. The SFCs traverses around the recrystallized area to achieve mode-I characteristics. In this case, both the corners of the LOF pores are potential sites for the nucleation of SFCs, i.e., dc/dN > da/dN. Hence, they can grow on two different planes depending on their orientation. Consequently, on both planes the crack opening is driven by mixed mode loading unlike RT. For example, the fractograph of HT specimen displayed in Fig. 9d (Nf ~ 9.9 x 106 cycles) shows cracks initiating from a single LOF pore but growing on different planes. This would result in a relatively slower crack propagation rate compared to that in the RT specimens, especially in the early stage growth of SFCs. Therefore, even though SFC initiation is relatively easier at HT, their slow propagation/arrest results in relatively higher fatigue life compared to RT specimens for a similar applied σa.
Along with the indirect closure caused by DRX, the crack tip plasticity ahead of the SFCs in the near-threshold regime will also affect the fatigue life. In the present context, the plastic zone ahead of the crack tip is particularly evident in the case of HT specimens. Such plastic deformation will reduce Δσ to Δσeff, i.e., σmax - , where  is a positive stress required to open the crack because of plasticity induced crack closure. Newman analytically determined that ≈ f for plane strain condition [58]. Here, f is the known as Newman’s closure function, which is described in detail in SI. Several researchers have measured  ≈ 0.3 analytically for CM Inconel 718 subjected to fatigue at R = -1 in mode I loading configuration [44,58–65]. It’s reasonable to assume that that due to dominance of plasticity induced closure effect,  would be higher at HT compared to RT. Since  for R = -1 is difficult to measure experimentally,  (~1.5 ) measured for large crack [66] was used as reference to determine  using f as described in “NASGRO” (details in the SI). The values of  at RT and HT were estimated to be 1.81 and 2.06 , respectively. Fig. 9e shows a plot of effective  near a pore and corresponding Nf for both RT and HT. For cases where  near a LOF pore was higher than the respective , the specimens failed before 107 cycles. Furthermore, the plot also shows a reduction in Nf with increasing ΔK at both RT and HT, more sharply in case of RT. Moreover, the specimens tested at HT show much higher fatigue life compared to RT at similar . While these calculations are based on analytical estimations, they can be utilized in deciding critical size of LOF pores for the quality control of AM parts that are deployed in fatigue critical applications in different service conditions. 

4.4.     Effect of oxide formation on crack growth rate
Fig. 10 displays the different oxide layers formed on the fracture surfaces of the fatigue tested HT specimens. The variation in their color is an indicator of the exposure to different amounts of time/number of cycles at HT. The oxidation kinetics theory has been used to estimate the rate of oxide formation on the fracture surface. Zhang et al. have demonstrated that the thermodynamically and kinetically favorable oxide in LB-PBF Inconel 718 is Cr2O3 (Chromia) [67]. This is because of high affinity of Cr to oxygen even at low partial pressures. Due to low wt.% of Al, alumina does not form. Similarly, Juillet et al. [68] showed the formation of chromia as the main oxidation residue in forged and as fabricated LB-PBF Inconel 718. 
From the Arrhenius oxidation-kinetic plot in the temperature range of 550 – 1100 °C for Inconel 718, parabolic law constant kp is estimated to be ~ 9 x 10-15 g2cm-4s-1 at 600 °C [68]. The time required for the growth of oxide is given by:
										(5)
where x is the thickness of oxide in cm, ρ is the density of chromia ~ 4.9 g.cm-3 [69]. Stereo microscopic examination of the fracture surfaces shows four different colors of the oxidation deposits: blue, purple, brownish red and golden yellow, as shown in Fig. 10. Figs. 10a-d are the micrographs of the specimens failed after Nf ~1.9 x 106, 3 x 106, 9.9 x 106, and 1.4 x 107 cycles, respectively. The variation in the oxide colors indicates the differences in chromia’s thickness on the fracture surface. A comparison of the colors with the Michel-Levy birefringence chart, one can estimate the thickness of chromia in each zone, which has a refractive index of ~2.51 [70–72]. Based on this, it is estimated that the thickness of blue scale is >100 nm. The thicknesses of oxides in purple, red and yellow scales are ~85, 70 and 50 nm, respectively. The exponential relationship between thickness of chromia (x) and number of cycles to achieve the corresponding thickness is plotted in Fig. 10e, for the loading frequency of 50 Hz. It takes merely 1.3 x 106 cycles to form the blue colored chromia. Similarly, the purple, red and yellow oxides form within 9.8 x 105, 6.6 x 105, and 3.4 x 105 cycles, respectively, which is a very small fraction of the Nf, i.e., 1.4 x 107 cycles in case of Fig. 10d. This shows that the formation of oxide started much later in the specimens, and it does not have a substantial effect on the overall fatigue life at HT. 

5. Summary and conclusions
An experimental investigation into the as-built microstructure and mechanical properties of LB-PBF Inconel 718 alloy was performed with emphasis on HCF properties. The specimens tested were reasonably dense (porosity <0.5 %) and representative of porosity usually reported in LP-PBF parts. Even with presence of big LOF pores in the as-built condition, the fatigue performance at RT is comparable to heat-treated or HIPed counterparts in terms of fatigue-to-ultimate tensile strengths ratio. Although σf at HT is lower than that at RT, Nf is an order of magnitude higher for σa > σf. Post-mortem microstructural analyses of the fatigued specimens show that this was due to the resistance provided by the as-built microstructure, in particular DRX ahead of the cracks that nucleate at the LOF pore corners, to the growth of SFCs that can nucleate readily at HT. With the aid of the fracture mechanics-based analyses and experimental observations, it was illustrated that the resistance to fatigue crack initiation and growth of SFCs are strongly influenced by size, shape, location, and orientation of LOF pores with respect to the loading direction. The post facto investigation of oxide layers suggests that they did not affect the fatigue life significantly. These results suggest that focus on the microstructural design for resistance to growth of SFCs would be way forward to improve the fatigue resistance of the AM materials.
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Table 1. Tensile and fatigue properties of as-built LB-PBF Inconel 718 at room temperature and 600 °C.

	
	Condition
	σy (MPa)
	σu 
(MPa)
	eu (%)
	ef (%)
	σf (MPa)
	σf/σu 

	Current work
	RT
	623 ± 18
	952 ± 11
	21.6 ± 1.3
	29.5 ± 4
	325
	0.34

	Current work
	600 °C
	609 ± 2
	877 ± 15
	19 ± 1.8
	21.4 ± 4
	250
	0.29

	Wan et al. [37]
	RT
	550
	800
	-
	30
	240
	0.31

	Solberg et al. [3]
	RT
	-
	900
	-
	 
	180
	0.2

	Yang et al. [38]
	RT
	634
	982
	-
	31
	480
	0.48




Table 2. The  near the LOF pores and their respective size (a, c), shape (λ), distance from the surface (d), orientation with respect to loading direction (φ) of the fatigue specimens. 

	Sr. no.
	Temp. (°C)
	σa (MPa)
	Nf (cycles)
	2c (μm)
	2a (μm)
	λ
	φ (°)
	d (μm)
	ΔK (MPa.m0.5)

	1
	25
	500
	159174
	92
	38
	0.41
	90
	60
	3.25

	2
	25
	400
	1435520
	288
	178
	0.62
	19
	390
	2.38

	3
	25
	375
	548679
	150
	32
	0.21
	90
	31
	2.47

	4
	25
	350
	232842
	165
	50
	0.30
	90
	75
	2.73

	5
	25
	350
	191757
	281
	50
	0.17
	0
	95
	2.89

	6
	600
	300
	2964775
	85
	149
	0.56
	0
	237
	3.01

	7
	600
	275
	9611699
	121
	66
	0.55
	64
	250
	2.14

	8
	600
	275
	9909621
	236
	67
	0.28
	63
	436
	2.24

	9
	600
	275
	6567692
	334
	62
	0.18
	90
	478
	2.73

	10
	600
	350
	1900540
	214
	45
	0.21
	90
	234
	3.25

	11
	600
	250
	1.5E+07
	121
	75
	0.62
	64
	205
	1.71
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