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Abstract 

The microstructures and mechanical properties of the 316L austenitic stainless steel fabricated 

using binder jet printing (BJP) and selective laser melting (SLM) were investigated and 

compared with those of the conventionally manufactured (CM) alloy, with particular emphasis 

on the unnotched fatigue resistance. Results show that the work hardening behavior, ductility, 

and fatigue strength (σf) of the BJP specimens, which contain significant amounts of pores, are 

surprisingly comparable to those of the CM alloy. In contrast, the SLM specimens are 

considerably stronger, especially in terms of the yield strength, less ductile, and far inferior in 

terms of σf although the porosity in them is relatively smaller as compared to the BJP specimens. 

These results are rationalized by recourse to the distinct microstructures in the two additively 

manufactured alloys, which stem from the different processing conditions experienced by them. 

The planar slip regime that prevails in the early stages of plastic deformation of the BJP alloys 

and a combination of other microstructural factors lead to the arrest of small cracks that nucleate 

at the corners of the pores, both under quasi-static and cyclic loads; as a result, neither ductility 

nor fatigue strength are adversely affected by the porosity in the BJP alloys. In the SLM alloy, 

the cellular structure, which enhances the yield strength considerably, is too fine whereas the 

columnar grains are minimally misoriented and coarse enough to induce any crack deflection or 

arrest. Implications of these results in terms of possible directions for designing AM alloys with 

high mechanical performance are discussed. 
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1.  Introduction 

Additive manufacturing (AM) of metallic components can be achieved using a number of 

different processing techniques that use powder, wire, and sheets as raw materials. The AM 

processes that use metal powder as the raw material are selective laser melting (SLM), electron 

beam melting (EBM), and binder jet printing (BJP) [1], all of which are known as powder bed 

processes. The SLM and EBM techniques use laser and electron beams, respectively, for melting 

the powder. Microstructures and mechanical properties of different alloy components fabricated 

using these two techniques are the most widely studied and reported. In contrast, the BJP process 

is relatively less explored and structure-property correlations in the metallic parts produced using 

it are not as widely reported. In this technique, a strong green part is first produced by applying 

the binding agents at desired locations [2–4]. The green part is then sintered in a furnace [5]. 

Although all the three aforementioned processes are powder based, the following are the key 

differences from the metallurgical perspective in them. (i) In the SLM and EBM processes, a 

small volume of powder is rapidly melted, which subsequently solidifies rapidly. This, in turn, 

imparts a fine microstructure that can be hierarchical in some alloys [6–8]. In most cases, the 

line-by-line, layer-by-layer building of components imparts a mesostructure that reflects it; such 

a structure could be beneficial for simultaneous enhancement of strength and fracture toughness 

in some instances, but may impart significant anisotropy to the mechanical behavior [9,10]. The 

microstructures of the BJP alloys, in contrast, are neither as fine nor exhibit mesoscopic features 

[11]. (ii) The rapid quenching inherent in SLM and EBM processes can result in the formation of 

metastable microstructural phases, though it is possible to avoid the formation of such phases by 

in-situ modifications, for example, raising the temperature of the powder bed. However, often 

the as-fabricated parts are unsuitable for high temperature applications and requires post 

processing [12,13]. Since the BJP parts require long sintering times, the resulting microstructures 

are relatively more stable. (iii) The larger thermal gradients and repeated heating and cooling of 

the deposited layers in the SLM processes can result in the presence of a high degree of residual 

stress in the fabricated coupons. As a result, they often require a post-fabrication annealing 

treatment to relieve those stresses. In contrast, the BJP specimens are almost free from any 

residual stresses [2,14].  

The major advantage of the BJP process is its capability to produce parts relatively cheaply 

and comparatively faster via-á-vis other powder bed processes [15]. Importantly, it is amenable 
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to any kind of alloy, whereas AM using SLM/EBM techniques can only be performed on a 

handful alloys. It is also capable of printing ceramics and composites [16]. While porosity is 

inherent in all the parts manufactured using powder-based AM techniques, the porosity levels in 

the BJP alloys tend to be high (often greater than 1-2%). In contrast, SLM parts are printed 

routinely nowadays with relative densities higher than 99.5% [17,18]. The high porosity levels in 

the BJP alloys, which forms during the sintering of the consolidated green parts, is considered a 

major disadvantage, especially in structural applications that are prone to fatigue [2,14]. This 

aspect requires detailed examination, especially in view of the recent technological advances in 

terms of binding agents [2,4,5,19]. Keeping this in view, the microstructure, porosity, and their 

effect on the tensile and high cycle fatigue (HCF) behavior of a 316L grade austenitic stainless 

steel (SS), a widely studied alloy in the SLM context, were investigated in the present work. The 

obtained results are compared with those of 316L SS manufactured using SLM as well as 

conventional manufacturing (CM) processes. Although the porosity level in the SLM alloy is 

significantly low as compared to that in the BJP alloy, it was found that its HCF resistance is far 

inferior, whereas the fatigue strength of the BJP alloys is comparable to that reported for fully-

dense CM alloy. We rationalize these surprising results by recourse to detailed studies on crack-

microstructure interactions.  

 

2.  Materials and experiments 

2.1.  Materials 

In this paper, we compare the mechanical properties of 316L SS specimens (with particular 

emphasis on unnotched fatigue) that were manufactured using three different processes: BJP, 

SLM, and CM. All the results on the BJP coupons presented in this work are new. While the 

unnotched fatigue test results on SLM specimens are new, results of the microstructural 

characterization, quasi-static tensile tests, fracture toughness and fatigue crack growth 

measurements on SLM 316L specimens that were fabricated using identical processing 

conditions were reported by some of us [6] in an earlier paper. For CM specimens, while quasi-

static tensile tests were performed as a part of this study, fatigue data are taken from published 

literature. 

For unnotched fatigue testing, cylindrical SLM specimens with a total length of 64 mm and 

a diameter of 9 mm were printed by Concept Laser Machine equipped with a YAG fibre laser. 
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The following process parameters were used for printing:  laser power −90 W, scan speed −1000 

mm/s, hatch spacing −150 µm (30% overlap), layer thickness −30 µm, scan rotation between the 

successive layers − 90°. The samples were printed with the hatch style known as single melt 

(SM), details of which have been reported elsewhere [6]. After printing, these specimens were 

stress relieved at 500 °C for one hour. While quasi-static tensile tests were performed in both P- 

and S-orientations (wherein the loading direction is parallel and perpendicular to the build 

direction, respectively), unnotched fatigue tests were performed on samples whose long axis 

coincides with the build direction, i.e., only in the P-orientation. We would like to point out that 

the parameter used for printing SLM 316L is not optimized, thus it contains relatively high 

degree of porosity. 

Rectangular BJP specimens (length = 70 mm) with 10 mm by 10 mm square cross-section 

were manufactured using the HP Metal Jet technology, using 316L powder and water based 

liquid binding agent1 [19]. The capillary forces pull the binding agent in the smallest interstices 

formed between the metal powder, which helps in uniform distribution of the binding agent [19]. 

After the printing of the parts, the curing of the bed evaporates the water of the binding agent and 

results in a strong green part. The green parts are then sintered in a furnace where the binding 

agent decomposes and fusion of the metal powder results in a solid part. The final stage of 

sintering was performed at temperature of 1380 ˚C for 120 minutes in a hydrogen atmosphere. 

The BJP specimens were printed in two different orientations, perpendicular and parallel to the 

direction of powder spreading. From now on we will refer them as P- and S-series, respectively.  

The tensile CM specimens were machined from a commercially available hot rolled plate 

annealed at 1050 ˚C and air-cooled. The properties of the steel plates satisfy the criteria set by 

ASTM A240/A240M–17 for their use in pressure vessels or general applications [20].  

 

2.2.  Experiments 

The relative density of all the specimens examined in this study were measured using the 

Archimedes’ principle with an weighing scale El Analytical balance XS204 capable of 

measuring weight to 0.0001 g accuracy (which translates to 0.00125% relative density accuracy 

for the 316L SS [21]). Ethanol was used for the measurement instead of water because the 

 
1These samples were received early in the development of the HP Metal Jet process, where further optimization and 

improvement continues as the technology is commercialized. 
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surface tension of ethanol is ~ 3 times lower than the water, which reduces the error in 

measurement of relative density [22]. All the specimens were mirror polished for the 

microstructural characterization by optical microscope (OM) and scanning electron microscope 

(SEM). The SLM specimens were etched after mirror polishing by V2A etchant (100 ml distilled 

water, 100 ml HCl, 10 ml HNO3) so as to highlight the grain boundaries and other 

microstructural features. Compositional analysis of both BJP and SLM specimens was carried 

out by wavelength-dispersive spectroscopy (WDS) using electron probe micro-analyzer 

(EPMA). For elemental mapping by WDS, a step size of 0.5 µm was used in EPMA. Electron 

back-scattered diffraction (EBSD) with step size of 0.5 µm was used for phase and grain 

orientation mapping, which is represented in the form of inverse pole figure (IPF) maps. These 

IPF maps were also used to measure the grain size, d, of the BJP and CM specimens. Further, the 

solidification cell size (described later) in the SLM specimens was measured using ImageJ, an 

open source software.  

While uniaxial tensile testing was performed on the 316L specimens manufactured using 

BJP, SLM and CM processes, fatigue testing was carried out only on BJP and SLM specimens. 

For uniaxial tensile testing of the BJP and CM specimens, flat dog bone shaped coupons were 

machined with the gauge length of 20 mm, width of 4.8 mm, and thickness of 3.3 mm. 

Respective dimensions of the tensile SLM specimens were 6, 2 and 0.5 mm. Following the 

standard procedures described in ASTM E8/E8M-11 [23], the tensile tests were conducted at a 

nominal strain rate of 10-3 s-1. During the tests of BJP and CM specimens, the strain was 

monitored using a video extensometer; for the SLM specimens the strain was monitored using a 

laser extensometer due to their sub-size dimensions.  

Since the relative porosity of both the P- and S-series BJP specimens varied significantly, 

tensile tests were carried out on the specimens with four different levels of porosity so as to 

evaluate the effect of porosity on the tensile properties. High cycle fatigue behaviour of SLM, 

BJP specimens of both P and S-series were evaluated in the rotating bending fatigue (RBF) 

configuration which operates at a constant frequency of 50 Hz. The unnotched fatigue testing 

was carried out on hour-glass shaped specimens with gauge length of 22 mm and a minimum 

diameter of ~5 mm machined out of square rod shaped printed parts, following the procedure 

described in the international standard, ISO-1143 [24]. To minimize the effect of surface 

roughness on the fatigue properties, all the specimens were polished till average surface 
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roughness, Ra was less than 1 µm. To determine the fatigue strength, σf, of SLM specimens, first 

sample was tested at stress amplitude, σa, of 300 MPa which is nearly half of the tensile strength, 

σu. Further, σa was reduced by 25 MPa till the σa reached a value at which at least three samples 

survive 107 cycles and the corresponding σa is designated as σf. However, in both P and S-series 

BJP specimens, the RBF tests were first started at a σa = 150 MPa and then increased by 50 MPa 

till a sample failed before 107 cycles. This approach was employed in anticipation of a low σf 

(because of comparatively high relative porosity in BJP specimens). However, the first sample to 

fail below 107 cycles was that subjected to σa = 300 MPa.  

To further study the effect of porosity on fatigue behaviour with a reasonable statistical 

accuracy, a total of 17 samples from P and S-series with different porosity levels were tested at 

σa = 270 MPa. The runout specimens tested at 270 MPa were nickel plated, sectioned (using wire 

electrical discharge machining (EDM) so as to preserve the sections close to the surface) and 

then mirror polished to observe internal fatigue cracks, if any. Fractography using SEM was 

carried out on all the fractured specimens failed during to uniaxial tensile testing as well as RBF 

testing.  

 

3.  Results 

3.1.  Microstructures 

An optical micrograph of a BJP specimen is displayed in Fig. 1a. It shows equiaxed grain 

structure that is typically observed in 316L SS after solution annealing treatment [25–27]. Both 

the P and S-series samples show similar microstructures in all the three orientations, which is 

expected as BJP process does not intrinsically favor (or aid) microstructural anisotropy, unlike 

SLM. A SEM micrograph of the BJP 316L SS, displayed in Fig 2a, shows presence of a second 

phase along some of the grain boundaries, which appears to be δ-ferrite formed during sintering 

process [28]. The presence of δ-ferrite was confirmed by WDS elemental maps shown in Figs. 

3a, b and c; these images show the segregation of ferrite stabilizing elements Cr, Mo at these 

sites. The results of WDS compositional analyses of the ferrite phase and the matrix, listed in 

Table 1, show that while Ni concentration in the matrix is ~11 wt.%, it is only ~4.5 wt.% in the 

ferrite. An IPF map obtained using EBSD on BJP specimen is displayed in Fig. 4a. It shows 

equiaxed grains with a grain size (d) of ~26 ± 16 µm, whereas the phase map displayed in Fig. 

4b indicates the presence of ~2.63% δ-ferrite in it. Both the images indicate to the presence of 
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significant amount of annealing twins. Misorientation mapping across the twin boundaries in Fig. 

4b shows that they are <111> 60° type and constitute ~11.6% in terms of area fraction. These 

annealing twins are also present in CM specimen, see the IPF map displayed in Fig. 4c, amidst 

equiaxed grains of size, d ~ 18 ± 17 µm.  

An optical micrograph of the SLM specimen (on plane perpendicular to the build direction) 

in Fig. 1b shows grains elongated in the direction of the laser scanning tracks. Microstructure of 

the SLM specimen on the plane parallel to the build direction is displayed in Fig. 2b. It shows 

formation of melt pool boundaries, which make the microstructure anisotropic. The anisotropy in 

the microstructure and mechanical properties of SLM 316L manufactured using identical SLM 

parameters was reported in an earlier work by us, where the effect of micro-meso-structure on 

the tensile properties, fracture toughness, and fatigue crack growth behaviour was analysed [6]. 

Figs. 3d, e and f show the WDS maps obtained on the SLM specimen. They indicate a uniform 

distribution of all the elements, indicating the microstructure of SLM 316L specimens consists 

only of the austenite (γ) phase. Higher magnification image, displayed in the inset of Fig 2b, 

shows presence of fine solidification cellular structure with an average cell diameter of ~ 

0.75±0.8 µm. Such fine cell structure is attributed to the high rate of cooling, which results in a 

steep thermal gradient in the molten metal [6,29]. Prior studies have also shown that both Cr and 

Mo segregate to the cell boundaries [7].  

 

3.2.  Porosity 

Figures 5a and b show the distribution of pores in BJP and SLM specimens, respectively. In both 

the cases, the pores appear irregularly shaped. Their angularity, however, appears to be 

comparatively less, i.e., they are relatively more spherical in nature, in the BJP specimens than in 

SLM specimens. In the latter, the pores form across several layers of deposition, possibly due to 

an inadequate melt-pool overlap caused by the single melt (SM) deposition strategy [6].  

The 3D porosity distribution in BJP specimens were further analysed using X-ray micro 

computed tomography (XRMCT). A representative image is shown in Fig. S1 of the 

supplementary information (SI). The pores that appear to be randomly distributed in optical 

micrographs are in fact aligned along the build direction when observed using XRMCT (see Fig. 

S1b of SI). Such an alignment of the pores is possibly related to the line by line deposition of the 

binder material ensuing a gradient in the compaction/green strength of the parts, which would 
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result in higher porosity in the less compact region during the sintering process. 

The relative porosity in all the tested specimens were measured using the Archimedes 

principle. While relative porosity in SLM specimens is ~ 2.3%, which is consistent through all 

the SLM blocks, it varies from 3.86 to 5.59 % in P-series and 3.73 to 5.29% in S-series of the 

BJP specimens. Figures S2a and b of SI show the porosity variation in each of the BJP 

specimens examined in this study. 

3.3.  Tensile properties 

To examine the effect of porosity on the stress-stress behaviour of BJP specimens, if any, four 

specimens from both P and S-series with different porosity levels were selected and tested. The 

measured tensile stress-strain responses are displayed in Fig. S3 of SI. Average values of the 

0.2% yield strength (σy), σu, and elongation to failure (ef) extracted from those responses are 

listed in Table 2. These results suggest that within the range of porosity examined in this study 

the tensile behavior remains unaffected. Additionally, it appears that the ductility of the alloy is 

substantial (ranging between ~64 to 81%), in spite of the relatively high porosity levels. The 

overall similarity between the tensile properties of P- and S-series specimens indicates that the 

BJP 316L SS are mechanically isotropic, reflecting the microstructural isotropy in the specimens 

examined in the present study. 

The tensile stress-strain responses of the 316L specimens manufactured using SLM, CM 

and BJP techniques are compared in Fig. 6a and the property data is listed in Table 2. The 

following are some key observations. (i) σy of the SLM specimens is substantially larger than 

that of the BJP and CM specimens; in between the latter two, CM alloy exhibits  ~35% higher σy. 

(ii) The disparity in σu is not as marked; while SLM (in P-direction) and CM specimens have 

similar σu, the strength of BJP specimens is only lower by ~11% (on average). (iii) The high 

strength of SLM alloy comes at the cost of ductility, with ef of them being as low as 12% (in the 

S-direction), Surprisingly, ef of the BJP alloys is either similar or in many cases better than that 

of the CM alloy, indicating the presence of the porosity does not adversely affect the ductility in 

the BJP alloy. Difference in the geometry of SLM and BJP specimens would affect the value of 

ef,  however, the difference in value of ef is too high, thus, making the effect of geometry 

insignificant. (iv)  Unlike the BJP specimens, the SLM ones show considerable anisotropy both 

in strength and ductility, with all the mechanical properties being significantly inferior in the 

direction perpendicular to build direction. 
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To examine whether the observed variations in σy across specimens manufactured using 

different processing techniques are due to the differences in the characteristic microstructural 

length scales () that control the yield behavior of 316L SS, whose strength is known to be 

sensitive to the grain size [30], σy is plotted as a function of -0.5 in Fig. 6b as per the well-known 

Hall-Petch relationship, i.e., σy = σfr + Ky ()-0.5, where σfr is friction stress, Ky is locking 

parameter. Data reported on CM alloys with different grain sizes (d) is also used in this plot for 

comparison [6,25,31,32]. While  = d  for the BJP and CM alloys, it is taken as the cell size in 

SLM alloys. A reasonably good fit through the data, with σfr = 188 ± 14 MPa and Ky = 275 ± 21 

MPa.(µm)0.5, observed in Fig. 6b suggests that the fine solidification cell structure in the SLM 

specimens is the reason behind the observed high σy in them. It has been reported that even 

though the cell walls in this case are dislocation cell wall in the 'conventional' sense, but are a 

result of the segregation of elements like Cr and Mo, which, in turn, necessitate that cell walls 

contain a high density of geometrically necessary dislocations (GNDs) [6,7].  

From Fig. 6b, we note that the σy of BJP specimens is lower (by ~60 MPa or ~20%) than 

that of 316L SS with similar grain size predicted by the Hall-Petch relation. This reduction is 

possibly due to the relatively high porosity levels in these specimens, as pores can raise the stress 

locally and result in the onset of plastic deformation at lower stress levels [33,34]. Mil’man [35], 

Bocchini [36], and Klar et. al. [37] reported that σy of sintered ferrous alloys decreases with the 

porosity level according to the equation proposed by Ryshkevitch [38]: σy = σy,0  exp(-6.5f), 

where σy,0 is the yield strength of fully dense alloy (taken as 260 MPa for 316L with d ~  µm 

[39]) and f is the pore volume fraction. For the range of f observed in the BJP alloys examined in 

the present work (3.7 to 5.6%), the above relation predicts σy between 181 and 204 MPa, which 

is in good agreement with the experimentally measured range of 189 and 198 MPa (see Table 2).  

 

3.4.  Work hardening behavior 

The tensile stress-strain responses displayed in Fig. 6a clearly indicate that the work hardening 

behavior of SLM 316L SS is significantly different from that of the BJP and CM alloys. While 

the latter two yield at relatively low stresses and then strain harden considerably before necking, 

the SLM alloy does not exhibit much work hardening, which is the reason for the relatively low 

ductility in it. To explore these characteristics further, stress-strain data in the plastic regime of 

all the three alloys is displayed in Fig. 7a on a log-log plot. Both the BJP and CM specimens 
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exhibit the characteristic two stage hardening that is widely reported to occur in well-annealed 

316L SS [40]; the following are the mechanisms behind [40,41]. Beyond yield, easy and planar 

glide of dislocations leads to the observed initial low hardening rate [42]. However, when the 

dislocation density increases with the plastic strain, an enhanced resistance to their mobility leads 

to cross-slip, leading eventually to the formation of dislocation cells. This transition in the 

mechanism causes the secondary steady state hardening with a considerably higher hardening 

rate [40,41]. 

The two stage hardening behaviour can be well-described by the Ludwigson's constitutive 

relationship [40]: 

 

𝜎 = 𝐾1𝜀p
𝑛1 + exp𝐾2 . exp𝑛2𝜀p       (1) 

 

where σ is the true stress,  εp is the true plastic strain, K1 and K2 are material constants known as 

strength factors, and n1 and n2 are the work hardening indices. Fig. 7b shows representative 

experimental data (in the plastic regime) obtained on the P- and S-series BJP and CM specimens, 

with Eq. (1) fitted through them. The values of K1, K2, n1, and n2 for BJP and CM specimens 

obtained through such fits are listed in Table 3 along with those reported in literature for a CM 

316L that has similar d (~26 µm) as the BJP alloys examined in this study [42].  

The values K1 and n1 represent the slope of the second stage of hardening shown in Fig. 7a, 

where cross slip is prevalent. The BJP specimens show higher n1 as compared to the CM 

specimens, which could be related to different microstructure of BJP and CM specimens. The 

value of n1 reported by Singh et. al. [42] for 316L SS with a similar d, but manufactured using 

the CM techniques, is also lower than that estimated for BJP specimens. Singh et al. emphasized 

that when d > 6 µm, d has a negligible effect on n1. Since d in the BJP alloys is much larger than 

this critical size, it might not be the reason for the observed differences. The other two remaining 

factors that can affect the hardening behavior are the stacking fault energy (SFE) and presence of 

δ-ferrite. The mechanism of plastic deformation in austenitic SS transitions from deformation 

twinning when SFE is ~15-45 mJ/m2 to dislocation glide when SFE ≥ 45 mJ/m2 [43]. An 

approximate estimate of the SFE, on the basis of the chemical compositions given in Table 1 and 

using the JMatPro software, yields a value of ~ 48.1 mJ/m2 for the matrix of the BJP alloy due to 

segregation of Cr, Mo and depletion of Ni at the grain boundaries (which result in the formation 
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of δ-ferrite, as discussed earlier), whereas it is ~ 56.2 mJ/m2 for the SLM alloy in which all the 

elements are uniformly distributed. Although the SFE in the BJP specimens is relatively lower, 

the predominant deformation mechanism is still dislocation glide due to the fact that it is greater 

than 45 mJ/m2. However, the relatively lower SFE can prolong the 'easy glide' stage of plastic 

deformation, which will be discussed later.  

The presence of δ-ferrite in the BJP alloys can directly affect the hardening behavior as 

well. Although the crystal structures of δ-ferrite (BCC) and γ-austenite (FCC) are different, the 

Kurdjomov-Sachs orientation relationship,  [110](11̅1)γ//[111](11̅0)δ, between them facilitates 

slip transfer [44]. However, δ-ferrite is considerably harder due to the absence of closed pack 

planes in the BCC crystal structure, which leads to strain incompatibility between the two 

phases. (See Fig. S4 of SI that shows the hardness values of the two phases evaluated using the 

nanoindentation technique.) While the austenite phase deforms readily, slip transfer through the 

ferrite phases starts only at a larger strain [44]. Thus, the presence of ~2.63% δ-ferrite is the 

possible reason along with the extended planer glide for the observed higher n1 in the BJP 

specimens compared to CM specimens. 

The two stage hardening in the BJP specimens resulted in a σu to σy ratio of ~3, which, in 

contrast, is merely 1.2 in the case of SLM specimens. This difference also reflects in elongation 

to failure, ef which is ~3.5 times higher in BJP specimens as compared to that in the SLM 

specimens.  

Representative fractographs obtained from the tensile tested BJP and SLM specimens are 

displayed in Figs. 8a and b, respectively. While the BJP specimens show ductile dimple fracture 

features, they are less prevalent in the SLM specimens. (See Fig. S5 in SI for the low 

magnification images of the fractured samples.) The ductile dimples in the BJP specimens are 

reminiscent of the porosity distribution observed using XRMCT (See Fig. S1 of SI), which 

suggests that the void coalescence and growth is aided by the existing pores.  

 

3.5.  Fatigue strength 

Results of the RBF tests on the BJP (P-series) and SLM (P-orientation) specimens are 

displayed in Fig. 9. (See Fig. S6 in SI for the fatigue data on the S-series of the BJP alloy.) The 

σf of SLM specimen is considerably low at 101 MPa, which only about one-sixth of u. One 

possible explanation for this is the high relative porosity ~ 2.3% in them. For example, from a 
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series of tests conducted for up to a million cycles, Solberg et al. [43] reported σf ~ 163 MPa. 

The presence of large 'lack-of-fusion' pores were the reason for such a low σf. Chefan et al. [45] 

suggested that eliminating such pores can improve σf to ~ 200 MPa. Elangeswaran et al. [46] and 

Riemer et al. [47] demonstrated that σf of SLM 316L can be improved to ~250 MPa by reducing 

the porosity level below 0.5%. Surprisingly, σf of both P- and S-series BJP 316L SS is ~250 

MPa, in spite of the fact that the relative porosity in them is considerably higher, ranging 

between 3.7% and 5.6%, i.e., almost 2 to 3 times higher compared to that in the SLM specimens.  

To assess the effect of porosity on the fatigue behavior, 17 samples from both P and S 

series with the entire range of porosity variation were tested at σa, 270 MPa. The relative porosity 

vs. number of cycles to failure (Nf) data obtained on these specimens is displayed in Fig. 9c. It 

shows that 12 out of the 17 samples survived 107 cycles. Importantly, we did not find any 

correlation between the porosity and Nf of those specimens which failed earlier than 107 cycles, 

suggesting that the porosity has no apparent effect on the fatigue behavior of the BJP specimens 

within the range of porosity investigated.  

A comparison of the σf of the AM specimens with those of CM specimens is essential for 

bench-marking purposes. A survey of the published literature on the RBF test results on CM 

specimens indicates a large variance in the reported σf, which is possibly due to the large 

variation in the microstructures and thermal histories of the alloy samples examined. In view of 

this, we compare σf of BJP specimens with that of a well-annealed 316L whose σu is of similar to 

that of the BJP specimens. In such cases, reported data of σf of CM 316L range between 250-350 

MPa, and σf /σu ratio ranges between 0.40 to 0.49 [46–49]. While σf (250 MPa) of the BJP 

specimens investigated in this work is at the lower end of this range, the σf /σu ratio (~ 0.45) can 

be considered impressive considering the level of porosity in them.  

Representative low magnification fractographs of the fatigue tested (σa = 300 MPa) BJP 

and SLM specimens are displayed in Figs. 10a and b, respectively. The fracture surface of the 

BJP specimen is highly corrugated as compared to that of the SLM specimen; possibly because 

of relatively high ductility of BJP specimens. The crack initiation sites can be easily identified in 

both the cases; these locations are marked with red boxes. Higher magnification images of these 

regions are provided in Figs. 10c and d. They show that the crack initiates from a pore (which 

appears to have formed due to an unmelted powder particle) close to the specimen surface of the 

SLM sample. In the case of the BJP specimen, no pores were detected at the crack initiation site. 
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Instead, the fatigue crack appears to initiate from the surface. Similar observations were made in 

almost all the BJP and SLM specimens.  

 

4.  Discussion 

4.1. Effect of hardening behaviour on the fatigue crack initiation 

A large fraction of the HCF life of any material is spent in initiating the dominant crack that 

eventually lead to failure [50]. Since the presence of pores, especially close to the surface, makes 

it considerably more easy to initiate a sharp crack under cyclic loading conditions, the HCF life 

of materials with porosity tend to be far inferior as compared to their pore-free counterparts. This 

is precisely the reason for the observed σf of 101 MPa in the SLM specimens of the current 

study. (In fact, this is the major drawback of almost all the AM metals that are fabricated used 

either SLM or e-beam melting techniques.) In the case of the BJP specimens, although the 

porosity level in them is considerably higher than that in the SLM specimens, σf is ~ 250 MPa, 

which is close to the value of CM 316L [46–49,51]. It is also interesting to note that this σf is 

larger than the σy of the BJP alloys. 

Fatigue crack initiation in a material depends on a number of factors and an important one 

is how dislocations interact with microstructural elements such as grain boundaries, inclusions, 

and pores [52]. Since the strain hardening behaviors of the BJP, SLM and CM specimens--and 

hence ductility--differ significantly, it is possible that this could be the reason behind the 

observed difference. In particular, the interaction between the planer slip, which is prevalent in 

the early stages of plastic deformation in BJP and CM alloys, and the pores during fatigue 

loading could shed some light on the underlying reasons. It has been observed that when planer 

slip is prevalent, small cracks tend to grow along the slip planes. This, in turn, can lead to the a 

reduction in the mode-I driving force when the slip plane is inclined to the loading axis [53,54]. 

In the SLM specimens, planar slip does not occur because of the fine cellular structure in it 

promotes the dislocations to cross-slip at the onset of plastic deformation itself [7].  

Plastic deformation in the BJP and the CM specimens, however, exhibits the initial easy 

glide stage, which transitions into duplex slip that facilitates eventual cross-slip. To demarcate 

the stress/strain at which this transition starts to occur, the work hardening rate, dσ/dε is plotted 

as a function of the true strain, ε, in Fig. 11. The true transition strains, εT, at which flow 

transition from planar to duplex slip occurs (designated by TP1 and TP2 for the CM and BJP 
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specimens, respectively) are identified by recourse the tangent-intersection method as illustrated 

in Fig. 11. The corresponding engineering stresses are labeled ST. The average values of εT and 

ST for the BJP specimens are ~ 2.37 ± 0.3%, and 253 ± 13 MPa, whereas they are 1.57% and 359 

MPa for the CM specimens. This indicates that the planar slip regime is prolonged in the BJP 

specimens, which could be due to the lower SFE in them, as discussed already in section 3.3.  

To understand the role of higher εT in BJP specimens and how the planer slip affects crack 

initiation, interrupted tensile tests on the BJP specimens were carried out. As illustrated in Fig. 

12a, the tests were interrupted for the microstructural evaluation by SEM at S = 200, 220, 250, 

270, and 400 MPa, which correspond to e of 0.11, 0.41, 1.36, 2.14, and 11.6%, respectively. 

Only planer slip could be noted until e = 1.36% (S = 250 MPa); see Fig. 12b. Upon further 

straining (e = 2.14% and S = 270 MPa), microcracks starts to form around the pores, as 

illustrated in Fig. 12c. Note that these stress levels correspond to those of the transition stresses, 

ST. The orientation of these cracks appears to broadly align with the slip lines. When S is further 

increased to 400 MPa (e = 11.6%), duplex slip becomes prevalent, which first starts near the 

pores due to high stress concentration, as illustrated in Fig. 12d. The duplex slip lines form at an 

obtuse angle to the planer slip lines, because of which, the cracks that had formed near the pores 

along the direction of the planar glide are not aligned with the slip lines. As a result of this, any 

cracks that nucleate at the pore corners get arrested. This is possibly the reason as to why 

porosity does not affect the ductility of the BJP specimens in an adverse manner.  

It appears that the duplex slip first starts in the grains that contain pores. To illustrate this, 

one BJP specimen, whose surface was carefully made ready for EBSD, was strained to e = 4% (S 

= 300 MPa). While Figs. 13a and 13b show low magnification SEM micrographs obtained 

before and after the tensile test, Figs. 13c and 13d show the Kernel Average Misorientation 

(KAM) maps obtained from the locations I and II marked on images 13a and 13b, respectively. 

Localisation of plastic strain near the pores and the grain boundaries can be seen in Fig. 13d. 

SEM images of this sample before and after loading are displayed in Fig. S7 of SI, so as to 

further illustrate crack blunting by the process of duplex slip. 

 

4.2.  Small fatigue crack growth 

From Fig. 12c, it is apparent that microcracks start forming in the BJP specimens in the stress 

range of 250-270 MPa under quasi-static tensile loading. Most of these cracks get blunted due to 
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the initiation of the duplex slip. Under cyclic loading, only one crack has to attain the critical 

length for it to cause early failure. Yet, 12 out of 17 specimens tested at σa = 270 MPa 'ran out', 

indicating a high degree of damage tolerance intrinsic to the BJP specimens. To contrast, all 

SLM specimens subjected to fatigue testing at σa ≥ 200 MPa did not even survive 500,000 

cycles. Fractographic investigation of these specimens indicates that the cracks originate from 

the lack-of-fusion pores, whose diameter, η, is in the range of~ 300-400 µm. From linear elastic 

fracture mechanics (LEFM), the critical flaw size, ac, below which a crack does not propagate 

can be determined on the basis of the threshold stress intensity factor range for large crack, ∆𝐾th
LC 

[55,56] as, 

 

𝑎c =
1

π
(

∆𝐾th
LC

𝑌.𝜎a
)

2

          (2) 

 

where, Y is the shape factor ( ~1.1 [56]). Using the value of 9.1 MPa√m for ∆𝐾th
LC that was 

reported by us for this specific SLM 316L [6] and σa = 200 MPa in Eqn. (2) gives ac = 545 µm, 

which is much larger than the η of the pores that cause the failure of these specimens. This 

observation implies that the cracks that nucleate at the pore corners have to grow by at least 150 

m, before they become critical. As we shall see later, the microstructure in the SLM alloy does 

not provide any hindrance for such growth. 

To investigate the reasons for the excellent fatigue resistance observed in the BJP 

specimens, microstructural evaluation on the surfaces as well as cross-sections of the runout 

specimens tested at σa = 270 MPa was performed. Three representative images of small fatigue 

cracks (SFC), which emanate from pores but get arrested (inferred, as the specimens ran out), 

and their interaction with the microstructural constituents are displayed in Fig. 14. Although one 

of these cracks has propagated a distance of ~ 40 µm (Fig. 14c), the specimen survived 107 

cycles. Such crack arrest has been observed in the past, especially in the materials where planar 

glide is prevalent wherein the SFCs can maintain their crystallographic nature until they 

propagate over tens of grains; crack growth along the slip bands is often limited to only one or 

two grains in materials with wavy slip characteristics [53,57]. 

The fracture surface of a BJP specimen tested at σa, 300 MPa, displayed in Fig. 10c, 

indicates that a small crack initiated from a pore near the surface of the specimen and grew along 
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the circumference for about 500 µm before it started to grow inwards. While the growth of such 

SFCs can sometimes be faster than the large fatigue cracks, they can be hindered by 

microstructural features such as large angle grain boundaries or when they encounter a different 

microstructural phase along its path [58,59]. The propagation of a SFC through a grain boundary 

can occur through the accumulation of sufficient damage in the adjacent grain. However, direct 

transfer of slip (and hence crack propagation) is not possible under HCF conditions as the σa is 

relatively small [57,58,60].  

The ability of the grain boundaries to resist the growth of a SFC depends on the following 

factors. (i) Grain size, d which controls the size of the blocked slip bands. (ii) The relative 

orientation of the grains with respect to the direction of loading, which determines the ratio of 

Mode I and Mode II components of the crack driving forces. (iii) Misorientation between the 

grains. In order to predict the threshold stress amplitude, σth, that is required to grow a crack 

through the grain boundary, Tanaka et. al. [61] proposed the blocked slip band (BSB) model that 

estimates the size of the slip band required for transferring the damage through the grain 

boundary, which is a conceptually similar to that used in developing the Hall-Petch relationship 

[61–63]. According to the BSB model, the threshold stress intensity factor ranges for the 

propagation of large crack and small cracks, ∆𝐾th
LC and ∆𝐾th

SC respectively, are related through the 

equation [59]: 

 

∆𝐾th
SC= ∆𝐾th

LC √
𝑎

𝑎+𝑎0
 + 2 𝜎fr√

𝑎

𝜋
 cos−1 (

𝑎

𝑎+𝑎0
),      (3) 

 

where a is half crack length, σfr is friction stress (~ 188 MPa, obtained from Fig. 6b), and a0 is 

the length of the blocked slip band. An assumption that the stress concentration near the crack tip 

is higher than the microscopic yield strength of the grain through which the crack has to break 

through gives [52,59]: 

 

𝑎0 =  (
𝑑

2
) [

𝜎a

α𝑀𝜎f
].         (4) 

 

Here, α is a constant (=0.6 for 316L [64]) and M is the Taylor factor, which is taken as the 

minimum value obtained from the IPF maps (=2.3). From literature [6,65], values of 7.9 and 13.5 
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MPa√m were used for ∆𝐾th
LC for the BJP (well-annealed 316L SS with similar grain size as the 

BJP specimens) and the SLM specimens, respectively; both the values are corrected for load 

ratio, R = −1. An important point to note here is that a0 depends on the applied σa. The above 

model also includes the effect of mode II component of the crack growth, which usually is the 

case for small cracks. Once ∆𝐾th
SC is determined using Eqns. (3) and (4), σth can be evaluated 

using the following fracture mechanics equation [59]: 

 

𝜎th =  
∆𝐾th

SC

√𝜋𝑎
.          (5) 

 

Variations of σth in both the BJP and SLM specimens for σa = 250 and 300 MPa are plotted 

as a function of the crack length a in Fig. 15. Following are some observations. (i) The value of 

σth for growth of a SFC across a grain boundary in a BJP specimen is ~ 700 MPa for a crack 

length of 40 µm. Since the applied stress is much smaller than this stress, the crack gets arrested 

at the grain boundary. This is the reason why the samples survived 107 cycles even though it had 

a 40 µm long crack. This observation implies that the high σth translated into high σf in the BJP 

specimens. (ii) At σa = 300 MPa,  σth of BJP specimen is nearly three times that of the SLM 

specimens. The reason behind such big difference is the d ~ 75 µm in SLM specimens compared 

to d ~ 26 µm in BJP specimens. The cellular structure in the SLM specimens, which is the reason 

behind their high strength, cannot hinder the growth of SFCs, because the misorientation 

between the cells is less than 2°. If the misorientation between two grain is < 15°, then the grain 

boundary is not an effective barrier to the SFC growth [58,60]. (iii) For σa of 300 MPa, σth is 

close to 400 MPa, which means that once a crack initiates from a pore, it will fracture very fast. 

This reflects in the fatigue results of the SLM specimen which failed in ~2×105 cycles when 

fatigued at σa = 300 MPa. Furthermore, the presence of large lack-of-fusion pores makes the 

initiation of such fatal cracks easy. (iv) When a is > 70 µm, σth of SLM specimen is higher 

compared to BJP. This observation suggests that the growth rate for a large crack is higher in 

BJP specimens compared to SLM specimens. Indeed the model is able to capture the effect of 

grain size on the growth of small and large cracks, as suggested in literature [52,59,66]. 

From the above discussion, the following reasons behind the superior unnotched fatigue 

resistance of the 316L SS BJP specimens, as compared to the SLM specimens, can be inferred. 
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(i) It is difficult to initiate a long fatigue crack in the BJP specimens because planar/duplex slip is 

primary deformation mechanism in low strain range. In the SLM specimens, in contrast, plastic 

deformation is aided readily through dislocation cross-slip because of the presence of fine 

solidification cellular structure. (ii) The microstructures of the BJP specimens contain an 

abundance of effective barriers, such as the annealing twin boundaries with a misorientation of 

60°, δ-ferrite phases, and large angle grain boundaries, all of which hinder the growth of SFCs. 

(iii) In the SLM specimens, the sizes of the pores are relatively much larger. Moreover, they are 

not uniformly distributed, whereas pores are smaller and uniformly distributed in BJP specimens. 

Importantly, the microstructural length scales are either too large (columnar grains that are ~ 75 

µm in size) or too small (cell size of 750 nm). Under such circumstances, a crack that readily 

nucleates at the corner of a pore, can traverse a substantial distance before it encounters a grain 

boundary. Since the crack considered long by that time, the effectiveness of the grain boundary 

as a barrier is lost, because the growth of the crack is not crystallographic anymore. Since the 

misorientation in 50% of columnar grain boundaries in the SLM specimens is < 5°, they are also 

less effective in arresting the growth of the fatigue cracks.  

 

5. Conclusions and implications 

On the basis of the experimental results obtained in this study, the following are some of the key 

conclusions that can be drawn. 

(i) The substantial work hardening ability of both the BJP and CM 316L SS imparts them with 

considerable ductility. While the  fine solidification cell structure within the columnar grains of 

the SLM alloy renders high yield strength to them, it forces dislocation cross-slip at the onset of 

the plastic deformation itself, shortening the work hardening regime, and hence ductility, in turn.  

(ii) The planar slip deformation mechanism that governs the first stage of the plastic deformation 

in the BJP alloys coupled with high angle grain boundaries, δ-ferrite phase, and annealing twin 

boundaries, make it difficult for the cracks that nucleate at the pore corners during cyclic loading 

to grow to the required lengths for them to become critical. As a result the fatigue cracks remain 

short and crystallographic in nature and get arrested when they encounter these microstructural 

obstacles, when the applied stress amplitude is below the fatigue strength. In the SLM alloys, in 

contrast, the cell size is too small to act as a barrier for a crack to penetrate through (even at low 

stress amplitudes) whereas the columnar grains are too large and are well aligned to act as crack 
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arresters. As a result, fatigue cracks that nucleate at the pores near the surface of the specimen 

propagate unhindered, resulting in low fatigue resistance of the SLM alloy. 

 The following are the implications of the findings of the present work, in terms of 

possible directions for designing the AM 316L alloys with high mechanical performance, the 

following:  While the higher porosity in the BJP specimens does not adversely affect its HCF 

resistance, it lowers σy. Thus, reducing the porosity substantially may make σy of the BJP parts as 

good as those of the CM alloy. For the SLM 316L SS, it is obvious that the occurrence of the 

lack-of-fusion pores should be minimized--if not eliminated altogether, so as reduce the overall 

porosity, and, in turn, enhance the fatigue strength. Microstructural design that would break the 

long columnar grains into smaller and equiaxed grains, may also make it more defect tolerant. In 

this direction, recent work that the crystallographic texture of 316L SS manufactured by SLM 

can be controlled by manipulating the melt-pool geometry and the solidification behavior [67,68] 

holds promise. Since the fine solidification cellular structure, which imparts the high yield 

strength to the SLM alloys, is reported to be thermally stable, heat treatments that would impart 

damage tolerance without compromising on the high strength in a significant manner should also 

be explored. 
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Table 1. Composition (in wt.%) of BJP and SLM specimens measured by wavelength 

dispersive spectroscopy (WDS). The data is average of point analysis performed on at least 

7 different locations. 

Specimen Fe 
(wt.%) 

Ni 
(wt.%) 

Mo 
(wt.%) 

Cr 
(wt.%) 

Mn 
(wt.%) 

Si 
(wt.%) 

BJP 
Matrix 69.8 ± 0.1 10.8 ± 0.1 1.9 ± 0.1 15.7 ± 0.1 1.16 ± 0.01 0.60± 0.01 

δ - Ferrite 66.9± 0.2  4.5 ± 0.1 4.3 ± 0.1 22.8 ± 0.2 0.93 ± 0.03 0.69 ± 0.01 

SLM 65.7 ± 0.1  12.4 ± 0.2  2.28 ± 0.03  17.5 ± 0.1  1.32 ± 0.06 0.70 ± 0.01  
 

Table 2. Tensile and fatigue properties of the BJP, SLM and CM specimens.  

Material Relative 

porosity (%) 
Yield strength, 

σ
y
 (MPa) 

UTS, σ
u
 

(MPa) 

Elongation to 

fracture, e
f
 (%) 

Fatigue strength, 

σf (MPa) 

BJP (P-series) 

3.86 198 ± 4.8 556 ± 5.4 66 ± 6.2 250 

4.25 197 ± 3.5 555 ± 4.3 70 ± 2.6 

4.87 189 ± 1 547 ± 0.5 70.5 ± 0.5 

5.64 189 ± 1.7 534 ± 5 64 ± 2 

BJP (S-series) 

3.7 196 ± 4 548 ± 6.5 80 ± 1 250 

4.2 196 ± 4.1 555 ± 8.2 75 ± 2 

4.48 198 ± 1.6 558 ± 3.8 74 ± 3.6 

4.69 196 ± 2.9 551 ± 4.3 75 ± 4.6 

SLM (P-

orientation) 
2.3 511 ± 14 621 ± 11 20 ± 2 

101 

SLM (S-

orientation) 
2.3 430 ± 11 510 ± 20 12 ± 1 

- 

CM 0 273 ± 37 622 ± 6 65 ± 10 - 
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Table 3. Material parameters obtained by fitting the Ludwigson constitutive models for the 

work hardening in BJP and CM specimens. For the purpose of comparison, the parameters 

obtained from literature for CM 316L with similar grains size, d, is also listed.  

Ludwigson 

constants (Eq. 1) 

→ K
1 

(MPa) n
1
 K

2
 n

2
 

Material↓ 

BJP  
P-series 1296±55.18 0.536±0.012 4.966±0.087 -18.5±2 

S-series 1317±31.02 0.531±0.004 4.9575±0.064 -19.5±1.9 

CM (this study) 1372±17 0.423±0.019 5.27±0.12 -29±2 

CM (literature) 

[42] 
1291.7 0.37 5.2 -54 
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(a) (b)

Figure 1. Optical micrographs showing the representative microstructures of 316L austenitic stainless steel alloy 

manufactured using (a) binder jet printing, and (b) selective laser melting. Fig. (b) shows the top view (of the 

plane perpendicular to the build direction of the SLM alloy).



Figure 2. Scanning electron micrographs showing representative microstructures of 316L austenitic stainless steel 

alloy manufactured using (a) binder jet printing, and (b) selective laser melting. Fig. (b) shows the side view (of the 

plane parallel to the build direction of the SLM alloy). The red circle in (a) highlights a δ-ferrite precipitate. Inset in 

(b) shows the fine solidification cell structure present in the SLM specimens.

δ - 
Ferrite

(a) (b)



Figure 3. Wavelength dispersive spectroscopic (WDS) analyses of BJP (top row) and SLM (bottom row) 

specimens showing distributions of  (a, d) Cr (b, e) Ni and (c, f) Mo in the Fe matrix. Note the segregation of Cr 

an Mo and depletion of Ni at the grain boundaries in the BJP specimens. 
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Figure 4. Representative images obtained using EBSD; (a) IPF map obtained from a BJP specimen, which illustrates the 

orientation distribution of the grains, and (b) a phase map, which shows a homogeneous distribution of the δ–ferrite (red) 

phase in the γ–austenite matrix (green). The blue lines in (b) indicate the presence of <111> 60° annealing twin boundaries. 

(c) An IPF map of CM specimen. (d) Legend for the IPF maps. 
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Figure 5. Representative optical micrographs showing porosity distribution in (a) BJP and (b) SLM specimens. 
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Figure 6. (a) Representative tensile stress-strain responses of SLM, BJP and CM specimens.  (b) Yield strength 

versus grain size plot  for data obtained on 316L SS manufactured by different processes, as per the Hall-Petch 

relation. 
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Figure 7. (a) Work hardening behavior of the BJP, SLM and CM specimens, showing the two stage hardening in 

BJP and CM specimens. (b) Experimental true stress vs. true plastic strain data fitted using the Ludwigson 

constitutive model.
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Figure 8. Fractographs obtained from the tensile tested samples showing (a) ductile fracture in a BJP sample 

showing large voids, and (b) fracture features in a SLM specimen.
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Figure 9. Stress amplitude (σa) versus number of cycles to 

failure (Nf) data obtained on (a) SLM and (b) BJP (P-series) 

specimens. (c) Results of the fatigue tests conducted at σa = 

270 MPa on the specimens with different porosity levels. The 

data in the parentheses shown in (b) give the relative porosity 

(in %) of the sample. The arrows indicate run out specimens, 

i.e., those that did not fail even after 107 cycles, and the 

numbers next to the arrows indicate the number of specimens 

that survived at that stress amplitude.
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(a) (b)
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Figure 10. The fracture surfaces of (a) BJP Specimen fatigued at stress amplitude, σa, 300 MPa, number of cycles to 

failure, Nf, 98368 (b) SLM specimen fatigued at σa, 152 MPa, Nf, 2.5×105. High magnification image showing crack 

initiating from the (c) surface of BJP specimen, and (d) from the pores near the surface in the SLM specimen. The arrow in 

(c) shows the direction of growth of the small fatigue crack along the surface. 
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Figure 11. Work hardening rate, dσ/dε, plotted as a function of the true strain for the BJP and CM specimens, 

showing the transition from planer glide to cross-slip. Points TP1 and TP2 corresponds to true strain, εT, where 

transition from planer glide to duplex slip starts in the CM and BJP specimens respectively.   
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Figure 12. (a) Engineering stress, S, vs. strain, e, response recorded during the interrupted sub-sized tensile test of the BJP 

specimen. Microstructure of the specimen deformed to e, of (b) 1.36%, (c) 2.14%, and (d) 11.56%, which correspond to S, 

250, 270 and 400 MPa, respectively. Red circles in (c) highlights the crack initiation from a pore along a slip trace, and in (d) 

crack blunting due to duplex slip in the grains near a pore. 
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Figure 13. Microstructures of BJP specimen in (a) the undeformed state, and (b) after 4% engineering strain, e, which 

correspond to engineering stress, S, 300 MPa. EBSD Kernel average misorientation (KAM) map obtained from (c) 

region I of the undeformed specimen, and (d) region II of the deformed specimen.
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Figure 14. Micrographs showing some of the small fatigue 

cracks observed in the gauge length of fatigue specimens 

that survived 107 cycles at a stress amplitude, σa, of 270 

MPa. The cracks initiated from pores and propagated 

nearly 10-40 µm, before getting arrested. (a) A crack 

initiating from a pore in the crossection, magnified image 

of the pore is illustrated in inset, (b) A crack initiating 

from all the corners of a pore present on the surface of the 

BJP specimen. EDS map shown in the inset shows that 

one of the corner cracks getting arrested by the δ–ferrite 

particle. (c) A fatigue crack on the surface of specimen 

that grew across the 2-3 grains before getting arrested. 
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Figure 15. The variation in the threshold stress, σth for the propagation of a small fatigue cracks (SFC) across a 

grain boundary in BJP and SLM specimens fatigued at the stress amplitudes, σa, of 250 and 300 MPa. The σth was 

calculated using blocked slip band (BSB) theory. 
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Figure S1. X-ray micro CT reconstruction showing (a) three dimensional porosity distribution, and (b) side view of the 

porosity distribution in BJP specimens. Distance between two adjacent markers in all the directions is 100 µm. 
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Figure S2. The bar chart showing the porosity distribution in (a) P-series, and (b) S-series of BJP specimens. The 

star mark above the bar indicates that these specimens were selected for tensile testing.  
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Figure S3. Representative tensile stress-strain responses of the various BJP 316L samples.
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Figure S4. Hardness value obtained from the nano-indentation of phases in BJP specimens, γ – austenite 

and δ – Ferrite.



(a) (b)

Figure S5. Fractographs obtained from the tensile tested samples of (a) BJP, and (b) SLM 316L
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Figure S6. S-N curves of the specimen showing the fatigue strength, σf in BJP specimens (S-series).



Figure S7.  (a) Interrupted tensile stress-strain response of BJP specimens till engineering stress, S, 300 MPa corresponding 

to engineering strain, e, 4%, and microstructure in (b) un-deformed state (c) deformed up to S, 300 MPa, high 

magnification images showing duplex slip bands forming near the pores in (d) and (e), which is blunting the crack tips.

(a) (b)

(c) (d) (e)


	Main_text_316L_Revised
	Figs_316L_Revised
	Default Section
	Slide 1
	Slide 2
	Slide 3
	Slide 4
	Slide 5
	Slide 6
	Slide 7
	Slide 8
	Slide 9
	Slide 10
	Slide 11
	Slide 12
	Slide 13
	Slide 14
	Slide 15
	Slide 16: Supplementary Information
	Slide 17
	Slide 18
	Slide 19
	Slide 20
	Slide 21
	Slide 22
	Slide 23



