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Abstract Metal additive manufacturing (AM) has the potential to tailor the mechani-
cal performance of materials. Due to the complex thermal history and unique microstruc-
ture, AM materials are reported to contain distinct dislocation networks with a high dis-
location density, which affect the plastic deformation behavior and fracture. However, it is
challenging to experimentally observe the formation of such dislocation structures. In this
work, a multi-scale multi-physics crystal plasticity modeling framework that integrates the
process-structure-property relationship in metal AM is developed. The temperature field
obtained from thermal-fluid flow simulations of the AM process and the microstructure
from the phase field model of grain growth are combined into thermo-mechanical crystal
plasticity simulations to obtain grain-scale thermal stresses. These stresses are used as
input to simulate the evolution of dislocation structures within individual grains. Taking
AM 316L stainless steel as the material of interest, the effect of initial dislocation config-
uration on the slip plane and cross-slip mechanism on the dislocation structure formation
are investigated. Furthermore, a phase field damage model is implemented to study the
initiation of microscale damage and their relationship with dislocation structures, which
is a main novelty of this work. This modeling framework provides comprehensive sim-
ulations of all aspects of metal AM and offers insights into the dislocation mechanisms
and damage formation at microscale in AM materials, which could be used to guide the

manipulation of the mechanical properties of AM materials.
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1 Introduction

Metal additive manufacturing (AM) offers not only flexibility in the fabrication of
complex structures but also promising potential in the tailoring of the mechanical per-
formance of components [1, 2]. Laser powder-bed-fusion (L-PBF) is a type of metal AM
technique that employs laser on powder particles to fabricate parts via melting and so-
lidification [3]. The wide process parameter window of L-PBF allows the design of mi-
crostructures and material properties [4, 5|. In L-PBF, the input of laser energy subjects
the material to a complex thermal history and significant thermal gradients, which gen-
erates substantial thermal stresses in the microstructure during fabrication, introducing
dislocation structures that are distinct from conventional manufacturing [6, 7]. The high
density dislocation network in AM material has recently been associated with excellent
performance, which primarily affects the dislocation motion and the plastic flow under
loading [7, 8]. Since the presence of dislocation networks can be beneficial, a significant
challenge is to understand how they form during the AM process and how they affect
material failure, which is essential to enable the design of material properties in AM.

The motion of dislocations in metals and crystalline materials is a critical phenomenon
that leads to plastic deformation, hardening, internal residual stresses and dislocation
substructures in mechanical components, which can in turn cause unexpected failures
[9, 10]. The relationship between dislocation and microscale damage is complex: on one
hand, the motion of dislocations causes plastic deformation and local stress relaxation
[11], while on the other hand, the concentration of dislocation lines near obstacles, such
as grain boundaries, can lead to pile-ups inducing large stresses that can induce crack
initiation [12]. Recent transmission electron microscopy (TEM) experiments show that
cellular dislocation structures that form during cyclic fatigue are correlated with the onset
of damage near the surface of stainless steel (SS) samples and also cause cyclic softening
due to the formation of low dislocation density regions [13, 14, 15]. Crack propagation and
dislocation structures are apparently correlated in AM metals, in which crack surfaces
have been observed in correspondence with high dislocation density cellular structures
[16]. However, the relationship between dislocation structures and damage initiation is
not well demonstrated, mainly because of the difficulty of performing interrupted tests
to visualize cracking evolution at such a scale, especially in AM materials.

Due to the difficulty of experimentally observing dislocation evolution and micro-crack
initiation in AM process, modeling is a promising approach to address this issue. Dislo-
cation dynamics models have already been developed for studying their connection with
material behavior, including discrete dislocation dynamics (DDD) [17, 18] and continuous

dislocation dynamics (CDD) [19, 20], and are gradually being applied to simulations re-
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lated to AM materials [21, 22]. Although researchers have observed intriguing dislocation
phenomena in AM materials, there remains very limited research concerning the forma-
tion of dislocation structures in the AM process [23, 24]. Dislocation structures such as
cells, dislocation walls and persistent slip bands are characteristic of metals that undergo
specific thermal and mechanical deformation histories during the manufacturing process.
Therefore, to simulate the evolution of dislocation structures during the AM process,
capturing both the temperature history and the thermal stress conditions is essential.
Our previous work attempted to achieve this through the development of a finite element
crystal plasticity modeling framework (CPFE) [25, 26], which revealed the stabilization of
dislocations under the combined influence of thermal stresses and temperature in L-PBF
316L SS. However, some important mechanisms are still missing, including cross-slip and
climb, thus require a more in-depth investigation by adding specific terms in the consti-
tutive equations. Cross-slip is recognized as necessary to simulate cell structures forming
during monotonic loads [27, 28|, but this hypothesis has never been tested for the specific
thermal stresses that are induced during AM, in which dislocation mobility is temper-
ature dependent. The initial dislocation defects within the material after solidification,
which have not been reported yet, could also have a significant impact on the final dislo-
cation state. Moreover, the dislocation evolution leading to microscale damage features
is not understood, thus given the micro-mechanics and dislocation phenomena involved,
coupling dislocation-based crystal plasticity with damage models is a possible approach

to reach a better understanding of the underlying dynamics [29, 30].

The aim of this work is to bridge these gaps by developing a multi-scale, multi-physics
modeling framework that reveals the process-structure-property relationship in metal
AM, providing insights into dislocation behavior and damage mechanisms at the mi-
croscale. This framework uses AM process parameters as input and includes several in-
terconnected models to simulate temperature fields, microstructure, and thermal stress
fields, which are then incorporated with a CDD-coupled crystal plasticity model to sim-
ulate the evolution of dislocations during the AM process. Additionally, a phase-field
model of damage is further incorporated, which is able to model arbitrary damage nu-
cleation and propagation without specifically predetermining their location and direction
into the spatial discretization of the model and to study the effect of plastic deformation
on damage at the micro-level. The novelty of this modeling framework lies in its ability
to comprehensively integrate the models of the AM process, microstructural evolution,
thermal stresses, dislocation dynamics and damage. This is used as a tool to understand
the relationship between the initiation of microscale damage and dislocation structures

formed during the AM process, which should be regarded as a unique aspect that has
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not been previously reported. This integration establishes the connection between dislo-
cation structures, microscale damage and process parameters of metal AM, providing a
fundamental understanding of AM material properties and their underlying causes from

a microscale perspective.

2 Modeling framework and material model
2.1 Overview of the modeling framework for metal AM

In order to comprehensively understand the process-structure-property relationship of
metal AM, a multi-scale multi-physics modeling framework is developed. As illustrated

in Fig. 1, the framework includes the following sub-models:

— Thermal-fluid flow model: this model can simulate the melt pool dynamics and tem-
perature profiles during the L-PBF process, based on the inputted process parameters,
such as laser power, laser scanning speed, powder characteristics and the thermody-
namic properties of the material [31]. The outcome temperature data, incorporating
both temporal and spatial coordinates, can then be exported to next sub-model.

— Phase field model of grain growth: this model simulates the microstructure evolution
during the AM process based on the temperature profiles provided by the thermal-fluid
flow model, utilizing thermodynamics and physically-informed parameters. It incorpo-
rates the liquid/solid transformation, grain nucleation, and coarsening [32]. The model
outputs the grain morphology formed under the specified thermal field, including spa-
tial and orientation information of individual grains, while the orientations can be
substituted with EBSD data.

— CPFE thermal stress model: this model, taking the results of the above two models
as input, simulates the elastic and plastic deformation, thermal expansion and con-
traction, and the anisotropic mechanical responses of materials at the grain scale in
AM process [25]. Through this model, the evolution and distribution of grain-scale
thermal stresses during the AM process can be obtained. Note that the thermal stress
model uses a phenomenological CPFE model for plastic deformation on individual slip
systems as input for the following dislocation dynamics simulation.

— CDD model coupled with CPFE framework and phase field damage model: this CDD
model is coupled with a finite strain crystal plasticity solver, which is based on the
original CDD framework by Hochrainer et al. [19]. This model utilizes the deformation
and temperature histories of specific grains extracted from the CPFE thermal stress
simulations, modeling the motion and formation of dislocation structures on the active

slip planes of individual grains under the thermal stresses in AM process [26]. In this



work, the model accounts for dislocation transport, dislocation multiplication and
annihilation, dislocation cross-slip, and the evolution of dislocation curvature on a
single slip system. The CDD-CPFE model can provide plastic deformation informa-
tion and stress to the phase field model of damage, which enables the simulation of

damage initiation within grains during the AM process.

More details are provided in the following subsections, while the validation and error
assessment of each sub-model are evaluated in the Discussion. In particular, the cou-
pling between this framework and the phase field damage model is achieved for the first
time, while specific terms to represent double cross slip mechanism are introduced. This
modeling framework reveals the process-structure-property relationship of AM to inves-
tigate the relationship between AM process-induced deformation, dislocation structures

and microscale damage nucleation in AM materials.
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Fig. 1: Multiscale multi-physics modeling framework for the AM process-structure-property relationship.
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2.2 Integrative process-structure-property modeling for metal AM

In this section, we present an integrated process-structure-property modeling frame-
work for metal AM, which enables the simulation of the microscale thermal stress evo-
lution during the AM process, serving as a foundation for subsequent dislocation-scale
simulations. It is important to note that the models discussed in this section have been
detailed in our previous works. However, they are essential prerequisites for the current

study, therefore the key information from each model is selected to be presented here.

2.2.1 Thermal-fluid flow model

An accurate temperature field is a necessary starting point for the process-structure-
property modeling of AM. In this framework, a multi-physics thermal-fluid flow model
is employed, in which the melt pool is simulated as incompressible fluid flow. The gov-
erning equations for its continuity, momentum conservation and energy conservation are

expressed by [33]:

V-v=0, (1)
%(pv) + V- (pv®@v)=—-Vp+uViv+ f, + pDv , (2)
O (pe) + Y - (pew) = V- (VT) +Q 3)

ot
where p is the density of material, i is the dynamic viscosity, v is the velocity, p is the
pressure, 1" is the temperature, e is the energy, and k represents the thermal conductivity.
The buoyancy f;,, Darcy drag force pDwv as well as recoil pressure induced by evaporation,
surface tension, heat convection and heat radiation are included. In this model, the laser
power is applied at the free surface following a Gaussian distribution. The laser reflection
is incorporated by the ray-tracing method, where the energy absorptivity is calculated
by Fresnel equation [34]. This model has already been validated in our previous work by
comparing the simulated melt pool dimensions with those observed experimentally. For

more details, please refer to [31].

2.2.2 Phase field model of grain growth

A three-dimensional phase field model of grain growth is used to generate the grain
structure, in which the temperature data from the thermal-fluid flow model above are
incorporated as input. This model thoroughly addresses a range of phenomena such as
solidification, grain nucleation and growth, competitive grain growth and epitaxial growth

originating from powder particles, and grain coarsening within heat affected zones [32].



The grain growth is determined by the Ginzburg-Landau equations [35]:

o(r,t) I 6Fy (¢,mi, T)

at P 5l(r,t) (4)
oni(r, 1) _ OF; (¢,mi,T)
ot ~Ly oni(r,t) (%)

where ((r,t) represents liquid phase at 0 and represents solid phase at 1, 7;(r,t) defines
the grain orientation in the ¢-th grain, L, is the coefficient for the interfacial mobility
and L, is the kinetic coefficient related to grain boundary. ¢ and 7" are used to take into
account the evolution of time and temperature. F is the total free energy given by the
integral of the local free energy density fi,ca and the gradient energy density foaq in
volume V' as Fy = fv (fiocal + faraa) dV. The local free energy includes two parts, fohase
and fgrain, which represent the free energy density from the liquid/solid phases and from

the grains with different orientations, respectively. fynase can be calculated by [32]:

fphase =My {(1 - C)2 X QO(T) + <2[1 - SO(T)]} ) (6)

where m,, is a pre-coefficient, 7 is the ratio between 7" and liquidus temperature, and
@(7) = 2{1 — tanh[9 x (7 — 1)]}. ferain can be given as [35]:

fgrain_mglz<(n%_ ) ZZ Th 77J +1+(1_ ZZ 771 ) (7)

i=1 i=1 j#i =1

where m, is identified as the pre-coefficient, and v functions as a parameter with the
consideration of grain boundary energy and its width. Specifically, the first sum accounts
for bulk energy of all grains, the second for the grain boundary energy between grain i
and 7, while the third accounts for the interaction between the phase fields of all grains

and the liquid-solid phase [32]. While the fgaq can be given as [35]:

n

fursa = (VO + 223 (Vi) (8)

i=1

where £, is the gradient coefficient for the liquid/solid interface, and &, serves the same
purpose for the grain boundary. For anisotropic grain growth with various orientations,

a spatial inclination angle yi, is introduced in the grain boundary energy o, [36]:
Oy =0y, (1 +¢€ (0084 Pinc T+ sin? Oine )) , 9)

where o, is set as a constant value, while € is a parameter that determines the extent

of anisotropy. The inclination angle is specifically defined by the smallest angle between



8 Hu et al.

the normal direction of grain boundary and the < 001 > orientation. Then the x4 can be
estimated by k, = aro4l,, where ay, is a coefficient and [, is the grain boundary width.
The heterogeneous grain nucleation based on the Poisson seed method is included to
simulate nucleation events on liquid/solid surfaces, which are generated according to the
temperature data of the moving melt pool in thermal-fluid flow simulations [37]. The
mesh size of this grain growth simulation of AM 316L SS in this work is 1 pm and the
time step is 1 ps. This model is able to capture the nucleation and growth of grains during
the AM process, which has been validated by comparing with the grain morphology of
the as-built AM 316L SS samples [32].

Although the current phase field model of grain growth cannot reproduce the realis-
tic grain structure perfectly, it is already a good solution to reflect the microstructures
formed by the temperature fields and melt pool characteristics brought by AM process
parameters. In the grain structure generated by the phase field model, each element is
assigned a number corresponding to the individual grain it belongs to. This allows the
number of each element at its spatial position to be transferred into the CPFE simulation,
enabling the identification of the grain structure. After the grains are identified in the
simulation domain, the Euler angles obtained from EBSD data of the corresponding AM
samples are assigned to the identified individual grains.

Subsequently, the microstructure and temperature fields are input into a phenomeno-
logical thermo-mechanical CPFE model to simulate microscale thermal stresses during
the AM process. This model has been validated by comparing its predictions with ex-
perimental lattice strain results [38]. The thermal stresses obtained from this simulation
serve as inputs for the subsequent dislocation dynamics model. To avoid confusion with
the dislocation-based CPFE model discussed later, the details, validation, and outputs

of this CPFE thermal stress simulation can be found in our previous work [25].

2.3 CDD-CPFE modeling framework for dislocation dynamics in AM process

After obtaining grain-scale thermal stresses from the modeling framework in the pre-
vious section, these stress histories can be utilized to study dislocation dynamics within
individual grains. In this work, we couple a CDD model with a dislocation-based CPFE
model to simulate the formation and evolution of dislocation structures under thermal
stresses during the AM process. More details and validation of this CDD-CPFE modeling
framework can be found in [26]. Within the dislocation dynamics model, dislocation mul-
tiplication and annihilation are considered. For the first time in this study, the cross-slip
mechanism is incorporated to enhance the physical to further enhance the physical com-

prehensiveness and to investigate the effects of various mechanisms and configurations.



2.3.1 Dislocation-based crystal plasticity model
A fully coupled thermo-mechanical dislocation-based crystal plasticity model with fi-
nite strain is used in this work. The deformation gradient F' can be decomposed into

thermal-elastic and plastic parts [39, 40]:
F =F,F,, (10)

where F, is the thermal-elastic part and Fj, is the plastic part. The plastic slip on all slip

systems is given as [41]:
. NS
L,=F,F,"' = Zyam“ ®n?, (11)
a=1

where the vectors m® and n® represent the slip direction unit vector and normal unit
vector of slip system a. N is the number of slip systems and L, is the plastic velocity
gradient. Here, we primarily introduce the CPFE model coupled with the CDD model
for dislocation evolution simulations. A two-way coupling is implemented between these
two models: the CPFE framework provides the stress as output, which is used by the
CDD as an input to calculate the dislocation velocity and plastic slip rate. On the other
hand, the CDD model provides the plastic slip rate as output, which is used by the CPFE

framework as an input. The plastic slip rates on the slip systems « are given by [42]:

¥ = pob (12)

where p; is the total dislocation density on slip systems, b is the Burgers vector and v
is the dislocation velocity. When the resolved shear stress 7 (RSS) on slip system «
exceeds the critical resolved shear stress (CRSS) 72, the dislocation velocity on the slip

system « is determined by [43]:

[0}

v® = B (|7 — 1) sign (%) m* | (13)

where B is the dislocation mobility. If the RSS does not exceed the CRSS, the dislocation
velocity is set to zero. The RSS is calculated from the 2nd Piola-Kirchhoff stress S, which

is a function of F:

S:%C:(FETFE—I). (14)

The stress is passed from the CPFE framework to the CDD model. The CRSS is calculated
by the Taylor hardening equation considering bow-out effect [10, 44]:

78 = a,Gb\/pf + ,Gb/ R* | (15)
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where G is the shear modulus, «, is a coefficient for dislocation motion resistance [45,
46], ay is the coefficient for the bow-out effect, and R® is the average radius of curved
dislocations given by R® = p/q* [20], where ¢ is the total curvature density of the
dislocation lines. The temperature dependence of CRSS can be described by [47]:

THT) = (ka + kp - exp|—kc(T — Tp)]) - 75(Th) (16)

where T is the reference temperature, and k4, kg and k¢ are constants obtained by cali-
bration [25]. Thus the 7 is updated at temperature 7" with this temperature dependence,
and the temperature change would in turn affect the dislocation velocity. Moreover, the
temperature dependence of the elasticity tensor can be approximated by a linear function

for 316L SS [47]: c
dT

The plastic slip rate calculated in the CDD model by equation (12) is passed to the CPFE

Cij<T) = Cij(TO) +

(T -To) - (17)

framework to calculate the plastic velocity gradient.

2.3.2 Continuum dislocation dynamics model

Four variables are solved for the CDD model, including the total dislocation density
pt, two densities p. and ps representing the edge and screw parts of the geometrically
necessary dislocation (GND) density, and the total curvature density ¢;, which is defined
as the density per unit area of the sum of the local curvature of all dislocation segments

crossing the unit area [19, 26]. The corresponding differential equations are:

% 9 (pev) 9 (psv)

8t - - al’ - ay + pann + 'UCZt ) (18)
dp. 9 (pv)
— 1
ot or ' (19)
Ips d (pv)
—— 2

0 () D (o) D (im0 (non)
ot oxr \ py Ay \ p Ox \ 2 Oz dy \ 2 Oy
0 [ (02—p?) dv peps  Ov

Or |2/ + 208 [+ 12 @_y]

O _pp 0w Mé‘_]+

Oy | VeErpox o /Er@oy| "

where v is the signed dislocation velocity. In equation (18)-(21), the derivatives with

respect to x, which is the slip direction, and y, which is the direction of the edge dislocation
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line, are calculated in a finite strain framework, i.e.; they are calculated with respect to
the deformed coordinates. p.n, and (. represent the dislocation annihilation rate and the
rate of curvature increase due to double cross-slip, respectively. The numerical implemen-

tation of the CDD model is detailed in our previous work [26].

!
\v

(b)

Fig. 2: Schematics of (a) dislocation annihilation and (b) double cross-slip mechanisms.

2.3.83 Implementation of dislocation annihilation and multiplication

In equation (18), pann is the decreasing rate of total dislocation density owing to annihi-
lation, which is used to characterize the annihilation of opposite signed dislocations when
the distance between two dislocation lines is less than a characteristic length d. [48], as
shown in Fig. 2(a). It is to take the effect of dislocation annihilation on the dislocation
structures and densities into account, especially in regards to the ratio between high and
low dislocation density regions. The annihilation rate can be estimated by approximat-
ing the system as a cloud of dislocations with opposite signs traveling towards opposite
directions, while the flux, i.e. the dislocation per unit length and unit time is given by
pt [v]. The cloud of positive dislocations meets the one of negative dislocations and only
the dislocations which travel at a distance lower than d, are annihilated. Putting together

all these considerations, the annihilation rate can be approximated as:
Pann = _4dvcpt2 |U| ) (22)

where the factor 4 stems from the fact that 2d, is the capture diameter, while another
factor 2 is given by the fact that both positive and negative dislocations are traveling
towards opposite directions, thus leading to a 2 |v| relative velocity. The generation of new
curvature density, in turn, induces the growth of the total dislocation density because of
the term wvg, in equation (18), similar to a Frank-Read source leading to dislocation

multiplication [49].
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2.8.4 Implementation of dislocation cross-slip

A model for double cross-slip of screw dislocations is utilized to describe the dislocations
moving from the primary slip system to a parallel slip plane. This leads to the new
dislocation loops generated on the parallel slip plane, as explained in detail in [49]. The
purpose of introducing this term is to understand the effect of the curvature increase on
the dislocation structure formation. Formulations for the dislocation cross-slip are also
added to the rate equations. Even though a single slip system is modelled in the following
simulations, double cross-slip causes an increase of the curvature density because of the
creation of new dislocation loops, as shown in Fig. 2(b). The ¢ in equation (21) is the
quantitative increase rate of curvature density caused by double cross-slip. The maximum

possible density of screw dislocations is quantified as [26]:

P =Pt =l (23)

which is necessary because only screw dislocations can cross-slip. Each cross-slip event
involves a screw segment with average width w, as shown in Fig. 2(b). For FCC metals,

previous atomistic simulations have quantified this width as [49]:
w = 44b . (24)

The cross-slip rate is stress dependent and it has been used in DDD simulations by Depres
et al.[50]. Each event generates an additional dislocation loop with curvature radius R

and the rate of curvature increase can be written as [49, 50]:

. w T — T _
o= ——oxp 2V, ) - (of , 2
P Lot(] exp < chT t) (ps + Ps ) ( 5)
. 5 + — (Tcs - 7—HI> V:zct
cs — s 2
q RCS (ps + pS ) eXp kBCT ( 6)

where 7. is the RSS on the cross-slip system, V.. is the activation volume [50, 51|,
is a rate pre-factor [52, 53], T" is the temperature and kp. is the Boltzmann constant.
The pf and p; are the positive and negative screw dislocation densities, calculated using
equations p; = % <\/m + ps) and p; = % (ﬂ — p8> . R.s is approximated as
half of the screw dislocation segment that cross-slipped, thus half of w = 44b [54]. Lo is a
reference length that normalizes the cross-slip probability calculation of long dislocations
[50], while ¢, is a characteristic time used to normalize the cross-slip probability in time.
The inverse of this time is effectively the slip rate. myy; is the stage III stress, which is a

threshold stress for the transition to parabolic hardening stage [55] and has been reported
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to be linearly dependent on temperature [50, 51]:

d7in
dr

(1) = 1 (To) + (T - To) , (27)

where the derivative term indicates the change of the stage III stress caused by tem-
perature change. The increase of the dislocation density and curvature density on the
parallel cross-slip system is not considered because the simulations are mainly carried
out within the primary slip system. The motivation to introduce a rate equation for the
double cross-slip mechanism in the present model is to quantitatively understand how
such a mechanism affect dislocation structures formation in AM process, which has not
been considered yet [26]. The parameters derived from first-principle and DDD studies
provide a solid physical basis on the investigation[50, 53]. When including the cross-slip
mechanism, the resolved shear stress (RSS) on the cross-slip system 7.5 is calculated using
the ratio between the Schmid factor on the most active slip system and on the cross-slip
system: T.s = ags |7%| and this value is used in equation (26).

Simulations with and without this additional mechanism are carried out to understand
its effect on the dislocation structure formation. In this work, dislocation annihilation and
double cross-slip are modelled as local mechanisms, i.e. they do not depend on the gradient

of the variables, thus no surface term is needed into their weak form.

2.4 Phase field model of damage

The coupling between the phase field model of damage and the crystal plasticity
formulation is carried out to describe damage nucleation and propagation in presence of
dislocation structures during plastic deformation [56, 57]. A continuum damage variable ¢
between 0 and 1 is used [58]. A value of ¢ = 0 represents undamaged material, while ¢ = 1
represents completely damaged material, which cannot accommodate stress in tension, as
described in the following. A free energy formulation is used, in which the free energy per
unit volume includes the mechanical part ¥, and the energy released by damage surfaces

Wy, regularised as an integral over the volume of the domain (2 [59]:

2
wf:/Gcfy(c, Ve) dV:/ % <§—+zo|vc|2) dv, (28)
(9 0

2

where G. is the Griffith’s theory critical energy release rate [60], v(c, V) is the regu-
larised crack energy functional and [y is the characteristic regularization length scale,
which determines how diffuse the damage field is. In this work, a value to reproduce
both nucleation and propagation is adopted, while correlative experimental results of the

microscale damage are lacking for calibration [61]. The length scale [y can also be used to
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calibrate crack nucleation in simulations where pre-existing cracks are not present. This
is because the crack nucleation is determined by the ratio G./ly while G. alone is the
energy release rate during propagation of a pre-existing crack [62, 63, 64]. The fracture
nucleation modeling for stainless steel is possible because the ratio G./ly is calibrated

using strain to failure experiments [56, 58].

The mechanical free energy ¥,, is decomposed into a part a™, driving the damage
evolution, and a part a~, which does not depend on the damage variable c:

wm:/Qadvz/g[(1—c)2+kr}a+dv+/adv, (29)

N

where k, is a small residual stiffness, which is necessary for convergence if complete dam-
age has taken place in parts of the representative volume. a™ (F,) and o~ (F.) are func-
tions of the elastic deformation gradient F, and a~ represents the free energy associated

with compressive stress states that do not induce damage.

In a finite strain anisotropic medium, an effective bulk modulus K, needs to be defined
and used:
13
Ko= Z Ciijj - (30)
1,J=1
This is because the elastic energy cannot be decomposed into a part given by the volu-
metric strain and a part given by the isochoric strain only. The fraction of the mechanical

Helmholtz free energy that drives damage is decomposed as:

CL+ = a:rpl + a\J/rol ) (31)

+
vol

+

where a epl

is the positive volumetric free energy, a_ ; is the coupled free energy, defined
as the difference between the total mechanical free energy of the anisotropic medium and
the volumetric part of an equivalent isotropic linear elastic material with bulk modulus
Kjy. The fraction of the mechanical Helmholtz free energy that does not induce damage

is equivalent to the negative volumetric free energy:
a =a,, . (32)

This is representative of the fact that volumetric compression does not induce damage in

metals. The positive and negative volumetric free energies are:

Ko%, ifJ.>1,

+
N =

(33)
0, if J, <1,
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0, i, >,
vol

%Ko(SZ , if J. <1 ,

where the elastic volumetric expansion is:

6:

DO W

(J2*=1) (35)

where J, = detF,. The coupled free energy is calculated as:
1 o 1
_ } : } : 2
Acpl = 5 o Cljkl <E€)'LJ (Ee)kl — 5[(0(5 y (36)

where the Green-Lagrange elastic strain tensor E, is given by:

B.= (F/F.~T)=(C.— 1) | (37)

N =

where C., is the right elastic Cauchy-Green tensor and I is the identity matrix. In the
small strain formulation, the coupled free energy a., corresponds to the free energy
contribution of the deviatoric strain. The second Piola-Kirchhoff stress tensor S can be
deduced by taking the derivative of the free energy with respect to the Green-Lagrange

elastic strain tensor:

3
[(1—¢)* + k] Z Cijr (Be)yy if J,>1,

J=1
Sij = = 3

K (1 - c)® + k,] <

S5
S
>

Cijui (E.),, — J3/3K050;1> + J2PKCTY ) i J. <1
k=1

(38)
Note that the stress degradation under a tensile load represents a loss of stiffness, which
can be interpreted as the presence of voids in the system and will be passed to the CPFE
framework. The evolution of ¢ is determined by the minimization of the sum of the free
energies, ¥; and ¥,,. A rate-dependent approach is adopted, based on an Allen-Cahn
equation, which ensures the local growth of the damage phase field [65, 66]:

.1 c at

where 7 is a kinetic coefficient, and () indicate McCauley brackets, where (z) = zifx > 0
and (x) = —z if © < 0. The contribution to damage from both volumetric and isochoric
strain is considered because the effect of stress triaxiality is important to determine
damage nucleation in metals [61]. Note that the plastic deformation only contributes in-

directly and the damage criterion is based on the elastic deformation energy. However,
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this formulation is not only applicable to brittle materials but to any material for which
fracture can be described with elastic energy-based criteria, which ultimately implies a
stress threshold for damage nucleation. Such phase field fracture models have been ap-
plied to elasto-plastic materials as summarized by De Lorenzis et al. [67]. The present
model belongs to the class of models in which the plastic yield condition does not depend
on the damage variable whereas the damage evolution does not depend on the plastic
deformation. Our motivation to use this approach is simplicity and the adoption of a
purely stress based criterion for damage allows us to investigate the correlation between
damage and dislocation density without the complexity of more complex damage criteria.

The hypothesis to test in this work is that the damage field c¢ is correlated with the
CDD model variables. The CPFE model is coupled with phase field damage using the
MOOSE multiphysics finite element framework [68]. A monolithic solver is used for the
stress equilibrium and for the damage evolution, which is based on the preconditioned
Jacobian-free Newton-Krylov method and provides an increased computational efficiency
[69]. Specifically, the hypre BoomerAMG algebraic multigrid solver is used both as a

solver and as a preconditioner [70].

3 Results
3.1 Grain selection and reference simulation

In this work, the parameters for fabricating 316L. SS using L-PBF, such as laser power,
scanning speed and laser spot size as reported in [25], are input into the thermal-fluid flow
simulations to launch the whole modeling framework shown in Fig. 1. The results of ther-
mal stresses are validated by comparing the simulated lattice strain evolutions with those
measured by in-situ synchrotron X-ray diffraction experiments [2, 38, 25]. Building upon
the previous CPFE simulation of thermal stresses, in which the evolution of microscale
residual stresses in the grains can be determined, we can further select individual grains of
interest and use the local strain evolution to investigate the dislocation dynamics within
them, as depicted in the schematic diagram in Fig. 3. Hereby a grain located beneath the
melt pool is selected. This choice is because it has undergone the entire process of laser
entering the domain, exiting the domain and cooling stage. Additionally, it is not melted
in the whole process, avoiding the argument of dislocation abrupt changes caused by melt-
ing and solidification, and instead focusing on the influence of thermal deformation from
AM on the dislocation evolution in grains that may have already solidified in the previous
cycles. According to the previous study [26], the grains at our selected location have been

found to experience the compressive-tensile stress states and develop stable dislocation
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Table 1: Model and material parameters used in the simulations

Burgers vector (b) [43] 0.258 nm
Dislocation mobility (B) [44] 0.04 pm/(ps-MPa)
Shear modulus (G) [71] 86 GPa
Dislocation resistance coefficient («,.) [45] 0.4

Bow-out effect coefficient (ay) [10] 0.5

Cross-slip resolved shear stress ratio (a.s) [72] 0.33

Maximum dislocation velocity (vmq.) [26] 0.04 pm/ps
Dislocation annihilation characteristic distance (d,) [26] 12.8 nm
Pre-factor of double cross-slip () [54] 11x1079 ps!
Characteristic length of a cross-slipping segment (R.s) [72] 5.5 nm

Stage I1I stress at reference temperature (m11(7p)) [72] 56 MPa
Temperature dependence of stage III stress (dmy/dT)[72]  -0.02287 MPa/K
Activation volume (V) [72] 2.8125x107% pm?
Residual stiffness coefficient (k) [25] 0.01

Boltzmann constant (kg.) 1.3806x10~2*m? kg /(K-s?)
Normalization reference length (Lg) [52] 1 um
Normalization characteristic time (o) [52] ls

Reference temperature (1) 298 K
Temperature dependence of CRSS (k) [47] 0.53

Temperature dependence of CRSS (kg) [47] 0.47

Temperature dependence of CRSS (k¢) [47] 0.008

Elastic constants at 7' = Tg (Cqy) [73] 204.6 GPa

Elastic constants at 7' = Tp (Cy2) [73] 137.7 GPa

Elastic constants at 7' = Tp (Cyq) [73] 126.2 GPa
Derivative of elastic constant (dCy,/dT") [73] -90.33 MPa/K
Derivative of elastic constant (dCio/dT") [73] -45.10 MPa/K
Derivative of elastic constant (dCys/dT) [73] -51.78 MPa/K
Volumetric thermal expansion coefficient at Ty (ag) [74] 44.73x1076 K1
Derivative of thermal expansion coefficient () [75] 0.01011x107¢ K2
Characteristic regularization length scale (Iy) 0.8 um

structures, making them suitable and representative for further in-depth investigations
on the dislocation structure evolution in AM process. Based on the orientation of this
selected grain, obtaining its slip systems is straightforward. The dimension of this model
is 40pm x 40pm x 0.4pm in x, y and z directions, in which z is along the slip direction
m® and z is along the slip normal direction n®. This model is meshed by hexahedral
elements of 0.4 pm. Since the full grain CDD simulations require huge computational
cost, a simplified approach is adopted, in which the displacement gradient is spatially
projected on the primary activated slip system by using m® - Vu - n® [26]. The primary
activated slip system is obtained by comparing the plastic slip across all the slip systems.
The deformation input for CDD simulations is imposed along x direction by projecting
the time dependent displacement of the selected grain onto the chosen slip plane as shear
deformation, which affects significantly on the dislocation motion. Additionally, the av-

erage temperature history of this grain serves as the input for the temperature field. It
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Fig. 3: Schematic of CPFE-CDD modeling: single grain is selected in the thermal stress simulation, in which the
most active slip plane is extracted. Incorporating its thermal and deformation histories, the dislocation evolution
within this grain is modelled.

can be seen in Fig. 3 that the shear strain on the slip plane is closely related to the
thermal process and appears to be non-monotonic in the heating-cooling process, which
corresponds to the stress state exchange from compressive to tensile state in the AM
process [7].

To initialize the dislocation evolution simulations, hundreds of microscale dislocation
loops are randomly assigned on the model. Each of the dislocation loop has a radius of
3 nm and a width of 1 pm. The specific strategy for the initialization is reported in [26].
To provide reference for the following analysis and comparisons, a simulation with the
initial density of each dislocation loop set at 0.2 pm~2 is conducted in which the cross-
slip mechanism and damage model are not incorporated. As shown in the dislocation
pattern in Fig. 3, the dislocation structure evolves during the AM process and finally
forms a pattern in Fig. 4(a) after cooling down. Based on this, the further impact of
different parameters and additional mechanisms can be demonstrated, as discussed in

the following sections.

3.2 Effect of initial dislocation configuration

The choice of the initial dislocation configuration affects the final dislocation struc-
tures. One significant parameter is the sign of the curvature of the initial dislocation

loops. Indeed, each dislocation loop can have a positive or negative curvature, thus ex-
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panding or shrinking during positive shear deformation respectively. The simulations of
the selected grain are performed with two different initial dislocation distributions, one
is initializing 200 dislocation loops with positive curvature, while the other is initializing
130 of the dislocation loops with positive curvature and 70 initial dislocation loops with
negative curvature. Each dislocation loop has a peak dislocation density pj,i; of 0.2 pm?.
As shown in Fig. 4(a) and (b), even with the same initial dislocation density applied, dif-
ferent signs of curvature result in different dislocation curvature patterns. The comparison
between the dislocation structures at the end of the single-layer laser scanning process is
shown in Fig. 4. The ratio between p; in high and low-dislocation-density regions is much
higher when negatively curved dislocation loops are present at the beginning, as shown in
Fig. 4(b). This is due to the source term on the right-hand side of equation (18): negative
curvature represents dislocation loops that are shrinking and induces a decrease of the
dislocation density in some regions. The surprising result is that the characteristic size of
cellular regions is also affected. Indeed, with initial negatively-curved dislocation loops,

the resulting cellular structures are visibly larger, as shown in Fig. 4(b).
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Fig. 4: Initial dislocation density pattern, dislocation curvature pattern and the simulated dislocation evolution
at t =3420us of the selected grain (a) in which all 200 initial dislocation loops have positive curvature and (b)
130 initial dislocation loops have positive curvature, while the other 70 have negative curvature.

In addition, we investigate the effect of the magnitude of the initial dislocation density
on simulation results and computational cost. As shown in Table 2, with the increase of
the initial dislocation density p;,i;, the computational cost increases, showing that the
increase of the plastic strain rate due to equation (12) leads to more iterations required to
reach convergence. The increase of the average p; is obtained by dividing the final average

dislocation density in the representative volume by the initial average dislocation density.
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Table 2: Comparison of the simulations with different initial dislocation densities p;ni:. Computational times are
based on simulations carried out with 12 CPUs.

Initial dislocation loop Computation Percentage increase of

density pinie (pm=2) time (h) the average p;
0.2 98 537.6%
2 205 203.4%
20 480 119.6%

This reveals how much dislocations move and evolve during the simulations because the
dislocation multiplication due to the curvature in equation (18) is proportional to the
dislocation velocity. It is evident from Table 2 and Fig. 5 that under the same loading
conditions, a lower initial dislocation density exhibits a more significant increase, with
a higher degree of dislocation structure evolution. As shown in Fig. 5, although the
initial dislocation distribution patterns are the same, and only the peak density of each
dislocation loop p;.i: is changed, different dislocation structures are obtained at the end of
the simulation. This is because given the same plastic deformation, different dislocation
densities can affect the travel path length of dislocations. Specifically, higher dislocation
density requires lower dislocation motion to accommodate the plastic deformation, as

governed by equation (12).

Pinit =0.2 pm Pinit =2 pm’ Pinit =20 pm

40 pm

y

Fig. 5: Final dislocation structures of selected grain with different p;n:: for the initial dislocation loops.

3.3 Effect of dislocation cross-slip

Taking the cross-slip mechanism into account in the CDD simulations of the selected
grain with p;n;;=0.2 pm~2, it can be seen from Fig. 6 that the dislocation structures show
significant differences compared with Fig. 3 and Fig. 5. Although this mechanism may not
be necessary for dislocation patterning formation and stabilization [26], it may promote
dislocation structure formation, as previously reported in other studies [53, 76]. The cross-
slip mechanism leads to dislocation density increasing during AM process, attributed to

the formation of new dislocation loops during this process. It can be seen from Fig. 6 that
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the dislocation density ranges at the same points in time are remarkably higher than those
in reference simulation, shown in Fig. 3. In addition, this increase of dislocation loops
and density on the slip plane leads to earlier stabilization of the dislocation structure.
As shown in Fig. 7, the dislocation velocity decreases to the magnitude of 1073 pm/us
at around 426 ps in the case with cross-slip, and the velocity distribution resembles the
pattern of dislocation structure, which implies that the dislocation motion has slowed
down to the stage of dislocation structure stabilization. This occurs earlier than that at
660 ps in the reference case, as shown in Fig. 7(a) and as reported in [26]. This result
reflects the role of cross-slip mechanism in facilitating the dislocation density evolution
during AM process, as well as demonstrating its supportive role in the formation and

stabilization of dislocation structures.
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Fig. 6: Dislocation evolution with cross-slip mechanism at different time points.
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Fig. 7: Comparison of dislocation velocity at the beginning of stabilization of dislocation structure in (a) reference
simulation and (b) simulation with cross-slip mechanism.
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3.4 Damage under mechanical loading

The thermal loading simulation is carried out for the first 3420 us in which the de-

formation from AM process is extracted as the input for the CDD model, as shown in
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Fig. 3. Afterwards, an additional unidirectional shear load is applied on the slip plane
model to simulate the case in which the AM material is further mechanically loaded. The
phase field damage model is introduced in this second step, with a damage energy value
of G. = 1 J/m?. This value is not calibrated but the objective of this simulation work
is to demonstrate the correlation between dislocation structures and damage. A different
value of GG, would lead to a different strain to failure, but would not invalidate the con-
clusions reached in this section. As shown in Fig. 8, there is a damage field pattern at the
very beginning of the mechanical loading, which is the evolution based on the dislocation
structure and reveals the residual deformation from AM process. Indeed, the damage
evolution law (39) implies that the presence of residual volumetric and deviatoric elastic
strain leads to rapid damage growth. After performing the shear loading for a period
to reach the strain amplitude of 1%, it can be found that the pattern of the damage
phase field has gradually changed and some new regions with high ¢ value occur on the
slip plane. This is attributed to the plastic deformation led by the additional shear load,
which requires the dislocation structure to change in order to match the local deforma-
tion. The damage field in Fig. 8 has relatively small variations over the representative
volume. The first reason is that the model focuses on a relatively small region, with the
size of area only 40umx40wm, which is the characteristic size for damage localization.
For instance, the plastic zone ahead of a crack tip in stainless steel will have a charac-
teristic size that is larger than the representative volume used in the present simulation.
In the experimental work of Kong et al. [16], micrometer size crack opening and crack
length have been observed, whose length scale is comparable with the present simulations.
The second reason is that the applied boundary conditions are constraining the system
to adopt a more uniform deformation than in a 3D representative volume. The applied
boundary condition in this study aims to demonstrate a correlation between dislocation
density and damage and does not aim to reproduce larger representative volumes where
fracture localizes in a smaller portion of the representative volume. In a larger representa-
tive volume and with less constrained boundary conditions, the damage phase field would

be more heterogeneous and damage localization would be more evident.

As will be shown in section 3.5, the regions where damage grows during shear loading
have a particularly low value of the dislocation density, thus they are regions in which
not enough dislocations are available to accommodate the imposed deformation, and the
induced stress is higher because more deformation needs to be accommodated by the
elastic strain. Further deformation, as shown at time ¢ = 3530 ps in Fig. 8, leads to

further evolution and growth of the damage phase field. The correlation with respect to
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the damage field induced by the residual deformation from AM process (t = 3421 us)

becomes less evident with further deformation.
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Fig. 8: Damage field at ¢ = 3421 us just after the AM process, at ¢ = 3490 ps, when the applied shear strain
reaches 0.01, and at t = 3530 us.

3.5 Correlation between damage, plastic deformation and dislocation structures

There is an inherent connection between plastic deformation and damage, and this is
closely related to the characteristic of dislocation structures. Here, we select the simu-
lation results at a specific moment (¢ = 3490 ps) during shear loading in section 3.4 to
observe and discuss this correlation. The motivation to choose this time step is related to
the load conditions: at t = 3490 s, the AM process has already taken place, together with
an additional shear strain loading, which is useful to assess the effects of the pre-existing
dislocation structures, of residual stress and of the plastic deformation during loading.
As visible by comparing Fig. 3 with Fig. 9(b), continuing shear loading after the AM
process results in a different dislocation structure, where some areas have evolved since
the shear loading begins. By correlating it with the damage field in Fig. 9(a), the plastic
deformation in Fig. 9(c) and the shear stress field on the slip plane in Fig. 9(d), it can be
observed that their patterns show some similarity: specifically, in the regions with higher
dislocation density, the shear stress is lower, while the damage phase field has maxima
in both regions occupied by dislocation structures and where dislocation density is closer
to zero. This similarity can be attributed to the plastic deformation distribution along

with the shear loading and dislocation evolution. The component (F),) _ of the plastic

wz
deformation gradient depends on the complex history of the dislocation motion during
the AM process and subsequent load, therefore, it correlates, but does not exactly corre-
spond, to the dislocation structures after the AM process and after shear loading. During
shear loading, the regions with higher dislocation density can accommodate more plastic
deformation, which is due to Orowan law (12), this leads to the correlation between dislo-

cation density and plastic deformation after shear loading, which is evident by comparing
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Fig. 9(b) with Fig. 9(c). The lower shear stress in regions with higher dislocation density
is therefore associated with the larger accommodation of plastic strain and lower elastic
strain. Overall, it can be concluded that the damage field just after the AM process is
more correlated with the high dislocation density regions and driven by residual stresses,
as revealed in Fig. 9(b) and Fig. 8. By contrast, after further loading, damage starts to
grow also in the low dislocation density regions because of increased shear stress on the

slip plane.
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Fig. 9: Simulated patterns on the slip plane under 1% shear loading at 3490 ps: (a) damage phase field, (b)
dislocation density p:, (¢) plastic deformation component (F}),. and (d) shear stress ..

To show the effect of the introduced length scale parameter [y in the phase field fracture
model, simulations with different values of [ are carried out and the results are shown
in Fig. 10. The reference simulation in Fig. 9 uses [y = 0.8 wm. This parametric analysis
shows that [y plays only a numerical role, while the characteristic pattern of the damage
phase field remains the same. The value of [y is much smaller than the characteristic size
of the dislocation structures reproduced by the current simulations. Therefore, the diffuse
nature of the damage phase field shown in Fig. 10 is an intrinsic physical mechanism due to
the correlation between dislocation structures and damage, and not a numerical artifact.
By comparing Fig.9 with Fig. 10, it is clear that smaller [, leads to smaller magnitude

of the phase field damage. This is due to the fact that damage nucleation happens when
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the elastic energy per unit volume becomes comparable to the characteristic ratio G/l
[77].
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Fig. 10: Pattern of the damage phase field for different values of the length scale parameter Iy at time ¢ = 3490
ps

These results reflect a strong correlation between dislocation structures and potential
damage, meaning that the regions with higher dislocation density may be more prone
to damage. Essentially, under the specified conditions in this work, the accumulation of
dislocations resulting from plastic deformation may lead to the occurrence of damage.
However, it should be noted that in realistic experiments, there are more factors at play
in the materials, rather than solely based on contributions from dislocation and plastic

deformation.

4 Discussion

Different initial dislocation configurations should have significant influences on the
subsequent dislocation evolution according to section 3.2. Since currently no experiment
is able to observe dislocations in the grains immediately after solidification, the present
simulations are useful to clarify the dislocation dynamics if different initial dislocation
densities are present. As reported in section 3.2, with higher dislocation density after
solidification, the dislocation motion is reduced and therefore dislocation multiplication
is reduced. For instance, the solidification and cooling parameters can be adjusted for
different initial dislocation configurations in AM process to influence the following dislo-
cation structures and following mechanical behaviors. Dislocation structures form anyway
but an earlier stabilization of the dislocation structures takes place.

In the high-temperature AM process, dislocation climbing appears to be widely ac-

knowledged as playing a significant role on dislocation dynamics. However, in the highly
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transient AM process, the effect of climbing on dislocation velocity remains to be dis-

cussed. The velocity of the jog movement can be given by [78, 79]:

Dy 3 c
— A 4
v; o Th {ab ke <Co )1 (40)

where Dy is the coefficient of self-diffusion which decreases with temperature decreasing, o

is the normal stress on the climbing plane, which does not exceed according to our thermal
stress simulations. The magnitude of climbing force per unit length of dislocation line
f = ob. According to [79], by reduction of vacancy formation energy by climbing force on

per unit length of dislocation line is fb%, the equilibrium vacancy concentration becomes:

2
¢ = coexp (kiiT) : (41)

Substitute all the related values (in table 1 and thermal stress results) into equation (40),

v; is found to be about 450 pm/s in our case at the temperature peak, which is about
12% of the preset max velocity. When the temperature decreases during cooling stage, the
climb rate also decreases rapidly, coming from the fact that the self-diffusion coefficient D
decreases exponentially as fitted along with the temperature, thus the estimated velocity
would decrease to a quite low value very soon, no more than 200 ps. Moreover, the
thermal stresses also decrease during the cooling stage, which would lead to the drop of v;.
Therefore in our case this mechanism is not implemented, because the actual climbing rate
should be smaller and affect only a short time with limited effect on dislocation velocity.
However, it is worth noting that for different AM process parameters and materials, such
as those with lower scanning speeds resulting in slower cooling, climbing may play a more

remarkable role and need to be further investigated.

The dislocation velocity calculated using equation (13), which is linear with the re-
solved shear stress, has been previously used in models for cell structure formation using
CDD [27, 20]. This is a reasonable approximation because, in the present simulations, the
dislocation velocity remains below 0.01 m/s, as shown in Fig. 7, which is the regime in
which the stress-velocity relationship can be approximated as linear [10]. The temperature
dependence of the CRSS is fitted based on experimental data, a method that has been
calibrated in previous work [25]. Although the value of the dislocation mobility B in Table
1 does not depend on temperature, the CRSS is included as temperature dependent, as
shown in equation (16). The uncertainty on the dislocation velocity due to the mobility
B is not considered in this work because of the specific type of strain-controlled load. In
the present simulations, the imposed strain rate on the single slip system determines the

dislocation velocity through Orowan’s law in equation (12). Thus, the temperature has
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only a tiny impact on the dislocation velocity, even though some uncertainty on the stress
might be produced. Thermally activated depinning of dislocations will be considered in
our future work.

The critical energy release rate G. is a key factor in phase simulations and it is normally
calibrated by comparing microscale simulations with interrupted load experiments that
can visualize crack propagation. However, in this work, a precise calibration of G, is
not attempted because of the lack of correlative experiments that combine digital image
correlation for strain measurements [80, 81| with damage imaging at the micrometre
length scale. Since G, is material-dependent and influenced by grain orientation [58],
which also affects the plastic and thermal deformation in our model, it is challenging to
obtain a properly calibrated G value for damage modeling on various slip planes. Here,
we test how different G, values from 1 to 100 J/m? would affect the damage field under
the same loading conditions based on the dislocation structure from the AM process. By
comparing the damage fields, it can be observed in Fig. 11 that different G, values do
not result in very different damage patterns because G, does not significantly change the
plastic deformation or dislocation structure, but lead to different ¢ values and ranges on
the slip plane. When G, increases from 1 to 100 J/m?, the value range of ¢ significantly
decreases, which is not conducive to simulating the specific damage field. While the degree
of damage varies with different G, values, under same conditions, smaller G, values may
be more advantageous in deriving the damage information. The proper value of G, still
requires further experimental evidences for reference. At this moment, the same G, value

is applied to compare the effects of other factors on damage in our cases in the Section 3.
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Fig. 11: Damage field on the slip plane model with different G, values (unit: J/m?) under same loading at 3530
ps.

The fact that the damage is typically diffuse in the simulations shown in section 3.4
is due to the fact that the shear load is applied directly to one layer of elements, thus
limiting the strain heterogeneity that would normally lead to the localization of a single

crack. However, the simulation results presented in section 3.5 demonstrate that the
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residual deformation induced by the AM process favors damage within high dislocation
density regions, which then propagates also to low dislocation density areas during further

loading, consistent with the observations in TEM experiments [16].

Since the current modeling framework is a compilation of several models, including
the data transfer through multiple stages from AM process to grain growth, thermal
stress, dislocation dynamics, and crack initiation, the generation and propagation of er-
rors at each stage should be evaluated. Each model should be independently validated
to ensure the effectiveness of result transferred within the framework, and to avoid the
"black box effect’ in the entire simulation chain. For the validation of temperature profiles
from the thermal-fluid flow model, we compared the melt pool dimensions under identical
AM parameters for 316L stainless steel. The discrepancies in width and depth with rela-
tive errors not exceeding 9%, demonstrating commendable consistency [32]. As for grain
growth, although our model does not fully reproduce the real grain structure as experi-
ment (due to the unpredictability of grain nucleation sites influenced by various factors),
it has been validated to reliably yield average grain sizes, numbers and grain aspect ratios
consistent with experimental observations, in which the errors are about 10% for these
indicators [32]. The grain morphology obtained, combined with grain orientations from
EBSD data [38], can adequately support subsequent thermal stress simulations. Measur-
ing thermal stresses at the grain level through experiments is quite challenging. Thus, it
is validated by comparing them with residual lattice strains measured using Synchrotron
X-ray Diffraction tests [38, 2]. We found that the error did not exceed 0.5x107 and the
simulation was able to predict the elastic-plastic response of different grain families [25].
This indicates that the errors within the simulation chain up to this point are still accept-
able. In the thermal stress simulations, cracking phenomena are not considered because
the parameters used were optimized in experiments to fabricate crack-free AM 316L SS
[2]. However, it is promising that the current method can be extended to the grain scale
to address this issue, although significant work is still required to investigate the effect
of thermal stresses considering the necessary material parameters and evaluation of the

required critical energy.

When it comes to the CDD model, experimentally validating dislocation evolution
remains a challenge. The current dislocation model primarily represents behaviors on the
main active slip plane within a single grain, but interactions between multiple slip systems
and grains can influence the outcome, and the substructure formation in AM materials
requires more factors involved. These necessitate further development and increasing
computational ability to extend this model. However, the characteristic length scale of

the simulated dislocation structures still aligns with the dimensions of some experimen-
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tally observed dislocation structures ranging from 6 to 10 pm, which suggests that the
current modeling of dislocation structures in AM is reasonable [8, 26, 6]. The ability
of this model to predict the evolution of dislocation density has also been evaluated by
comparing it with various experimental and simulation results [26, 82, 83|, demonstrat-
ing good consistency and reliability. The phase field damage model is introduced into
the AM-CDD framework for the first time, and currently, there is no direct experimental
counterpart for comparison but the effectiveness of this model itself has been previously
validated with other metallic materials [58], and crack with similar size was also observed
in experimental work in AM stainless steels [16]. More advanced experimental support
is expected in the future to help refine and calibrate these models, but current research
is grounded in the already validated dislocation structure models, conducted within a
reasonable physical framework.. Additionally, it is important to clarify that for the CDD
simulations, we did not select grains within the melt pool. This is because, when a grain
is melted by the laser into a non-solid state, its deformation and stress are difficult to
evaluate, making it challenging to assess whether the extracted deformation history and
applied loading are reasonable. Furthermore, there is no clear evidence or experimental
evidence regarding the dislocations of a grain immediately after solidification. If an initial
dislocation is assigned before the grain melts, it is unreasonable for the high dislocation
density resulting from significant deformation during the entire melting process to appear
in a newly solidified grain. Thus for grains that undergo the melting-solidification process,
the current analysis can be also applied if the simulation starts from the moment after

solidification.

Overall, the framework presented in this work demonstrates the ability to simulate
the effects of various dislocation mechanisms on potential dislocation structures within
individual grains, using validated AM temperature and deformation fields as input. It can
be applied to optimize the process parameters to reduce the likelihood of hot cracking
and fracture during load by adjusting the thermal stresses. Insights into these microscale
mechanisms provide a scientific basis for material selection, process parameter optimiza-
tion, and post-processing in AM. By adjusting parameters such as laser power, or printing
paths, we can effectively influence dislocation formation and evolution, thereby optimiz-
ing the properties of final products. The errors in temperature fields, microstructures, and
thermal stresses within the model have all been reduced as practically possible using the
best state-of-the-art techniques. Furthermore, the models for dislocations and fracture,
which are main novelties in the current paper, have also undergone indirect validation.
The generation and propagation of errors throughout the entire simulation chain have

been assessed in this manner, indicating the framework to be suitable for AM 316L SS,
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while it would be adaptable for other AM materials. The correlation between dislocation
structures and damage that emerges from the present research is non-trivial because the
CDD model is mostly driven by plastic deformation, while the damage model is driven by
elastic deformation. Clarifying this correlation was one of the main targets of this research.
Despite the comprehensive nature of the proposed models in capturing the complex mul-
tiscale phenomena in AM, they are indeed computationally intensive. To address this,
various computational acceleration methods could be integrated into the current frame-
work, such as reduced order modeling or hyper-reduction techniques [84, 85, 86|, which
would offer a promising development for ongoing work by enhancing the simulation effi-
ciency without significantly compromising accuracy. Furthermore, the framework is not
fully two-way coupling, for example, the thermal stresses and dislocation pile-up would
affect the grain growth or recrystallization [87], which requires further work to make it

more physically comprehensive and accurate to help and guide AM fabrication.

5 Conclusion

A multi-scale multi-physics modeling framework is developed to simulate the mechan-
ical response and material behaviors in AM process, covering the process, microstruc-
ture and thermal stress behavior, and finally leading to the dislocation evolution and
microscale damage in individual grains via the CDD model. In this work, the cross-
slip mechanism and the effect of initial dislocation configuration are taken into account.
Moreover, a phase field damage model is incorporated in this framework to figure out the
correlation between the potential damage and dislocation structure.

The simulation results indicate that the sign of the initial dislocation curvature sig-
nificantly influences the characteristic size of cellular regions and dislocation motion,
while the initial dislocation density affects the amplification of dislocation density under
loading. The effects of the cross-slip mechanism during the AM process are discussed
for the first time, and it is found to promote the formation and stabilization of dislo-
cation structures, as well as the growth of dislocation density. The damage field on the
slip plane is correlated to the residual deformation caused by the AM process. Under
subsequent mechanical loading, it continues to evolve based on the as-built pattern, but
always in correspondence with the distribution and evolution of shear stress, plastic defor-
mation, and the dislocation structures. This modeling framework presents a qualitative
analysis capability for microscale deformation, dislocation motion and damage during
the AM process that are difficult to observe experimentally. This research enhances our
understanding of dislocation and damage mechanisms induced by thermal stresses in AM

process, which provides insights into the dislocation evolution and the initiation of local
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microscale cracks in AM materials. Although it still requires further calibration with more
experimental data, it can be expected that useful insights into improving the performance

of AM materials can be provided via modeling approaches.
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