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Monoclinic TiO2(B) is one of the most promising anode materials for high- 

rate performance lithium-ion batteries as it possesses the largest theoretical 

capacity among titania polymorphs. However, fundamental insight into the 

surface charging mechanism of TiO2(B) nanomaterials is limited due to the 

complicated nature of lithiation behavior, as well as the limitations of avail- 

able characterization tools that can directly probe surface charging process. 

Here, an in situ approach is reported to monitor the dynamic valence state of 

TiO2(B) nanotube electrodes, which utilizes in situ X-ray absorption spec- 

troscopy (XAS) to identify the origin and contribution of surface storage. A 

real-time correlation is elucidated between the rate-dependent electrode per- 

formance and dynamic Ti valence-state change. A continuous Ti valence state 

change is directly observed through the whole charging/discharging process 

regardless of charging rates, which proves that along with the well-known 

non-faradaic reaction, the surface charging process also originates from a far- 

adaic reaction. The quantification of these two surface storage contributions at 

different charging rates is further realized through in situ dynamic valence 

state monitoring combined with traditional cyclic voltammetry measurement. 

The methodology reported here can also be applied to other electrode mate- 

rials for the real-time probing of valence state change during electrochemical 

reactions, the quantification of the faradaic and non-faradaic reactions, and 

the eventual elucidation of electrochemical surface charging mechanisms. 

expansion  (<5%) upon  cycling.[1] Despite   16 

these   advantages,   the   high-rate   perfor-   17 

mance  of TiO2(B) remains  limited  by 18 

sluggish    charge    carrier    transport,[1c,d,2]    19 

thus    inspiring    much    research    efforts   20 

toward     solving     the     inherent    prob-   21 

lems    of   poor    electronic    conductivity   22 

(10−13  –10−9  S cm−1) and low Li-ion diffu-   23 

sivity (10−12–10−9 cm2 s−1).[1f–l] For example,   24 

theoretical  modeling[3]   has  been  used  25 

provided new insights into the lithiation  26 

thermodynamics and kinetics of TiO2(B) 27 

materials, in order to guide the materials   28 

design.[4]  Numerous TiO2(B)-based nano-  29 

structures and composites  have also been   30 

fabricated in order to improve charge car-   31 

rier transport  and the overall electrochem-   32 

ical performance.[5]                                                              33 

Despite fruitful progress being made  34 

toward the design of TiO2(B) electrodes,  35 

current  understanding on the lithiation  36 

mechanisms of nanostructured TiO2(B) 37 

remains  limited by the complexity of 38 

electrochemical   reactions   in   nanostruc-   39 

tured  materials   and  poor  knowledge  on   40 

the origin  of surface  storage.[3–5]  Taking a   41 
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Monoclinic TiO2(B) is a promising  anode material for high-rate 

and long-lasting  lithium-ion  batteries  (LIBs) as it is character- 

ized by the  largest  theoretical  capacity (335 mAh  g−1) among 
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typical discharging  process (Scheme 1a) for example, the dis-  42 

charging  behavior  of the  TiO2(B) nanotube  electrode  is more   43 

complicated  (Scheme  1b) than  the signature  lithiation  plateau   44 
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Scheme 1. The current challenge in identifying surface storage contributions for the TiO2(B) electrode. a) Schematic of the working principle of half-   

27 
cell LIBs under discharging, where Li-ions are inserted into TiO2(B) electrode (orange) and Li foil serves as the counter electrode. The electrolyte is 

28   composed of solvated Li+ cations and PF6− anions. b) Typical discharging profile for a prototype TiO2(B) nanotube electrode, showing the transition   28 
29   from bulk to surface storage. The surface and bulk storage in a,b) are classified based on reaction kinetics with their discharging characteristics shown   29 
30   in the inset of (b). Q/Qmax is the efficiency of discharge. c) Schematic of our proposed solution to address the surface charge contributions  by in situ    30 
31   dynamic valence state monitoring. Diffusion-controlled bulk storage and capacitive surface storage can be quantified by CV kinetic analysis method.   31 

32   The non-faradaic and faradaic reaction related to Ti valence state change can be quantified from dynamic valence state monitoring. d) Working principle   32 

33   
of XAS technique  (left) for measuring Ti K-edge absorption  energy based on photoelectric effect (right). I0 and I1 are X-rays intensity  before and after   

33 
transmitting through the sample, respectively; χ is the sample thickness. 

34 34 

35 35 

36   of anatase  TiO2  and  Li4Ti5O12.
[5a–i]  Specifically, two linear  dis- 

37   charging  slopes  (dotted  line,  Scheme  1b) in  sequence  would 

38   be  observed,  which  originate  from  diffusion-controlled   bulk 

39   insertion  and  capacitive surface  storage  (inset in Scheme  1b), 

40   and  are classified based  on reaction  kinetics.[6]  It is clear that 

41   Li-ion insertion  in bulk  TiO2  reduces  Ti valence state  (reduc- 

42   tion  process)  during   discharging.   As  shown  in  Scheme  1c, 

43   surface  storage  is generally associated  with both  non-faradaic 

44   and/or   surface  faradaic  reactions  (the  latter  also  termed   as 

45   pseudocapacitive).[7]  However, for TiO2(B) nanotube  electrodes, 

46   the origin  of surface  storage (Scheme  1b,c) from  non-faradaic 

47   and/or  surface  faradaic  reactions  is  still unknown.  Although 

48   previous  studies[8]   have reported  valence state  measurements 

49   in titania materials,  continuous monitoring of the valence state 

50   change  and  dynamic  measurements under  various  charging/ 

51   discharging  rates are still lacking, rendering difficult to identify 

52   the  origin  of  the  surface  storage.  In  addition,  although  the 

53   cyclic  voltammetry   (CV)  kinetic   analysis   method[6a,b]    (see 

54   discussion  in Supporting  Notes, Supporting  Information) can 

55   quantitatively  determine  the  contribution  of  capacitive  and 

56   diffusion-controlled  reactions (Scheme 1c) toward total capacity, 

57   the  contribution  of  surface   storage  (including   non-faradaic 

58   and surface faradaic reactions)  is still not quantified  in battery 

59   systems.  Previous  works[7a,9]   showed  that  while  non-faradaic 

capacity can be estimated  by electrochemical methods  (CV and    36 

electrochemical impedance spectroscopy), these attempts were   37 

limited  to supercapacitor  configuration  and  cannot  represent     38 

the real case in LIBs. It is difficult to directly identify surface    39 

charging process with conventional techniques  due to the  40 

complicated  nature  of lithiation  behavior, low X-ray scattering    41 

power  of  lithium   atoms,   and  poor  crystallinity  of  lithiated    42 

TiO2(B)  nanomaterials.[1c,2d]   Therefore,   the   development   of    43 
new  methodologies   to  characterize   the  electrochemical   sur-    44 

face charging  process  in situ  is crucial toward understanding   45 

the surface charging mechanism, as well as achieving high-rate    46 

performance with nanostructured TiO2(B).[1e,10]                                               47 

The faradaic reaction refers to a charge-transfer process that    48 

results  from electrochemical  redox reaction  related to changes    49 

in  the  Ti  valence  state.[11]   Therefore,   we  hypothesized   that    50 

the  origin  and  contribution of surface  storage  from  faradaic    51 

and/or   non-faradaic  reactions  (Scheme  1c) in  TiO2(B) would    52 

be identified via continuous monitoring of the Ti valence state    53 

change during  charging/discharging. To achieve this, a char-   54 

acterization  tool  capable  of continuous real-time  monitoring   55 

of valence state  change  under  different  charging/discharging   56 

rates  would  be  highly  desired.  It  is  known  that  XAS probes    57 

the  X-ray absorption  coefficient  µ(E)  of the  absorbing  atom    58 

(Scheme  1d)  modulated   by  its  surrounding  atoms  through     59 
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structural evolution during discharging/charging  processes. During disch
 
arging, the absorption  edge of Ti K-edge XANES spectra is monotonically  

56 

57 square area in (b). The quasi-isosbestic points in (b) are indicated by red arrows. d) Evolution of Ti O atomic distance upon discharging/charging. 57 
58 A gradual expansion of the Ti O bond length is found upon discharging, w hich is due to the formation of larger radius for Ti3+ (0.67 Å) during Li-ion  58 
59 insertion. 59 

 

 
1 the  photoelectric  effect.[11]  XAS consists  of the  X-ray absorp- 

2 tion  near-edge  structure  (XANES) and  extended  X-ray absorp- 

3 tion fine structure  (EXAFS). XANES can determine the valence 

4 state of an atom in the compound  while EXAFS can elucidate 

5 local chemical  environment of the  atom,  including  coordina- 

6 tion numbers, distances,  and species of the neighbors  around 

7 the absorbing atom.[11c]  Moreover, hard X-ray XAS for Ti-K edge 

8 does not require  the sample  to possess  high  crystallinity, and 

9 can penetrate  deeply in the matter (>20 µm) to gain the average 

10 signal.[11d]  These merits render  the XAS technique  a promising 

11 tool to verify our hypothesis. 

12 Herein,   we  used   an  in  situ   XAS  technique   capable  of 

13 tracking real-time Ti valence state change at different charging/ 

14 discharging  rates to identify the origin and contribution of sur- 

15 face charge storage in a prototype TiO2(B) nanotube  electrode. 

16 It  is  revealed  that  the  Ti valence state  changes  continuously 

17 throughout the charging/discharging process,  which confirms 

18 that  the  surface  storage  originated   from  both  surface  fara- 

19 daic and  non-faradaic  reactions  simultaneously, regardless  of 

20 charging  rates.  Operando  X-ray diffraction  (XRD) also proved 

21 that  the  surface   faradaic  reaction   is  characterized   by  con- 

22 tinuous  anisotropic  expansion  of crystal planes  of LixTiO2(B) 

23 during   lithiation.   According  to  our  theoretical   calculations, 

24 the  surface  faradaic reaction  causes  the  discharging  behavior 

25 to change  due  to an  increase  of Li-ion insertion   site  energy 

26 at the surface  (Scheme  1b). Furthermore, through  the in situ 

27 dynamic valence state monitoring with the CV kinetic analysis 

28 method,  the non-faradaic  capacity (≈18.2 mAh g−1) and surface 
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faradaic  capacity at different  charging  rates  are  quantified.  It   1 

can  be  observed  that  the  ratio  of capacity contribution from   2 

surface  storage  increases  with the  increase  of charging  rates.   3 

The current  findings of the surface storage mechanism have  4 

implications  for  insertion-type  compounds in  general,  which   5 

offers the potential to guide the enhancement of electrode  6 

performance.                                                                                  7 

The  first  step  of  our  mechanistic   studies  is  the  proof-of-   8 

concept,  in  which  we verified the  feasibility of using  in  situ   9 

XAS (Figure 1) to probe the non-faradaic and faradaic reactions   10 

during  lithiation.  Real-time monitoring of the Ti valence state   11 

and  atomic  structure  changes  by in  situ  XAS was conducted   12 

on  a binder-free  TiO2(B) electrode  in  our  customized  battery   13 

cell (Scheme  S1, Supporting  Information). The  unique  elon-   14 

gated  TiO2(B) nanotube   (Figure  S1, Supporting  Information)  15 

was an  ideal binder-free  electrode  system  for precisely eluci-   16 

dating the surface charging  mechanism, since a binder  on the   17 

electrode materials surface would influence the non-faradaic  18 

reaction.[5c,j]  A stable galvanostatic charging/discharging profile   19 

with  a nearly  constant  slope  was observed  for TiO2(B) nano-   20 

tube electrode (Figure 1a). During  discharging,  the absorption    21 

edge  of Ti K-edge XANES spectra  was monotonically  shifted   22 

to lower energy (Figure 1b), corresponding to a continuous 23 

reduction  of the average Ti valence state. This shift was caused   24 

by the  transition of Ti4+  to  Ti3+  in  LixTiO2(B) during  lithia-   25 

tion.  Correspondingly,  the C1 and  C2 crests  (the signature  of   26 

Ti–O interaction)  shown  in Figure  1b shifted  to lower energy   27 

upon  Li-ion insertion.  These  two crests  can  be  attributed  to   28 
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54 Figure 1. In situ XAS studies of the stabilized TiO2(B) nanotube electrode at a low current density of 0.075 A g−1. a) Stable lithiation and de-lithiation  54 

55 profile after three discharging/charging cycles. The corresponding  b) XANES and c) EXAFS stacking absorption spectra of Ti K-edge for tracking of the  55 
 

shifted to lower energy, corresponding  to a continuous reduction of average Ti valence state. The insets in (b) are the zoom-in images taken from the 
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1 the  electronic  dipole transition from  the  core Ti 1s orbital  to 

2 an unoccupied  Ti orbital,[8b]  and the increased  intensity  of the 

3 C1 peak  should  be  due  to the  increased  anisotropic  orienta- 

4 tion of Ti O bond.[12]  As for the preedge feature, only one peak 

5 marked  as “A2” (related to dipolar  electronic  transitions from 

6 Ti 1s to eg  levels)[8b,13] was seen  (Figure  1b) for the stabilized 

7 TiO2(B) electrode after cycling, in contrast to the three pre-edge 
8 peaks (A1–A3) of the pristine TiO2(B) electrode (Figure S2, Sup- 
9 porting  Information). Their  origins  and  transformations  are 

10   discussed  in Figure  S2 (Supporting  Information). During  dis- 

11   charging, the A2 peak intensity first decreases due to structural 

12   distortion  upon  Li-ion insertion.  The intensity  then  increases 

13   slightly after the formation  of Li0.55TiO2(B) at the end of lithia- 

14   tion process, which can be associated with the presence  of the 

15   more  regular  TiO6  octahedra.[13]  This behavior may be due  to 

16   the rearrangement of Li-ion sites in the crystal or the change of 

17   the Li-ion diffusion pathway. 

18 Having  established  our proof-of-concept, the local structure 

19   evolution  upon  charging/discharging was then  probed  in situ 

20   by Ti K-edge EXAFS. Fourier  transformation of EXAFS oscil- 

21   lations  provided  the  radial  distribution from  individual  shells 

22   of neighboring atoms  around  Ti atom, as shown  in Figure 1c. 

23   The three peaks located at about 1.5, 2.5, and 3.3 Å originated 

24   from  six coordinated  Ti O bonds  in the TiO6  octahedra,  first 
25   neighbors   of  five  coordinated   Ti–Ti  (edge)  scattering,   and 

26   third  neighbors  of four  coordinated  Ti–Ti (corner)  scattering, 

27   respectively.[8b]   During   discharging,   the  peak  intensity  from 

28   Ti O bonds would first gradually decrease, then increase at the 

29   end  state.  This  behavior  indicates  the  increased  distortion  of 

30   the TiO6  octahedra  during  continuous Li-ion insertion.  While 

31   reaching  a lithiated phase of Li0.55TiO2(B), the crystal structure 
32 

33 

34 

35 

36 

37 

38 

39 

40 

41 

42 

43 

44 

45 

46 

47 

48 

49 

50 

51 

52 

53 

would become less disordered,  which agrees with the observed    1 

A2 peak  change.  To quantify  Ti O bond  length  for the  first    2 

shell  (Figure  1d), we performed  the  fitting  of radial  distribu-    3 

tion data in Figure 1c by the Artemis software.[14] To reduce the    4 

ambiguity  of the  fitting,  the  coordination  number for Ti was    5 

fixed to six to minimize variable parameters. A small R-factor    6 

(≈0.01, Table S1, Supporting  Information) was obtained, which    7 

indicated  excellent  fitting  for  the  bond  length.  According  to    8 

the fitting result,  gradual  expansion  of the Ti O bond  length    9 

occurred  upon  discharging.  This structural  change  was due to    10 

Li-ion insertion,  resulting  in the formation  of Ti3+  with larger    11 

radius  (0.67 Å) than  that of Ti4+ (0.61 Å).[15] The change  of the    12 

bond  length  was not obvious at the beginning  and end of the    13 

lithiation  process  (Figure  1d), which  suggested  limited  Li-ion   14 

bulk  insertion.   After  charging,  both  the  local  atomic  struc-    15 

ture  (Figure  1c) and  bond  length  (Figure  1d) were reversibly    16 

returned  to the  original  state,  indicating  the  rigid  and  stable    17 

structure  of TiO2(B).                                                                            18 

An issue that we have to address next is that fast charging of    19 

LIBs may impede the application of in situ XAS to monitor  the    20 

dynamic  valence state change.  Specifically, the recording  time    21 

is long (≈5 min) for a full XAS spectrum  (XANES and EXAFS)   22 

with an energy range  of ≈500 eV (corresponding to an energy    23 

scanning  rate of 100 eV min−1),  which would result in limited    24 

collected data points  for a charging  or discharging  process. To    25 

address  this issue, we shortened the record time to 0.5–2 min    26 

for  the  XANES measurement only,  with  a  narrowed  energy    27 

range  of 50–100  eV and  an  increased  energy  scanning   rate    28 

(100–200 eV min−1).  With  this  approach,  the  rate-dependent   29 

charge storage contribution and Ti valence states were revealed    30 

and quantified at different charging/discharging rates (Figure 2    31 
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54   Figure 2. In situ dynamic valence state monitoring approach: Dependence of Ti valence state evolution on the charging/discharging capacity at various   54 

55   current densities of a) 0.075, b) 0.45, c) 0.9, d) 1.25, and e) 1.75 A g−1. (I) Galvanostatic discharging/charging profiles of TiO2(B) nanotube electrode. (II)    55 

56   
The synchronously progressive valence state change of Ti element. The valence state evolution curves match well with the charging/discharging curves   

56 
at different charging currents, indicating that the charging behavior is mainly affected by the faradaic reaction into TiO2(B). (III) The corresponding 2D 

57   contour plots of the Ti K-edge energy of TiO2(B) nanotube electrode under different discharging/charging currents. Upon discharging, Ti-K absorption   57 
58   edge (4975–4985 eV) in contour plot is shifted to lower energy at different discharging rates. While at high current density, the change of the absorption   58 
59   edge is less pronounced. The Ti K-edge adsorption  energy is normalized for the comparison. 59 
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1 and Figure S3, Supporting  Information). Correspondingly,  the 

2 correlation   between   electrode  performance  (Figure  2I)  and 

3 average Ti valence state (Figure 2II) was evaluated on the same 

4 cell by in  situ  dynamic  valence state  monitoring. The  corre- 

5 sponding  2D contour plots derived from in situ XANES spectra 

6 for TiO2(B) are shown in Figure 2III and Figure S4 (Supporting 

7 Information).   Upon    discharging,     Ti-K   absorption     edge 

8 (4975–4985 eV) in the contour  plot (Figure 2III) was shifted to 

9 lower energy at different  charging  rates. At high  current  den- 

10 sity, the  change  of the  absorption  edge  was less  pronounced 

11 (Figure  2III-d,e, and  Figures  S3 and  S4, Supporting  Informa- 

12 tion).  This  observation  is  consistent   with  the  lower  capacity 

13 achieved at high rates. Upon charging, the absorption  edge can 

14 return  to the original  state upon  lithium  extraction regardless 

15 of the  charging  rates,  indicating  the  good reversibility of the 

16 TiO2(B) structure  during  cycling. 

17 Although  the  contour  plots  can  provide  us  with  a  visual 

18 impression of in  situ  valence state  change,  quantitative  data 

19 are required  to deduce the factors that contribute  to the charge 

20 storage. The total storage capacity can be divided into faradaic 

21 capacity, which originated  from the change  of Ti valence state, 

22 and non-faradaic capacity, which is attributed  to other contribu- 

23 tions. Herein,  linear combination  fitting (LCF, see discussion in 

24 Supporting  Notes, Supporting  Information) was applied based 

25 on the appearance  of quasi-isosbestic  points[12,16]   in Figure  1b 

26 (red arrows). According to our analysis, each intermediate state 

27 of the Ti XANES spectrum  curve can be well fitted by a linear 

28 combination  of the corresponding XANES spectra of the lowest 

29 and  highest  valence states,[16a]   which  correspond  to the  fully 

30 lithiated  and initial states, respectively. The average Ti valence 

31 states in initial and lithiated  states were first determined from 

32 the absorption  edge shift (Figure S5, Supporting  Information) 

33 relative to the edge position, which was defined by the intercep- 

34 tion of the spectrum  at half of the normalized intensity.[16b]  The 

35 expected uncertainty  to determine the average Ti valence state 

36 by this  approach  was about  ±5%.[16a,c]  The edge shift  for per 

37 valence state was determined to be 5.01 eV from fresh TiO2(B) 

38 and  Ti2O3  as a standard  reference  sample  (Figure  S5b, Sup- 
39 porting  Information), which was consistent  with the literature 

40 value.[13,17] Taking this result into account, we established the Ti 

41 average valence state in the initial states  of stabilized  TiO2(B) 
42 after  cycling  and  lithiated  TiO2(B)  to  be  Ti3.70+   and  Ti3.07+, 
43 respectively, at a current  density of 0.075 A g−1  (Figure S5c,d, 

44 Supporting  Information). After obtaining  the two end states of 

45 the Ti valence state, we can obtain  a precision  better than  1% 

46 when  using  LCF to determine variations  in  the  relative ratio 

47 of Ti3+  and  Ti4+  during  different  states  of charge  (Table S2, 

48 Supporting   Information). A typical fitting  result  was  plotted 

49 in  Figure  S6 (Supporting  Information) for  a current  density 

50 of 0.075 A g−1, and  all of the  LCF fittings  matched  well with 

51 the  experimental  results.  By the  same  method,  the  fitting  for 

52 high current  densities  was conducted,  and the fitting data also 

53 matched  perfectly with the experimental  data (Figures S7–S10, 

54 Supporting  Information). The fitting details for each interme- 

55 diate state at different  charging/discharging rates and detailed 

56 discussion   are  provided  in  Tables  S2–S6  (Supporting   Infor- 

57 mation)   and   Supporting    Notes   (Supporting    Information), 

58 respectively. 

59 

The   corresponding  valence  state   for  each   charging/dis-   1 

charging  state  would  be  combinations of  different  fractions   2 

of Ti4+ and Ti3+, as shown in Figure S11 (Supporting  Informa-   3 

tion).  By summing up  each  valence state  multiplied  by their   4 

corresponding fractions, the average Ti valence state at each  5 

charging/discharging state under  different  charging  rates was   6 

obtained,  as shown  in Figure  2II. Four distinct  characteristics    7 

were  observed  for dynamic  evolution  of the  Ti valence state.   8 

First,  the  valence  state  evolution  curves  matched   well  with   9 

the charging/discharging curve at different  charging  currents,    10 

which indicated  that  the charging  capacity and  behavior were   11 

mainly affected by the faradaic reaction within the TiO2(B) lat-   12 

tice. Second, Ti valence state changed throughout the charging/  13 

discharging   process  although   smaller  rates  of  change  were   14 

observed  at  the  beginning   and  the  end  of  the  discharging/  15 

charging process, which indicated that the faradaic reaction was   16 

also occurring  during  surface  storage.  Third,  the total valence   17 

state  change  dramatically  decreased  with  increased  charging   18 

rates,  which  was  consistent   with  the  rate-dependent  perfor-   19 

mance. Fourth, the initial valence state of Ti decreased at higher   20 

current   densities.   This  can  be  attributed   to  the  continuous  21 

mode of in situ XAS measurement with a gradual and sequen-   22 

tial  increase  of current  density.  At a  small  charging  density   23 

(≤0.9 A g−1), the valence state could be easily returned  to the ini-   24 

tial value (Ti3.7+), while at a higher current  density (≥1.25 A g−1),   25 

the  electrode  system  suffered  from  larger  reaction  polariza-   26 

tion, leading to significant  reduction  in electrode performance  27 

(mainly from the faradaic reaction). Due to the limited Li-ion  28 

diffusion kinetics, the increase of charging rate would not allow   29 

complete  removal of Li-ion from  the sample,  resulting  in the   30 

stabilization of lower initial Ti valence states. Therefore, further    31 

Li-ion insertion  would reduce valence state from the new initial   32 

value.                                                                                                    33 

To  obtain  further   insights   into  the  crystal  structure   evo-   34 

lution   during   lithiation   and   its  correlation   with  lithiation-   35 

induced  valence  state  change,  we performed   operando  XRD  36 

study on the insertion/deinsertion of Li ions into/from TiO2(B)  37 

(Figure   3a,b).  Three   main   reflections   at  28.6°,  43.6°,  and   38 

47.9° were observed,  which  corresponded to the  (002), (003),  39 

and  (020) crystal  planes  of TiO2(B),[8c] respectively.  Quantita-   40 

tive  data  on  the  real-time  change  of  atomic/plane  arrange-   41 

ment  was obtained  by analyzing  the shift of the peak position   42 

and intensity. Upon discharging, the above three peaks were  43 

gradually shifted to lower reflection angles (Figure 3c,e,h), 44 

indicating  plane expansion  during  lithiation.  These monotoni-   45 

cally left-shifted peaks indicated  single-phase  reaction  without   46 

apparent   phase  changes.  The  quantitative  data  on  the  (002)  47 

and  (020) peak  change  is  shown  in  Figure  3f,i, respectively.   48 

The  degree  of  crystal  disorder  was  estimated  by comparing    49 

the diffraction intensity of the (002) peak with the constant  dif-   50 

fraction  intensity  of the  Al (111) plane  (Figure  3b). The ratio   51 

of ITiO2(B)(002)/IAl(111)   decreased  during  discharging  and  gradu-   52 

ally increased  during  charging.  This  behavior  indicated  that   53 

the  degree  of crystal disorder  of the  atomic  arrangement on   54 

the (002) plane  was degraded  during  discharging  (Figure  3g).   55 

Upon  charging,  these  characteristic  peaks  and  their  intensi-   56 

ties could be recovered to the initial charged  state. The struc-   57 

ture evolution revealed by XRD was consistent  with the in situ   58 

59 
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41   Figure 3. Operando XRD analysis of TiO2(B) nanotube electrode under discharging/charging at a current density of 0.06 A g−1. a) Galvanostatic dis-    41 

42   
charging/charging curves. b) Operando XRD patterns of TiO2(B) electrode at different stages that points 1–13 represent the discharging process and   

42 
points 14–24 represent the charging process. c) Magnified (003) peak and d) its corresponding 2D contour plots. e) Magnified (002) peak and f ) its 

43   corresponding  XRD peak intensity change during discharging/charging. g) The (002) plane of TiO2(B) stacked along the c-axis (red: oxygen atoms;   43 
44   blue: titanium atoms). h) Magnified (020) peak and i) its corresponding peak shift during discharging/charging. j) The (020) plane of TiO2(B) stacked   44 
45   along the b-axis. 45 

46 46 

47   XAS measurement (Figure  1d). In  particular,  a more  obvious 

48   peak shift was observed in (020) plane compared  to that in the 

49   other  two crystal planes  (Figure  3h,i). This  finding  is reason- 

50   able since Li-ion diffusion  through  the (020) plane  with open 

51   channels  along the b-axis (Figure 3j) has the lowest migration 

52   energy barrier.[1c,7d]  The increase in the degree of peak shift was 

53   observed  when  the  mole  fraction  of stored  lithium  (Lix) was 

54   between 0.1 and 0.6 during discharging. Beyond this region, the 

55   degree of peak shift was much  smaller (Figure 3i). This region 

56   matched  well with the lithiation/delithiation potential  window 

57   (1.4–1.8 V) of TiO2(B), and  the  peak shift  beyond this  region 

58   was smaller, corresponding to the evolution of Ti valence state. 

59   To further  understand the full picture  of lithiation  process, we 

correlated the real-time evolution of Ti valence state with crystal    47 

structure   change  (Figure  S12,  Supporting   Information).  We    48 

have found  that the real-time  evolution of the change  in XRD   49 

peak  shift  follows a slope  similar  to that  of the  XAS-derived   50 

Ti  valence  state  during   charging/discharging, which  further     51 

proved that the full faradaic process occurred with a continuous   52 

(002)/(020)  plane  expansion   (Figure  3e,h,  Figure  S12,  Sup-    53 

porting  Information) even during  surface storage. In addition,    54 

three important steps for Li-ion migration  into TiO2(B), namely    55 

surface adsorption,  bulk insertion,  and surface storage, are pro-    56 

posed in Figure S12 (Supporting Information) with detailed dis-    57 

cussion. Herein,  the operando XRD result has proven the solid-    58 

solution reaction during  lithiation. The absent phase transition   59 
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29 Figure 4. Identification of surface charge contributions for TiO2(B) nanotube electrode and theoretical modeling of Li-ion insertion site energy. 29 

30 a) Dynamic valence state monitoring to reveal the surface charging contribution combining with CV kinetic analysis. b) Correlation of the specific  30 

31 capacity with Ti valence state at varied current rates, giving non-faradaic reaction capacity from y-intercept. c) Diffusion-limited, pseudo-capacitive, 31 

32 and non-faradaic capacitive contributions to the total capacity at different scan rates. d) The correlation of Li-ion site energy (ε) with the number of   32 
the site (Ni). Distribution of the site energy for bulk materials (εb, red line) with surface sites considered (εb + δ, blue line), resulting in the decrease of   

33 
discharging potential shown in the inset of (e). e) Calculated discharge profiles with different ratios of surface sites (α = 0–1.0) by modified lattice-gas 

34 model. Here, the typical values are set as: εb = −1.6 eV, δ = 0.5 eV, k = 1.38 × 10−23 J K−1, T = 298.15 K. The inset in (e) is the scheme for bulk sites (Nb) and  34 
35 surface sites (Ns) for TiO2(B). f )Schematic illustration of Li occupations for surface sites (top) including Li surface adsorption and insertion, and bulk  35 
36 sites (bottom) with diffusion-limited insertion in TiO2(B) (010) surface. During lithiation, Li concentration  decreases from surface layers to bulk sites.  36 
37 37 

38 38 

39 with  small  structural  rearrangements and  volume  changes  is 

40 the key to realize fast charging (which will be discussed  later in 
C total   = CNF + CF = CNF + kVc (1) 39  Q6 

40 

41 Figure S15, Supporting  Information) for the TiO2(B) electrode. 

42 To explore  the  origin  of rate-dependent capacity contribu- 

43 tions  (Figure  4a),  we  quantitatively  identified  each  capacity 

44 contribution  through   the  dynamic  valence  state  monitoring 

45 with  the  kinetic  analysis  by  traditional   CV  measurements, 

46 which can differentiate  the contributions of the capacitive and 

47 diffusion-controlled   reactions   (see  discussion   in  Supporting 

48 Notes,  Supporting   Information).  The  capacitive  reaction  on 

49 the electrode surface consists  of non-faradaic  and surface fara- 

50 daic  (pseudocapacitive)   reactions.   From   the  electrochemical 

51 perspective,  the total capacity should  be composed  of non-far- 

52 adaic contribution (CNF) and faradaic contribution (CF) related 

53 to the Ti valence state change. Theoretically, CF  should  be pro- 
54 portional  to the valence state change  (Vc), and  CNF  should  be 
55 nearly constant  at wide charging  rates before reaching  kinetic 

56 limit  by electrostatic  adsorption.   To  prove  this,  we  explored 

57 the correlation of specific capacity with Ti valence state change 

58 (Figure 4b). As we expected, the total capacity (Ctotal) showed a 

59 linear relationship  with Vc at different charging rates 

in  which,  k  value  is  related  to  the  theoretical  capacity  per   41 

valence  state  change.  Based  on  the  Equation  (1), CNF   from   42 

the  intercept  is ≈18.2 mAh  g. This  value was comparable  to   43 

that  found  from  our  theoretical  evaluation  (see discussion  in   44 

Supporting  Notes, Supporting  Information). To quantitatively   45 

obtain each capacity contribution, the capacitive and diffusion-   46 

controlled capacities were first calculated from kinetic analysis   47 

by CV measurement. The typical CV curve and its derived data   48 

for  TiO2(B) anode  with  various  scanning   rates  are  included   49 

in Figure  S13 (Supporting  Information). To identify the  con-   50 

tribution  of the  capacitive reaction,  the  relationship  between   51 

the CV current  (i) and  scan  rate (v) was analyzed  via i = avb.  52 

The b value of 0.5 would corresponds  to diffusion-controlled   53 

behavior,  and  1.0 would  indicate  capacitive process.[7]   It  was   54 

found  that  the  b value for anodic  peaks  is 0.82 (Figure  S13,   55 

Supporting  Information) for the  TiO2(B) nanotube  electrode,   56 

indicating  mixed contribution from  the diffusion  and  capaci-   57 

tive reactions.  Contribution fractions  between  the  aforemen-   58 

tioned  two reactions  at higher  scan rates were also quantified   59 
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1 (Figure  S13, Supporting  Information). Here,  it was assumed 

2 that  CNF   determined by various  galvanostatic  charging  rates 

3 (Figure 4b) would be identical  to that  of CNF  obtained  by CV 
4 measurements. By subtracting  the contribution from the CNF, 
5 we can build the correlation  between the diffusion-controlled, 

6 pseudocapacitive,   and  non-faradaic   capacitive  contributions, 

7 as  shown  in  Figure  4c. The  results  showed  minor  changes 

8 in  the  pseudocapacitive  capacity at slow scanning  rates,  and 

9 slight  decreases  at high  scanning  rates  (2 mV s−1), while the 

10   diffusion-controlled    capacity   continuously    decreased    with 

11   increasing  scanning  rates. The continuous decrease was more 

12   obvious at higher  scanning  rates  of 20 mV s−1  (detailed  dis- 

13   cussion  in Figure S14, Supporting  Information). Based on the 

14   quantification,   the  capacity contribution percentage  for  non- 

15   faradaic,  pseudocapacitive,   and  diffusion-controlled   capacity 

16   changed  from 9%, 49%, 42% to 11%, 60%, 29%, respectively, 

17   when a scanning  rate increased  from 0.2 to 2.0 mV s−1. These 

18   results   showed  that  the  capacity  contribution  ratio  of  sur- 

19   face  storage   (non-faradaic   and   pseudocapacitive   reactions) 

20   increased  with  the  increase  of  charging  rates.  The  capacity 

21   of the  surface  reaction  was dominant at  fast  charging  rates 

22   (Figure 4c and Figures S13 and S14, Supporting  Information), 

23   which was mainly due to the high surface area of TiO2(B) nano- 
24   tubes (≈163 m2  g−1). Indeed, we demonstrated that the TiO2(B) 
25   nanotubes possessed  higher  charge storage capacity than  that 

26   of TiO2(B) nanowires  (with a surface area ≈25 m2  g−1) at a wide 

27   scanning  rate (Figure S15, Supporting  Information). In a plot 

28   of charge  capacity versus  v−1/2,  linear  regions  would indicate 

29   diffusion-limited capacity, while capacitive contribution would 

30   be  independent  of  the  scanning   rate.[7c]   Clearly, the  charge 

31   storage  mechanism was mainly  diffusion-limited for TiO2(B) 
32   nanowires  at a high scanning  rate of 20 mV s−1  (Figure S15a, 

33   Supporting   Information),  while  TiO2(B) nanotubes still  pos- 

34   sessed  high  charge  capacity that  was mainly attributed  to the 

35   enriched   surface  storage  reaction  (Figure  S15b,  Supporting 

36   Information). Therefore,  it is important to design  nanostruc- 

37   ture electrodes with maximized  surface storage and Li-ion dif- 

38   fusivity to enhance  bulk insertion. 

39 To further  understand the role of surface storage during  the 

40   charging/discharging  process,   we  modeled   the  discharging 

41   behavior by modified lattice gas model, in order to predict the Li 

42   occupation of active sites in electrodes as a function of lithiation 

43   voltage.[18] As TiO6  octahedra  layers for TiO2(B) nanomaterials 

44   at  the  surface  have  a disordered  structure,   compared  to  the 

45   site  energy  for bulk  insertion  (εb), site  energy  (ε) fluctuation 

46   for Li-ion insertion  would be induced.  This means  that the site 

47   energy  near  the surface  can be assumed  to be uniformly  dis- 

48   persed to a certain extent (εb+δ, Figure 4d) when compared with 

49   εb. Based on this, the simulated  discharging  curves with a dif- 
50   ferent fraction of surface storage (α) derived from the modified 

51   lattice gas model (discussion  in Supporting  Notes, Supporting 

52   Information) are shown  in  Figure  4e as a function  of Li site 

53   occupancy (x) via 

54 

where E is the open-circuit voltage, T is the temperature, k is the    1 

Boltzmann  constant, εb is the site energy for bulk insertion,  and    2 

δ is the increased  site energy due to surface effect. Our model    3 

(Figure 4e) indicated  that,  for the bulk insertion,  the slight εb      4 

changes  at different  lithiation  voltages were due to the contin-    5 

uous  occupations  of interstitial  Li sites in TiO2(B). For Li-ion   6 

insertion   into  the  surface  layers  of TiO2(B), the  discharging     7 

behavior  changed  to capacitive with  a deeper  slope  (inset  of    8 

Figure 4e). This capacitive behavior would be more obvious for    9 

the  increasing  fractions  of surface  insertion  sites  (Figure  4e).    10 

According to our modeling, the change in discharging profile of    11 

TiO2(B) (Scheme  1b) would be induced  by the transition from    12 

Li-ion insertion  from bulk to surface storage (Figure 4f). This is    13 

due to the increase  of surface site energy (εb+δ) in the surface    14 

faradaic reaction, which agrees with our experimental  observa-    15 

tion (Figures 2–4).                                                                                16 

In  summary,   an  advanced  in  situ  XAS technique  capable    17 

of tracking  dynamic  Ti valence state  change  as a function  of    18 

Li-ion content  at  different  charging  rates  was  developed  to    19 

identify the origin and contribution of surface storage to the   20 

capacity  of  the   TiO2(B)  nanotube   electrode.   Through   this    21 

platform,  we proved that  the  surface  storage  originated  from    22 

both  the  faradaic  and  non-faradaic   reactions   regardless   of    23 

charging  rates,  and  the  surface  faradaic reaction  induces  the    24 

discharging  behavior  change,  which  is due  to an  increase  of    25 

Li-ion insertion  site energy at the surface according to our the-    26 

oretical modeling. In addition, through dynamic valence state   27 

monitoring with kinetic  analysis  by the  CV method,  a quan-    28 

titative non-faradaic  capacity (18.2 mAh  g−1) was deduced  for    29 

TiO2(B) nanotubes.  The  non-faradaic,  pseudocapacitive,  and    30 

diffusion-controlled  capacities  contributed  around  11%, 60%,    31 

29% to the total, respectively, at a scanning  rate of 2.0 mV s−1,    32 

and  the  ratio  of surface  storage  contribution increased  with    33 

the  increase  of charging  rates.  Our  methodology  for  in  situ    34 

dynamic valence state monitoring has significant  implications     35 

for a wide family of electrode materials  and other related elec-    36 

trochemical   reactions,  with  regards  to  real-time  observation    37 

of valence state changes,  quantification  of the electrochemical    38 

surface  reaction,  and  elucidation  of the  charging  mechanism    39 

under  fast charging.                                                                             40 

41 
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