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Abstract
Tailoring thermal history during additive manufacturing (AM) offers a feasible approach to
customise the microstructure and properties of materials without changing alloy compositions
or post-heat treatment, which is generally overlooked as it is hard to achieve in commercial
materials. Herein, a customised Fe–Ni–Ti–Al maraging steel with rapid precipitation kinetics
offers the opportunity to leverage thermal history during AM for achieving large-range tunable
strength-ductility combinations. The Fe–Ni–Ti–Al steel was processed by laser-directed energy
deposition (LDED) with different deposition strategies to tailor the thermal history. As the
phase transformation and in-situ formation of multi-scale secondary phases of the Fe–Ni–Ti–Al
steel are sensitive to the thermal histories, the deposited steel achieved a large range of tuneable
mechanical properties. Specifically, the interlayer paused deposited sample exhibits superior
tensile strength (∼1.54 GPa) and moderate elongation (∼8.1%), which is attributed to the
formation of unique hierarchical structures and the in-situ precipitation of high-density
η-Ni3(Ti, Al) during LDED. In contrast, the substrate heating deposited sample has an excellent
elongation of 19.3% together with a high tensile strength of 1.24 GPa. The achievable
mechanical property range via tailoring thermal history in the LDED-built Fe–Ni–Ti–Al steel is
significantly larger than most commercial materials. The findings highlight the material
customisation along with AM’s unique thermal history to achieve versatile mechanical
performances of deposited materials, which could inspire more property or function
manipulations of materials by AM process control or innovation.
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1. Introduction

Additive manufacturing (AM) is a cutting-edgemanufacturing
technology with the remarkable ability to fabricate intricate
and high-performance net-shaped metallic components [1, 2].
The distinctive characteristic of AM lies in its unique layer-
by-layer deposition approach, wherein materials are rapidly
melted, solidified, and cooled, followed by intrinsic thermal
cycling [3–5]. The rapid solidification and cooling of AM
ensure that ultrafine-grained microstructure with supersatur-
ated solid solution atoms can be obtained, while the intrinsic
thermal cycling endows an in-situ heat treatment, inducing in-
situ precipitation (e.g. η-Ni3Ti in AM of Fe–19Ni–5Ti [6] and
β′-NiAl in AM of Fe–19Ni–xAl [7]) or in-situ decomposition
of metastable phases (e.g. martensite decomposition in AM of
Ti–6Al–4V alloy [8]) during AM. These process characterist-
ics enable the in-situ tailoring of microstructure and property,
and the in-situ microstructural evolutions associated with the
unique thermal history play a major role in shaping the per-
formance of AM-built components.

In laser AM, adjusting laser power, scan speed, hatch
spacing, or layer thickness can alter the thermal history
significantly [9, 10]. However, changing these energy-related
process parameters will affect the densification of AM-built
materials, which overshadows the effects of thermal history on
mechanical properties [11]. Differing from the energy-related
parameters, the interlayer paused time emerges as a crucial
AM process parameter for shaping thermal history without
affecting the densification of deposited materials [12]. The
interlayer paused time can affect the net thermal build-up
to tailor thermal history in the deposited material for micro-
structural control [6, 13]. Specifically, using a short interlayer
paused time can increase the thermal accumulation, thereby
promoting the in-situ heat treatment effects, while using a long
interlayer time can inhibit thermal accumulation and ensure a
high thermal gradient and cooling rate in the whole building.
As an example, Kürnsteiner et al [6] reported that the degree of
martensitic transformation of the laser-directed energy depos-
ition (LDED)-built Fe–19Ni–5Ti maraging steel heavily relies
on the interlayer paused time due to the different heat build-
up during LDED, and the intrinsic thermal cycling of LDED
induced the in-situ precipitation of η-Ni3Ti phase [7, 14].

Apart from adjusting process parameters, external heating/-
cooling is also a feasible solution to tailor the AM thermal
history [15]. Substrate heating is a widely implemented aux-
iliary technique for metal AM and has been incorporated into
numerous commercial AM systems [16]. Benefiting from the
heated substrate, the temperature gradient and cooling rate

can be reduced simultaneously, hereby alleviating residual
stress and crack sensitivity [17, 18]. Meanwhile, substrate
heating can also affect the phase transformation behaviour
and microstructural formation. For materials with martensitic
transformation (e.g. maraging steels, (α+ β)-Ti alloys), redu-
cing thermal gradient and cooling rate can retard the martens-
itic transformation [19]. Heating the substrate to a temperat-
ure above the martensite start temperature can even inhibit the
martensitic transformation during AM, significantly affecting
the microstructure and properties of the deposited materials
[16, 20].

As discussed above, the thermal history control in AM
enables in-situ microstructural tailoring, which could be per-
formed to achieve versatile mechanical performances without
adjusting alloy composition and exerting time-consuming
post-heat treatments. However, up until now, the full poten-
tial of the AM process characteristics on microstructure tail-
oring remains largely undiscovered. This is becausemost com-
mercial powder feedstocks used for AM are predominantly
designed for conventional manufacturing routes (e.g. casting
and forging), which hardly cater to themetallurgical character-
istics of AM (i.e. rapid solidification/cooling rate and intrinsic
cyclic thermal inputs [21]). As a result, the mechanical prop-
erties of commercial materials are hard to tailor by controlling
thermal history due to the lack of rapid precipitation kinet-
ics. Under this circumstance, post-heat treatments are gener-
ally needed for AM-built materials to improve their mech-
anical performance. For instance, direct-aging or solution-
aging treatments are necessary for AM-built commercial C300
maraging steel to form high-density precipitates and enhance
mechanical strength [22]. However, the additional post-heat
treatment inevitably compromises the time and energy effi-
ciency of AM. The potential of leveraging thermal history
during AM to achieve large-range strength-ductility combin-
ations in the AM-built materials without post heat treatment
or changing alloy composition is generally overlooked. AM-
built materials with large-range tunable mechanical proper-
ties can meet various applications, which reduces storage load
and extends the material’s application range significantly. This
can potentially revolutionise the AM field by harnessing the
full capabilities of thermal history control in tailoring micro-
structure and property directly, thus propelling the technology
towards more streamlined and efficient industrial applications.

Presented here are our latest research findings on lever-
aging thermal history of AM for achieving large-range tunable
strength-ductility combinations in an LDED-built novel Fe–
Ni–Ti–Al maraging steel without post-heat treatment or chan-
ging alloy composition. The thermal history was tailored by
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interlayer paused strategy and implementing external heating/-
cooling during LDED. The effects of thermal histories tailor-
ing on the microstructural formation, mechanical properties,
and strengthening and toughening mechanisms of the novel
Fe–Ni–Ti–Al maraging steel are elucidated.

2. Materials and methods

2.1. Material and LDED process

In this work, a novel Fe–Ni–Ti–Al maraging steel character-
ised by rapid precipitation kinetics is adopted as the feed-
stock. The compositions and particle size distributions of the
raw powder are summarised in table 1. The proper addition of
Ni (21.1 wt%) improves the stability of austenite and ensures
the transformation into martensite upon cooling from the aus-
tenite phase, which is crucial for the subsequent aging pro-
cess that significantly enhances the mechanical strength. Ti
in conjunction with Ni facilitates the rapid precipitation of η-
Ni3Ti during AM, enhancing the hardening response of the
steel. Additionally, Al is used to decrease the density and
improve the oxidation resistance of the steel. The martensitic
start temperature (MS) of the Fe–Ni–Ti–Al steel is ∼182 ◦C
as measured by a dilatometer (as shown in figure S1), indic-
ating that the martensitic transformation is highly sensitive
to thermal history during LDED [23]. The electron backs-
catter diffraction (EBSD) images and energy dispersive x-
ray spectroscopy (EDX) mappings of the Fe–Ni–Ti–Al raw
powder are presented in figures 1(a)–(e), respectively. The raw
powder mainly consists of martensite, austenite, and minor
Ti2Ni Laves phases. The EDX mappings in figure 1(e) indic-
ate that the austenite phase is rich in Ni and Ti since Ni and Ti
both act as austenite stabilisers in the current steel [6].

Single tracks, single layers, and block samples were prin-
ted to optimise the LDED process parameters. The para-
meters were fine-tuned within a laser power range of 700–
1000 W and a scan speed range of 900–1800 mm·min−1. The
printing process incorporated a raster scanning strategy that
involved rotating each layer by 90◦. The powder feed rate is
fixed at 2.3 g·min−1 to ensure great deposition quality with
moderate deposition efficiency. The distance of the nozzle to
the substrate is kept at 9 mm. The deposited block size is
75mm× 50mm, and amild steel plate is used as the substrate.
Notably, a novel experimental setup is designed to tailor the
thermal history of LDED, as shown in figure 1(f). Specifically,
a heating plate and a cooling plate are both installed under the
substrate to serve as the heating and cooling source, respect-
ively. The image of the experimental setup is shown in figure
S2. The thermal history is recorded by a K-type thermo-
couple placed at the edge of the 1st printed layer because
the minimum temperature of the built can be determined by
measuring the temperature of this location (figure 1(f)). Four
types of deposition strategies, including common continuous
deposition (CCD), interlayer paused deposition (IPD), con-
stant heating deposition (CHD), alternated heating deposition
(AHD), are adopted to tune the thermal histories during LDED

of Fe–Ni–Ti–Al steel: (i) CCD involves the continuous layer-
by-layer printing without interlayer pauses, representing the
most commonly adopted deposition strategy; (ii) IPD incor-
porates a 100 s interlayer pause to curtail thermal accumu-
lation during LDED, ensuring the uniformity of martensitic
transformation across the entire built; (iii) CHD maintains the
substrate temperature at 200 ◦C, without interlayer pauses dur-
ing deposition, ensuring that the solidified material remains
above the Ms of the Fe–Ni–Ti–Al steel during printing. This
process suppresses martensitic transformation during printing
and alters the microstructure accordingly; (iv) AHD employs
heating and cooling plates alternately between layers to craft a
hierarchically structured steel. During AHD, the initial layer is
printed with the substrate heated to 200 ◦C, followed by water
cooling using a cooling plate; after that, shifting to the next
layer printing at room temperature (without substrate heating),
alternatingly layer-by-layer until the entire block is printed.

2.2. Microstructural characterisation and mechanical testing

The optical microscope (OM) was adopted to characterise the
macro-structure of the as-built samples. The metallographic
specimens were cut from the X–Z plane. The phase compos-
ition was determined using x-ray diffraction (XRD), with the
tests conducted at a step size of 0.02◦ and a scan rate of 1
step·s−1. The volume fractions of face-centred cubic/body-
centred cubic (fcc/bcc) phases were estimated by the integ-
rated intensities of the (111)fcc and (110)bcc as follows [24]:

Vbcc +Vfcc = 1 (1)

Vfcc = (a× Ifcc)/(a× Ifcc + Ibcc) (2)

where Vbcc and V fcc are the volume fraction of bcc and fcc
phases, respectively. Ibcc and Ifcc are the integrated intensities
of (111)bcc and (110)fcc peaks, respectively. When the (111)bcc
and (110)fcc peaks are taken into consideration, the propor-
tional constant a is estimated to be 1.4, according to Tanaka
and Choi’s work [24]. Although the integral tensity method
assumes that the grain is randomly orientated and the effect of
the texture is neglected, herein, the integral tensity method is
still considered as an effectivemethod for comparing the phase
fraction, considering that the texture of all the deposited alloys
is similar.

EBSD tests were conducted on an Oxford detector oper-
ating at 20 kV using a step size of 100 nm, and the EBSD
data were analysed using AZtecCrystal software. Samples
for transmission electron microscope (TEM) analysis were
taken from the steel using the FEI Scios dual-beam focused
ion beam (FIB). Subsequently, the multi-scale secondary
phases and precipitates were characterised using the TEM
via selected area electron diffraction (SAED), scanning TEM
(STEM), high-resolution TEM (HRTEM), and high-angle
annular dark field (HAADF) STEM techniques. Needle-
shaped specimens for atom probe tomography (APT) were
prepared using lift-outs and annular milling with an FEI
Scios FIB/scanning electron microscope. APT characterisa-
tions were conducted using a CAMECA LEAP 5000 XR

3



Int. J. Extrem. Manuf. 7 (2025) 015001 J Su et al

Figure 1. Materials and methods. (a)–(e) EBSD images and EDX mappings of the Fe–Ni–Ti–Al raw powder, (f) schematic of LDED with
heating and cooling plates, and the corresponding (e) experimental setup.

Table 1. Composition and size distribution of the raw Fe–Ni–Ti–Al maraging steel powder.

Composition (wt%) Size distribution (µm)

Ni Ti Al O C Fe D10 D50 D90

21.1 6.3 1.3 0.024 0.012 Bal. 26 37 55

local electrode atom probe. For three-dimensional reconstruc-
tions and subsequent data analysis, AP Suite 6.1 software was
employed.

The mechanical properties of the LDED-built steels were
evaluated via tensile and hardness tests. Tensile specimens
were cut along horizontal directions (i.e. from the X–Y plane)
with gauge dimensions of 26 mm × 6 mm × 3 mm, and
tested by an Instron 5982 machine using a 20 mm extenso-
meter. The loading speed of the tensile tests is 1 mm·min−1.
Microhardness testing was conducted using a Vicker hard-
ness tester, employing a force of 100 gf and a hold time
of 15 s. Additionally, the phase transformation and ele-
mental segregation behaviours of the steel during LDED were
analysed using the Thermo-Calc software with the TCFE9
database.

3. Results

3.1. Process developments

3.1.1. Processing parameters optimisation. To optimise
the LDED process parameters for the Fe–Ni–Ti–Al steel,
the relationships between processing parameters and track
width were developed through the single-track deposition. As
shown in figures S3(a)–(c), the track width became larger
with increasing laser power under a constant scan velocity
(1200 mm·min−1), while under the same laser power (925W),
the track width became narrower with increasing scan velo-
city, as shown in figures S3(d)–(f). The track width over a wide
range of laser processing parameters was about 1.2–1.4 mm.
Considering a reasonable overlap rate of 40%–60% between
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Figure 2. LDED process optimisation and single-layer deposition. (a) Relative density versus linear energy density, (b) OM of the CCD,
IPD, CHD, and AHD cubic block samples, (c) single-layer printing without heating, (d) single-layer printing with heating (substrate
temperature of 200 ◦C, scan movement from B to A), and (e) hardness distributions in the single-layer with and without substrate heating.

adjacent tracks, the hatch space was fixed as 0.65 mm in the
following process parameters optimisation steps.

Next, the Fe–Ni–Ti–Al steel block samples were fabricated
over a wide range of linear energy density via varying laser
power and scan speed for optimising processing parameters.
The powder feed rate was fixed at 2.3 g·min−1, and the hatch
spacing was fixed at 0.65 mm. The linear energy density EL

(J·mm−1) is calculated as EL = (laser power P)/(laser scan
speed V). As shown in figure 2(a), the proper linear energy
for the Fe–Ni–Ti–Al steel is determined to be 48–63 J·mm−1.
Insufficient laser energy could result in a lack of fusion, while
excessive energy input could lead to material vaporisation and
keyhole effect. Overall, the optimum laser power is determ-
ined to be 880–900 W, and the optimum scan speed is 900–
1100 mm·min−1. Under the optimised processing paramet-
ers (900 W and 1000 mm·min−1), fully dense block samples
(porosity < 0.1%) can be obtained under various deposition
strategies, as shown in figure 2(b). Note that the EL used for
fabricating the CCD, IPD, CHD, and AHD samples is the
same, i.e. 54 J·mm−1.

3.1.2. Material thermal sensitivity evaluation by single-layer
deposition. Single-layer deposition experiments were car-
ried out to analyse the sensitivity of mechanical properties
to the thermal history of the Fe–Ni–Ti–Al steel. Without the
multi-layer deposition and remelting, the effect of substrate
heating on the mechanical properties can be revealed directly.
Figures 2(c) and (d) present the single-layer printed with and
without substrate heating, respectively. Notably, the trace of
the melt pool disappears with substrate heating, which could
be related to the reduced Marangoni convection since the sub-
strate heating reduced the temperature gradient between the
substrate and the melt pool. For the single-layer printed with
substrate heating, the martensitic transformation is inhibited
during printing since the substrate temperature (200 ◦C) is
higher than the Ms (∼182 ◦C). Obviously, the hardness of
the single-layer printed without heating is higher than that
of the single-layer with heating (figure 2(e)). Besides, the
single-layer printing without substrate heating exhibits a large
hardness fluctuation, while the application of substrate heat-
ing leads to a more uniform hardness distribution across the
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Figure 3. OM images and thermal histories of the LDED-built Fe–Ni–Ti–Al maraging steels under various deposition strategies. (a) and (e)
CCD, (b) and (f) IPD, (c) and (g) CHD, (d) and (h) AHD.

single-layer (figure 2(d)), which could be attributed to the
more consistent thermal history. Considering that the mech-
anical property of the Fe–Ni–Ti–Al steel is sensitive to the
thermal history, various deposition strategies, including CCD,
IPD, CHD, and AHD, are then utilised to tailor the mechanical
property of the steel.

3.2. Microstructure tailoring via thermal history control

3.2.1. Macro-morphology observation and hardness map-
pings analysis. Figure 3 presents OM images and the cor-
responding temperature curves of the Fe–Ni–Ti–Al steel prin-
ted under various deposition strategies. For CCD, the sub-
strate temperature increases gradually during printing. It can
be inferred that the accumulated heat could partially inhibit
the martensitic transformation (figure 3(a)). The CCD sample
in figure 3(a) exhibits a uniform macrostructure, and the melt
pool boundary is seen in the X–Z plane. For IPD, the temper-
ature of the substrate was kept at about 50 ◦C–60 ◦C before
printing each layer, ensuring the unity of martensitic trans-
formation in the whole built (figure 3(b)). In the IPD sample,
several parallel dark bands with a thickness of 100–200 µm
were formed (figure 3(b)). The formation of dark bands is
related to the high fraction of martensite caused by the local
high cooling rate at the vicinity area of melt pool boundary
and layer interface. For CHD, the martensitic transformation
is inhibited during printing due to the higher substrate temper-
ature (200 ◦C) compared to the Ms temperature of the steel
(∼182 ◦C) (figure 3(c)). It can be inferred that all the martens-
ite in the CHD sample forms during the cooling stage after
printing and the cooling rate of the melt pool in CHD is more
uniform compared to IPD. As a result, the CHD sample exhib-
its a bright, uniform macrostructure. In the case of AHD, the
distinct alternating heating and cooling strategy leads to a lay-
erwise structured macrostructure, as shown in figures 3(d) and
(h). The appearance of dark bands on alternated layers of the
AHD sample can be ascribed to the different thermal histories

in adjacent layers. Themacrostructure of the layer printed with
substrate heating is similar to the CHD sample, while the layer
printed without substrate heating is similar to the IPD sample.

The hardness mapping across several layers was conduc-
ted to further correlate the microstructure features with mech-
anical performance. The hardness distribution comparison
between IPD and CHD samples is shown in figure 4. Notably,
for the IPD sample, the hardness of the dark bands is about
100 HV higher than that of the bright region. The mech-
anisms for the relatively high hardness in these dark bands
will be further characterised in the following sections. In con-
trast, the hardness of the CHD sample is distributed uni-
formly in the built, as shown in figures 4(d)–(f). Besides,
the hardness of the CHD sample is relatively lower relat-
ive to the IPD sample (figure 4(g)), and it corresponds well
with the single-layer printing experiments in figures 2(c)–
(e). The hardness of the CCD sample (460–540 HV) is loc-
ated between the IPD and CHD samples (see supplement-
ary materials figure S4). Overall, these phenomena indicate
that the phase transformation behaviour and mechanical prop-
erty of the steel varies significantly under different deposition
strategies.

3.2.2. Thermal history dependent phase constitutions.
Figure 5 presents the IPF orientation and phase maps of the
Fe–Ni–Ti–Al maraging steels printed under various thermal
histories. There is no evident grain texture in these four
samples, as observed in texture in figures 5(a)–(d). The epi-
taxial growth of grains across layer interfaces can be observed.
For CCD and IPD printed steels, the bcc martensite phase
tends to form at the melt pool boundaries. Considering the
raw powder used for LDED is a pre-alloyed powder, the
macro-scale phase inhomogeneity is unlikely to be caused by
chemical segregation. As a result, the higher fraction of bcc
at melt pool boundaries can be attributed to a higher cooling
rate during solidification. The phase maps in figures 5(e)–(h)
indicate that all the samples consist of a dual-phase (i.e. bcc
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Figure 4. Hardness mappings of the IPD and CHD samples. (a)–(c) IPD sample, (d)–(f) CHD sample, (g) hardness distributions of IPD and
CHD samples along the build direction.

Figure 5. EBSD analysis of the LDED-built Fe–Ni–Ti–Al steels printed under various thermal histories. IPF orientation maps of the (a)
CCD, (b) IPD, (c) CHD, (d) AHD samples, phase maps of the (e) CCD, (f) IPD, (g) CHD, and (h) AHD samples.

martensite + fcc austenite) microstructure, further evidenced
by the XRD patterns presented in figure 6(a). According to the
Schaeffler–Delong diagram [25], there unlikely exists ferrite,
the high content of Ni (20.8 wt%) in this steel improved the
stability of the fcc austenite phase, hereby inhibiting the trans-
formation of austenite to ferrite. Moreover, the high cooling

rate of the LDED process could also facilitate martensite
formation.

The volume fractions of the fcc and bcc phases were estim-
ated by the integrated intensities of the (111)fcc and (110)bcc
of the XRD patterns, as elucidated in section 2.2. According
to figure 6(b), the IPD sample has a higher bcc phase fraction
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Figure 6. XRD patterns and phase analysis of the LDED-built Fe–Ni–Ti–Al steels printed under various thermal histories. (a) XRD
patterns, (b) volume fraction of bcc and fcc phases.

Figure 7. Microstructure of dark and bright regions of the IPD sample. (a) SEM and OM images of the IPD sample, (b) phase map and (c)
IPF orientation maps of the bright region, (d) phase map and (e) IPF orientation maps of the dark region, and EDX mappings of the (f)
bright region and (g) dark region (EDX taken during EBSD scan with scanning time more than 3 h).

than that in the CCD sample. This can be attributed to the heat
accumulation during continuous deposition, which increases
the resistance to martensitic transformation, as shown in the
recorded temperature curves in figures 3(e) and (f). Hence, the
bcc martensite fraction in the CCD sample is lower than that in
the IPD sample. However, CHD has the highest volume frac-
tion of the bcc martensite (∼55%) among the four samples.
The related phase transformation will be investigated in the
following sections. For AHD, the intermediate volume frac-
tion of bcc and fcc phases in the AHD sample can be ascribed
to the unique alternated heating/cooling strategy.

As indicated above, a unique layer band structure is
observed in the IPD sample. Further studies onmicrostructural

differences in the dark and bright regions of the IPD sample
are presented in figure 7. Notably, the dark region has a
sharp microstructure and a rough surface, which is related
to the martensitic transformation, internal stresses, volume
changes, and crystallographic rearrangements, resulting in vis-
ible bulges or raised regions on the surface of the steel. The
rough surface could scatter the light away when observed
using OM, leading to darker appearances in OM observations
[6]. In contrast, the bright regions are relatively smooth, sug-
gesting that the degree of martensitic transformation in these
areas is comparatively lower. The formation mechanism of the
unique layerwise microstructure is associated with different
cooling rates since the layer boundaries have a higher cooling
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Figure 8. TEM analysis of the CCD and IPD samples. (a)–(c) CCD sample, (d)–(f) dark region and (g)–(i) bright region of the IPD sample.

rate and thermal gradient. Therefore, intensified martensitic
transformation could occur in these regions. The EDX results
in figures 7(f) and (g) show that the Ni and Ti elements both
accumulate into the fcc phase. Besides, the dendritic arm space
in the dark region (figure 7(g)) is also finer than that in the
bright region (figure 7(f)), which further demonstrates that the
cooling rate and thermal gradient in the dark region are higher
than that in the bright region [26]. Additionally, the elemental
mappings in figures 7(f) and (g) show that Al-rich particles
correspond well with the O-rich particles, indicating that the
Al2O3 particles are formed and the slight oxidation during
printing.

3.2.3. Dislocations and secondary phases formation.
Dislocations and multi-scale secondary phases in the LDED-
built Fe–Ni–Ti–Al steel printed under various thermal his-
tories are further characterised. For the CCD sample, lath
martensite with high-density dislocations is the main micro-
structural feature, as shown in figures 8(a) and (b). The high-
density dislocations are mainly from martensitic transform-
ation and high residual stress levels in materials induced by
rapid cooling [27]. Meanwhile, several Al2O3 particles are
formed in the steel due to the oxidation (figure 8(c)). In addi-
tion, Ti has a strong segregation tendency during LDED,
facilitating the formation of Ti-rich particles, as shown in

figure 8(c). A similar phenomenon has also been reported
in other Ti-containing maraging steels [6, 28]. In the IPD
sample, lath morphology can be observed in both the dark
and bright regions (figures 8(d) and (g)). However, the lath
martensite in the dark regions is generally finer, and the dis-
location density is higher compared to the bright regions.
Besides, high-density rod-like nano-precipitates are formed in
the dark regions (figure 8(f)), which can be inferred as in-situ
formation during LDED deposition. However, no evident pre-
cipitate was found in the bright regions (figures 8(h) and (i)).
The lower volume fraction of martensite along with a lower
dislocation density reduced the driving force for in-situ pre-
cipitation. Because there are high-density dislocations in the
Fe–Ni martensitic matrix, which could promote the hetero-
geneous nucleation at dislocations [6]. This microstructural
difference of precipitates also explains why the hardness of
the bright region is lower than that of the dark region, as shown
in figure 4(g).

TEM analysis of the CHD sample is presented in figure 9.
The lath martensite is observed in the CHD sample, as indic-
ated in figure 9(a). Compared to the CCD and IPD samples in
figure 8, the dislocation density of lath martensite in the CHD
sample is relatively lower (figures 9(a) and (b)). Meanwhile,
different types of sub-micron particles are found in the CHD
sample (figure 9(b)). The SAED analysis on a particle along
the [01–10] zone axis in figure 9(b) suggests that the large
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Figure 9. TEM analysis of the CHD sample. (a) Lath morphology, (b) Fe2Ti and Al2O3 particles, (c) SAED analysis on a selected Ti2Ni
particle, (d) STEM-EDX mappings of a Fe2Ti particle, (e) TEM observation and (f) STEM-EDX mapping analysis on the white spherical
Al2O3 particles, (g) high-magnification view of a particle reveals a core–shell structure, (h) HRTEM observation on the shell region along
with the FFT pattern deciphers the Ti2Ni phase, (i) zoom-in image and corresponding FFT of the selected core region in image (g) reveals
the Al2O3 phase, (j) schematic shows the formation mechanisms of the Al2O3 core and Ti2Ni shell structure.

round-shape particles are the Fe2Ti Laves phase, which can be
further substantiated by the EDX mapping in figure 9(d) (cor-
responding to the inset in figure 9(b)). Figure 9(c) is the SAED
along [114] zone axis of a pisiform particle, which indic-
ates the Ti2Ni Laves phase also forms in the CHD sample. In
addition, 200–300 nm sized core–shell structured particles are
found (figure 9(e)), rich in Ti, Al, and O elements (figure 9(f)).
A closer observation of a particle in figure 9(g), together with
EDX mapping in figure 9(f), reveals a core–shell structure
where the core is rich in Al and O, and the shell is rich in
Ti. The HRTEM and its corresponding fast Fourier transform
(FFT) pattern shown in figure 9(h) indicate that the shell region
is the bcc-Ti2Ni phase. Likewise, the closer view and FFT of
the centre region of the particle in figure 9(i) suggest the form-
ation of the Al2O3 phase, indicating the oxidation of Al during
printing at elevated temperatures. Notably, almost no η-Ni3Ti
precipitate is found in the CHD sample since the martensitic
transformation is retarded during rapid solidification due to the
fact that the substrate temperature is kept above Ms and the
martensite in the CHD sample forms at a slow cooling rate
containing fewer dislocations. For Fe–Ni–Ti maraging steels,
the η-Ni3Ti phase generally forms in the high dislocation dens-
ity martensitic matrix, as it provides numerous nucleation sites
for Ni3Ti precipitates, and also due to its supersaturated nature

(rich inNi and Ti) [6, 20]. As such, although the higher temper-
ature of CHD can promote the diffusion of alloying elements,
there is hard to form η-Ni3Ti precipitates in situ due to the lack
of nucleation sites.

3.2.4. In-situ precipitation. As presented in figure 8(f),
numerous precipitates are found in the dark bands of the IPD
sample, which could contribute to the high hardness of these
regions. A sample extract from the dark band via FIB was
further analysed by TEM to characterise the precipitates, as
shown in figure 10. Based on SAED, HAADF and EDX map-
ping analyses in figures 10(a)–(c), the precipitates are iden-
tified as the η-Ni3Ti phase. The in-situ formation of η-Ni3Ti
precipitates could originate from the following aspects: (i) the
martensitic transformation and thermal stress during cyclic
thermal input in LDED produced high-density dislocations;
(ii) the dislocation lines serve as easy pathways for promoting
the diffusion of Ni, Ti, and Al elements and provide preferred
sites for nucleation [29]; (iii) the subsequent cyclic thermal
input of LDED serves as an in-situ aging treatment [7, 14],
promoting the diffusion of Ni and Ti and in-situ precipitation
of massive nano-sized η-Ni3Ti eventually.

To quantitatively investigate the composition of the precip-
itates, the APT analysis on the dark bands of the IPD sample
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Figure 10. TEM analysis of precipitates in the dark regions of the IPD sample. (a) TEM images of the lath martensite, (b) high-resolution
HADDF STEM images and FFTs of bcc-Fe and precipitates, and (c) STEM-EDX mappings of the η-Ni3Ti precipitates.

is carried out (compared with bright regions) and presented in
figure 11. Surprisingly, Al has also been involved in the in-
situ precipitation process. The Ni, Ti, and Al-rich particles
are observable in atom distribution maps in the dark band
(figure 11(a)) but not found in the bright regions (figure 11(c)).
The composition profile across a precipitate (figure 11(b))
indicates an atomic ratio of Ni36Ti14Al8 among Ni, Ti, and
Al. This suggests that the Al atom has substituted part of
the Ti atom in η-Ni3Ti and formed η-Ni3(Ti, Al) solid solu-
tion, which has also been observed in Fe–Cr–Ni–Al–Ti mar-
aging steels [30, 31]. Considering that the diffusion coeffi-
cient of Al in bcc-Fe is lower than that of Ni and Ti under
the same temperature (figure 11(d)), it can be inferred that the
η-Ni3Ti formed in the primary stage, and Al then substitutes
part of Ti in the η-Ni3Ti phase to form the η-Ni3(Ti, Al) solid
solution.

3.3. Mechanical properties evaluation

Tensile tests were carried out to evaluate the mechanical prop-
erties of the LDED-built Fe–Ni–Ti–Al steels printed under
various thermal histories. The tensile results are summarised
in figure 12 and table 2, respectively. Interestingly, as depic-
ted in figure 12(a), the LDED-built Fe–Ni–Ti–Al steels under
different thermal histories exhibit a large range of mechan-
ical properties with tensile strengths expanding from 1.24
to 1.54 GPa and elongation ranging from 8.1% to 19.3%.

Heating the substrate improves the ductility significantly, des-
pite a moderate decrease in tensile strength. Among the four
samples, the IPD sample has the highest ultimate tensile
strength (UTS) of 1.54 GPa with a moderate elongation of
∼8.1%, while the CHD sample owns the highest elonga-
tion of 19.3% with a reduced UTS of 1.24 GPa. The work-
hardening capacity (defined as UTS minus yield strength)
of the IPD sample reaches 572 MPa, indicating the highest
work-hardening capacity. The CHD sample, according to the
strain-hardening rate curves in figure 12(b), exhibits a signi-
ficantly longer work-hardening plateau compared to the CCD
and IPD samples, indicating a more stable work-hardening
behaviour. The AHD sample fractured prematurely (elonga-
tion 3.7%), which could be caused by oxidation during the pro-
longed interlayer heating/cooling process. Consequently, sub-
sequent studies on deformation and fracture behaviour, as well
as strengthening mechanisms, will mainly focus on the CCD,
IPD, and CHD samples.

4. Discussion

4.1. Mechanisms of phase transformation and multi-scale
phases formation

For the studied Fe–Ni–Ti–Al steel, the phase transform-
ation behaviour and elemental segregation dominate the
microstructural formation. To further understand the effect of
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Figure 11. APT analysis of the dark and bright regions of the IPD sample. (a) Atom distribution maps of the dark regions, (b) composition
profile across a precipitate along the yellow rectangle, (c) atom maps of the bright regions, (d) diffusion coefficients of Ni, Ti, and Al in the
bcc-Fe calculated by Thermo-Calc.

Figure 12. Tensile results of the LDED-built Fe–Ni–Ti–Al steels under various thermal histories. (a) Tensile engineering stress-strain
curves and (b) strain hardening rate curves.

Table 2. Tensile properties of the LDED-built Fe–Ni–Ti–Al steels printed under various thermal histories.

Sample
Yield strength

(MPa)
Ultimate tensile
strength (MPa)

Work hardening
capacity (MPa)

Uniform
elongation (%)

Elongation at
fracture (%)

CCD 824 ± 15 1365 ± 31 541 9.0 ± 0.3 9.0 ± 0.3
IPD 966 ± 22 1538 ± 5 572 8.1 ± 0.2 8.1 ± 0.2
CHD 747 ± 9 1236 ± 14 489 13.8 ± 0.3 19.3 ± 0.3
AHD 837 ± 7 1331 ± 25 494 3.7 ± 0.3 3.7 ± 0.3

elemental segregation on phase formation of the steel prin-
ted under various thermal histories, the CALPHAD analysis
is carried out for the Fe–Ni–Ti–Al steel, and the results are

shown in figure 13. Under the equilibrium condition, the one-
axis phase diagram indicates that Laves phase (i.e. Fe2Ti and
Ti2Ni) and η-Ni3Ti would form after cooling down, which
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Figure 13. Thermodynamic calculation of the Fe–Ni–Ti–Al steel. (a) One-axis equilibrium phase diagram, the Gibbs free energies of
single-phase bcc and fcc (b) for varying Ti content (maintaining a fixed Ni content of 20.8 wt% and a fixed Al content of 1.7 wt%), (c) for
varying Al content (maintaining a fixed Ni content of 20.8 wt% and a fixed Ti content of 6.2 wt%), (d) the Scheil solidification curve of the
Fe–Ni–Ti–Al steel, (e) and (f) the concentrations of elements in solid and liquid phases as a function of the mass fraction of solid.

has been verified by the TEM and EBSD results. Besides, the
Gibbs free energies of single-phase bcc and fcc for a vari-
able Ti content and Al content are calculated and displayed in
figure 13(b). Notably, the Gibbs energy difference between the
fcc and bcc phases decreases with increasing Ti content, indic-
ating that the Ti acts as an fcc austenite stabiliser in the stud-
ied steel. As a result, it is understandable that the Ti element is
accumulated at the fcc phase regions (figure 7). For the Al ele-
ment, there is no apparent segregation as it has a margin influ-
ence on the Gibbs energy difference between the fcc and bcc
phases in this steel. Given the typical non-equilibrium nature
of the LDED process, the classical Scheil model is employed
to evaluate the elemental segregation behaviour of the Fe–
Ni–Ti–Al steel during rapid solidification [29]. The Scheil
curve in figure 13(d) reveals that the fcc and Laves phases
formed during the rapid solidification process. The evolutions
of the elemental concentration in solid and liquid during non-
equilibrium solidification are presented in figures 13(e) and
(f), respectively. During the rapid solidification process, the
segregation of Ti tends to stabilise the fcc phase gradually. In
the final stage of solidification, local segregation of the Ti ele-
ment promotes the formation of Laves phases (i.e. Fe2Ti and
Ti2Ni). This is consistent with the observations made in the
TEM analysis presented in figure 9.

For the different deposition strategies, the different thermal
histories experienced affect the element segregation and phase
formation. During CCD, the gradually increasing substrate
temperature affected the dislocation density and second-
ary phase formation in the initial layers. Nevertheless, the
substrate temperature will become stable with the increas-
ing deposition layer number during CCD, and the thermal
accumulation (figure 3(a)) could partially retard martens-
itic transformation. As a result, no dark bands and in-situ

η-Ni3Ti precipitations are found within the CCD sample.
In contrast, the interlayer paused strategy mitigated the
thermal accumulation in the IPD sample (figure 3(b)), facil-
itating the martensitic transformation in the whole build-
ing. Meanwhile, the formation of parallel bcc-rich dark
bands could be related to the high cooling rate at the
layer interface. Further thermal cycling of IPD promotes
the in-situ precipitation of η-Ni3Ti, leading to higher hard-
ness in these bands, as exhibited in the hardness results in
figure 4(g).

Notably, the CHD sample exhibits a lower fraction of aus-
tenite and a higher fraction of martensite compared to the IPD
and CCD samples, which is associated with the elements’ dif-
fusion and segregation. Generally, the formation of austenite
in maraging steel during LDED is associated with the micro-
segregation of austenite stabilisers that occurs during rapid
solidification [32]. For IPD and CCD, the rapid cooling rate
led to the micro-segregation of alloying elements during solid-
ification (shown in figure 7), which promoted the formation
of austenite at room temperature, with evidence showing Ni
and Ti elements accumulation in the fcc phase. In contrast,
substrate heating in CHD promoted elemental diffusions and
reduced element segregation (e.g. Ni and Ti) during depos-
ition, reducing austenite formation. Moreover, the formation
of the Fe2Ti and Ti2Ni Laves phases in the CHD sample dur-
ing printing depletes part of austenite stabiliser (i.e. Ni and Ti),
which reduces the stability of austenite and further promotes
the martensite formation. Nevertheless, it can be inferred that
the dislocation density in the martensite of the CHD sample
are lower than that in the CCD and IPD samples due to the
lower cooling rate. This is the main reason that the strength of
the CHD sample is the lowest among the samples despite the
highest volume fraction of bcc martensite.
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The formation of sub-micron Al2O3 particles also plays a
vital role in the mechanical performance of the LDED-built
steels. The oxidation of Fe, Ni, Ti, and Al elements in the
steel makes it possible to form FeO, NiO, TiO2, and Al2O3

in the Fe–Ni–Ti–Al steel, respectively. However, among the
four constitutive elements, Al has the lowest equilibrium par-
tial pressures of oxygen [33]; thus, from thermodynamic con-
sideration, Al2O3 is the most likely oxide to form in this mater-
ial, owing to its lowest Gibbs energy [33]. This also indic-
ates that the Al element can deplete oxygen during LDED,
thereby mitigating the adverse effects of oxidation under sub-
strate heating deposition. Moreover, it is worth noting that the
Al2O3 particles could act as the nuclei site for Ti segregation,
as depicted in figure 9(j). Similar phenomena are also repor-
ted in AM-processed Ni-based superalloys, where Al2O3 acts
as the nucleation site for the formation of inclusions during
solidification [34, 35]. The formation of Ti-rich layers on the
Al2O3 particles could enhance the interfacial bonding between
the Al2O3 particles and the matrix, thereby ensuring the high
mechanical properties of the steel.

4.2. Strengthening and toughening mechanisms

As shown in figure 14(a), compared with most AM-built com-
mercial materials, the LDED-built Fe–Ni–Ti–Al steels achieve
superior mechanical performance via tailoring thermal his-
tory without the adjustment of energy-related process para-
meters. Notably, the IPD sample has the highest tensile
strength (∼1.54 GPa) among the four studied samples, which
is∼302MPa higher than that of the CHD sample (∼1.24GPa),
indicating a large range tunable mechanical strength. Herein,
the strengthening mechanisms of the IPD sample are estim-
ated and compared with the CHD sample to reveal the under-
lying reason for such a large strength difference. Considering
that the 5–50 nm sized η-Ni3(Ti, Al) precipitates are enough
to resist the movement of dislocations, the strengthening con-
tribution of the precipitates can be calculated according to the
Orowan bowing mechanism [22]:

σ0 =
Gb

2πK(λ− d)
ln

(
λ− d
2b

)
(3)

1
K

=
1
2

(
1

1− v
+ 1

)
(4)

where G is the shear modulus of the matrix (64 GPa) [36], b
is the Burgers vector (0.249 nm) [22], λ is the interspace of
the precipitates (∼15 nm), v is the Poisson’s ratio of the mat-
rix, and K is a parameter related to v (K = 0.82, v = 3), d
is the average diameter of the precipitates. The average dia-
meter and length of the η-Ni3(Ti, Al) precipitates are about
4 nm and 17 nm, respectively. The equivalent diameter d of the
η-Ni3(Ti, Al) precipitates is simplified as 7.5 nm. According
to equations (3) and (4), the strengthening contribution of η-
Ni3(Ti, Al) precipitates is calculated as 1118 MPa. However,
the η-Ni3(Ti, Al) precipitates are exclusively formed in the
dark bands, which account for approximately 38% of the
entire IPD sample; hence, the precipitation strengthening of

Figure 14. Ashby plot of tensile properties of the LDED-built
Fe–Ni–Ti–Al maraging steels compared with AM-built
high-strength commercial materials (all the data points are in
as-built state), including maraging steels (e.g. 18Ni300) [38],
precipitation hardening stainless steels (e.g. 17–4PH, 15–5PH and
CX SS) [38], tool steels (e.g. H13) [38], martensitic stainless steels
(e.g. AISI 420) [39], high-strength low-alloy steels (e.g. 24CrNiMo)
[38], Ti alloys (e.g. Ti–6Al–4V) [40], Ni-based alloys (e.g. IN718)
[40].

η-Ni3(Ti, Al) to the IPD sample is ∼425 MPa. For the CHD
sample, the high substrate temperature reduces the degree of
supersaturated solid solubility of Ni and Ti and the disloca-
tion density within the martensite, resulting in no precipitate
formation during printing. Besides, based on the TEM obser-
vations, the average thickness of lath martensite of the IPD
and CHD samples are determined to be 0.273 and 0.356 nm,
respectively. According to the Hall–Petch equation, the grain
boundary strengthening can be estimated by:

σGB = kD−1/2 (5)

where the Hall–Petch coefficient is estimated as
149 MPa·µm−1/2 based on the previous [37]. The difference
in grain boundary strengthening between the IPD and the
CHD samples is determined to be ∼35 MPa. According to
the tensile results, the UTS of the IPD sample is ∼302 MPa
higher than that of the CHD sample. As a result, the primary
contributor to strength improvements can be attributed to the
in-situ precipitation of high-density η-Ni3Ti. For the AHD
sample, the yield strength and UTS are both located between
the CHD and IPD samples, owing to the application of the
alternative heating/cooling strategy.

The CHD sample possesses superior ductility (with an
elongation of 19.3%), which surpasses most of the AM-
built advanced high-strength steels. To reveal the underlying
deformation mechanisms, the EBSD analysis is further con-
ducted on the CHD samples before and after tensile tests, as
shown in figure 15. The Fe2Ti Laves phase undergoes sig-
nificant strain during the tensile tests, changing from its ori-
ginal particle shape to a long strip shape. The Fe2Ti Laves
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Figure 15. EBSD and XRD analysis of the CHD sample before and after tensile tests. (a) and (b) EBSD phase maps, (c) and (d) GND
maps, (e) and (f) IPF + GB maps, (g) XRD patterns, (h) GND density of the bcc and fcc phases.

phase is generally considered harmful to the ductility and
work-hardening capacity of steel [41]. However, in the CHD
sample, the Fe2Ti Laves phases are wrapped inside the soft fcc
phase during tensile deformation, and thus, the Fe2Ti Laves
phase is considered not harmful to the ductility. More import-
antly, the fraction of the fcc phase reduces from 34.4% to
18.5% while the bcc phase increases from 63.2% to 77.5%
after the tensile test, indicating transformation-induced plas-
ticity (TRIP) phenomenon (figures 15(a) and (b)), i.e. The
TRIP effect significantly contributed to the superior work-
hardening capacity of the steel [42]. The TRIP phenomenon
can also be demonstrated by the XRD patterns in figure 15(g),
in which the intensity of bcc peaks increased significantly
after the tensile test (i.e. fcc → bcc phase transformation).
Meanwhile, the residual stress between the bcc and fcc phases
in the CHD sample is released due to the high substrate
temperature and the lowered cooling rate. The equilibrium
fcc + bcc dual-phase microstructure could also contribute to
the superior work-hardening capacity of the steel. Compared
with the bcc martensite, the GND density of the fcc aus-
tenite in the CHD sample increased significantly after the
tensile test (from 2.65 × 1014 m−2 to 6.93 × 1014 m−2),
as shown in figure 15(h). Meanwhile, the fraction of low-
angle grain boundary (2◦–10◦) increased from 46.9% to 62.4%
(figures 15(e) and (f)), indicating that the fcc phase accom-
modate significant plastic strain during deformation.

For the CCD and IPD samples, the moderate uniform
elongation can be mainly attributed to the fcc/bcc dual-phase
microstructure, in which the fcc phase can accommodate

plastic strain in the initial stage. For the IPD sample, the
hetero-deformation between the dark and bright regions could
also improve the work-hardening capacity of the steel [43].
Besides, the high-density dislocations and in-situ formed pre-
cipitates in the IPD and CCD samples will lead to stress con-
centration during the tensile test, which thereby leads to a
lower uniform elongation than the CHD sample.

4.3. Mechanisms for large tunable mechanical properties

Overall, the tensile test results reveal that a wide range of
mechanical properties can be achieved by tailoring the thermal
history. Unlike most previous studies, which primarily tailor
properties by post heat treatments or adjusting energy-related
process parameters (e.g. laser power, scan speed, and hatch
spacing), the current work aims to tailor properties by adjust-
ing the thermal history without changing these process para-
meters. The underlying mechanism for the large-range tun-
able mechanical property is mainly associated with the unique
tunable thermal history of LDED and the high microstructure
sensitivity of the Fe–Ni–Ti–Al maraging steel to thermal his-
tory. The thermal gradient and cooling rate play a significant
role in controlling the phase transformation behaviour, hereby
affecting the dislocation density and bcc/fcc phase fraction.
Besides, the intrinsic thermal cycling of LDED can induce
an in-situ aging treatment to the solidified material, producing
high-density precipitates to strengthen the material effectively.

The schematic diagrams of microstructural formation
mechanisms of the steel printed with thermal history control
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Figure 16. Schematic diagrams of microstructural formation mechanisms with thermal history control. (a) IPD and (b) CHD.

are illustrated in figure 16. For the IPD sample, the high tensile
strength mainly originates from: (i) high-density dislocations
in the martensitic matrix due to intensified cooling rate by
interlayer pause deposition approach; (ii) plenty of η-Ni3(Ti,
Al) precipitates formed due to the intrinsic heat treatment of
LDED (figure 16(a)). In contrast, in the CHD sample, dislo-
cation density in the matrix is much lower than IPD due to
the reduced temperature gradient by substrate heating, which
could inhibit in-situ precipitation via heterogeneous nucle-
ation on dislocations. Besides, there is no evident η-Ni3(Ti,
Al) precipitate observed in the CHD sample. Consequently,
the CHD sample obtained a lower tensile strength (1.24 GPa)
than the IPD sample (1.54 GPa).

The ductility also heavily depends on the thermal history
experienced, as different microstructure characteristics can
significantly affect the material’s deformation behaviour. In
the IPD sample, the hetero-deformation between the hard dark
bands and the soft bright regions is considered to enhance
the work-hardening capacity of the steel via strain partition-
ing and back stress formation [43]. However, stress concen-
tration occurs at the interface between the dark bands and
the bright regions during tensile deformation due to strain
mismatch. Consequently, no necking stage is observed in the
tensile curves of the IPD sample (figure 12(a)). In contrast, the
CHD sample exhibits a long necking stage and a much larger
break elongation, representing a better damage tolerance. The
main reason can be attributed to its uniform microstructure,
which leads to a more uniform strain distribution. Meanwhile,
the formation of Fe2Ti and Ti2Ni Laves phase inside the fcc
austenite depletes part of Ni and Ti, thereby reducing the phase
stability of fcc austenite and inducing the TRIP effect more
effectively (figure 16(b)). The soft fcc austenite phase can
accommodate significant strain (figure 15(h)), and the disloca-
tions generated within the fcc phase could provide significant
driving force for the occurrence of TRIP.Moreover, the Al ele-
ment captures oxygen and forms micro-sized Al2O3 particles

during printing, mitigating the negative impact of oxidation on
the ductility of the steel. This aspect is particularly critical for
the CHD sample, as CHD is conducted at a high substrate tem-
perature, making it more susceptible to oxidation. Last but not
least, the reduced dislocation density and residual stress relax-
ation are also favourable for achieving better damage tolerance
in the CHD sample. Overall, the tunable ductility of the steel
can be attributed to the combined effects of these microstruc-
tural formation mechanisms.

5. Conclusions

In this work, a novel Fe–Ni–Ti–Al maraging steel with rapid
precipitation kinetics was processed by LDED using different
deposition strategies, including continuous, interlayer paused,
constant heating, and alternative heating deposition. Different
thermal histories were experienced during the LDED of Fe–
Ni–Ti–Al to achieve different microstructures and large ranges
of tunable mechanical properties. The main conclusions are:

(1) The microstructural evolution of the Fe–Ni–Ti–Al steel is
sensitive to the thermal history during LDED. Versatile
mechanical properties of the steel are obtained via tailor-
ing thermal history. The IPD strategy has proven advant-
ageous in achieving high strength (∼1.54 GPa) with mod-
erate ductility (∼with an Ef of 8.1%). In contrast, the
CHD strategy can attain superior ductility (∼with an Ef of
19.3%) with moderate strength (∼1.24 GPa). The achiev-
able mechanical property range via tailoring thermal his-
tory in the LDED-built Fe–Ni–Ti–Al steel is significantly
larger than most commercial materials.

(2) The tunable strength of the LDED-processed Fe–Ni–Ti–
Al steel is mainly associated with the dislocations in
the martensitic matrix due to different cooling rates by
different deposition strategies, and the in-situ formation
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of η-Ni3(Ti, Al) precipitates due to the intrinsic heat treat-
ment of the LDED process.

(3) The tunable ductility of LDED-processed Fe–Ni–Ti–Al
steel can be attributed to (i) the Ti-rich Laves phase (i.e.
Fe2Ti and Ti2Ni) depleted Ti and Ni elements in the fcc
phase, thereby reducing the fcc phase stability and indu-
cing the TRIP effect during deformation, (ii) the forma-
tion of Al2O3 particles as a result of the strong affinity
between Al and O protected the steel from oxidation, (iii)
the reduced dislocation density and residual stress relaxa-
tion benefit a superior work-hardening capacity.

These findings emphasize the pivotal role of thermal his-
tory in shaping the microstructure and programming strength-
ductility combinations of AM-processedmaterials. Themater-
ials innovation alongside strategic thermal history control
emerges as an effective approach for developing high-
performance metallic materials with wide and programmable
strength-ductility combinations tailored for different service
circumstances.
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