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Abstract: To investigate the effects of hydrogen (H) on the mechanical properties of
316L austenitic stainless steel (316L) additively manufactured using laser-powder bed
fusion (L-PBF), tensile, nanoindentation, and micropillar compression tests were
performed on samples in both the as-built (AB) and H-charged (HC) conditions.
Microstructural characterization revealed that the electrochemical H charging exerted
marginal effects on grains, phases, and overall dislocation densities of L-PBF 316L.
However, the dislocation networks inherent to L-PBF 316L appear to disentangle upon
H charging and are distributed more homogeneously through the matrix. Mechanical
test results showed that H charging results in a marginal reduction in hardness and
strength, indicating H-induced softening, possibly due to the elastic shielding effects of
H that weaken the interactions between dislocations. The elastic shielding effect and
the enhanced slip planarity, facilitate the H accumulation along slip bands and twins,
promote H-enhanced localized plasticity, resulting cracking when a critical H
concentration is reached. This, in turn, aids in H embrittlement mechanism that results
in a significant loss in ductility upon H charging. A detailed discussion of all these

micromechanisms is presented.
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1. Introduction

Hydrogen (H) has been reported to degrade the mechanical properties of various
metallic materials, resulting in inferior ductility and lowered fracture toughness in
materials exposed to the H environments, which is known as H embrittlement (HE) [1-
3]. The austenitic stainless steels (SS) are less susceptible to HE due to the low H
diffusivity and higher H solubility in them [4]. Hence, they are frequently employed for
industrial applications wherein exposure to H is higher (such as in production,
transportation, and storage of H either in gaseous or liquid form). Nevertheless, HE
remains still as a key issue for austenitic SSs that are exposed to H for an extended
period of time, especially for metastable austenitic SSs [5, 6]. In these steels, strain-
induced martensite, which forms during the deformation, can enhance the H diffusion
that leads to eventual HE [5, 6]. Besides the phase transformation, HE in austenitic SSs
and other metallic materials have been rationalized using H-enhanced localized
plasticity (HELP) [7-9], H-enhanced decohesion (HEDE) [10, 11] and H-enhanced
strain-induced vacancy formation [12] mechanisms. Each of these mechanisms
consider the interactions between H and the microstructural features (including
vacancies, dislocations, impurities, twins, slip bands, grain boundaries, cracks, etc.)
from the nanoscale to macroscale.

The microstructures of metallic materials manufactured using additive
manufacturing (AM) are considerably more complex compared to their conventionally
manufactured (CM) counterparts [ 13-15]. They are typically hierarchical in nature, with
the microstructural length scales that could range from the nanometer to millimeter,
including a high-density of dislocations (that often form networks along the cellular
boundaries), segregation of some of the alloying elements to the cellular boundaries,
cellular structures, columnar and equiaxed grains, melt pool boundaries that impart a
mesostructured which reflects the printing strategy used, etc. [13-15]. These unique
features have been reported to impart a superior mechanical performance to them, such
as favorable combination of strength and fracture toughness [16, 17].

In the context of H effects on AM alloys, prior studies have shown they are

promising candidates for long-term service in the H environments. For example, the
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316L grade austenitic stainless steel (simply referred as 316L hereafter) processed by
employing the laser-powder bed fusion (L-PBF) technique exhibits a higher resistance
to H damage compared to the CM 316L [18]. This is attributed to the suppressed
martensitic transformation upon H charging in it, which, in turn, enhances the corrosion
resistance due to reduced martensite content in the microstructure. Similarly, Claeys et
al. [19] reported that L-PBF 316L shows a higher resistance to H-assisted cracking and,
therefore, lower HE sensitivity than the cold-rolled and annealed 316L. The difference
in HE originates from the variations in microstructures of samples prepared using
different methods. For instance, the L-PBF 304L austenitic stainless steel shows lower
H diffusivity than its CM counterpart, which is attributed to the high-density of tangled
dislocations in the former [20].

HE in CM alloys was extensively investigated and, hence, reasonably well
understood [1, 2], which is not the case of for AM alloys. The unique microstructures
of AM alloys, which could, in turn, have complex interactions with H, make it
necessary to further investigate the effects of H on their mechanical properties. Keeping
the above in view, we have investigated the effects of H on the plastic deformation
behavior of L-PBF 316L. H was introduced into the as-built (AB) 316L through
electrochemical charging. Tensile, nanoindentation, and micropillar compression tests
were conducted on both AB and H-charged (HC) L-PBF 316L and the results are

compared and mechanisms elucidated.

2. Materials and experiments

2.1 Block preparation and microstructure characterization

Gas atomized spherical pre-alloyed 316L 316L powders (commercially obtained from
Hogands AB) with the size range of 15-53 um were employed for L-PBF using the
SLM 500 system. The optimized processing parameters are as follows: laser energy of
240 W, scanning speed of 600 mm/s, hatch spacing of 100 um, and layer thickness of
40 pm. Blocks with dimensions of 60 (length) x 30 (width) X 30 (height) mm? were
prepared using the chessboard scanning strategy with the island size of 4 X 4 mm? and

67° rotation along successive layers. Small pieces of AB 316L blocks were machined
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using electrical discharge machining (EDM). Their surfaces, whose normal is parallel
to the building direction (BD), were polished following the standard metallographic
methods with the final mirror polishing using the 0.04 um colloidal silica suspension.
Several pieces after polishing were etched using the V2A reagent (45.5% distilled water,
45.5% hydrochloric acid, and 9.0% nitric acid) for the microstructural characterization
using scanning electron microscopy (SEM, JEOL 7800F) [21]. Electron backscatter
diffraction (EBSD) was performed on both the AB and HC specimens to determine the
grain structures and phases. In addition, EBSD was conducted on well-polished pieces
to locate grains with <110> orientation, which were utilized to fabricate micropillars.
Thus, all the pillars examined in this study are orientated along the <110> direction.
Step sizes adopted for characterization of grains, phases, pillar orientation, and
geometrically necessary dislocations (GND) were 0.5, 0.1, 0.1, and 0.05 pm,
respectively. Transmission electron microscopy (TEM, JEOL 2100F) on both the AB
and HC samples were carried out on thin foils with the diameter of 3 mm that were
extracted using EDM and ground to a thickness of about 70 pum, followed by twin-jet
electropolishing using the 10% nitric acid plus methanol electrolyte that was
maintained at a temperature between —10 and —20 °C [21]. For TEM characterization
on the deformed tensile samples, thin lamellae were extracted from the gauge surface
of both the AB and HC samples using focused ion beam (FIB, Zeiss Crossbeam 540).
All lamellae were thinned to about 100 nm and finally polished using ion beam with

current of 50 pA and voltage of 2 kV to minimize the surface damage.

2.2 Electrochemical H charging and quantification

Electrochemical H charging was conducted in 1 mol/L NaCl solution containing
0.3 g/L NH4SCN. Using a Pt plate as the counter electrode, the L-PBF 316L samples
were charged under a constant current of 100 mA/cm? for 24 h at room temperature.
Small pieces and foils after polishing were H charged, followed by EBSD and TEM
characterizations to examine any charging-induced microstructural variations.
Similarly, tensile coupons were mirror polished and then charged for subsequent

mechanical tests. The micropillars, fabricated using FIB on small pieces, were charged
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by immersing the entire pieces into the solution with the same charging parameters. All
HC samples were immersed into distilled water for 3 min to remove any NaCl that may
have adhered to the surface. The amount of absorbed hydrogen was measured by
recourse to thermal desorption spectroscopy (TDS, Bruker G8 Galileo) at a heating rate
of 400 °C/h. The TDS measurements and all the subsequent mechanical tests were

conducted within ~1 h after H charging to minimize H outgassing.

2.3 Mechanical property characterization

Tensile samples were machined using EDM and then polished before tests. The
gauge dimensions of the tensile coupons are 2 mm in length, 1 mm in width, and 0.3
mm in thickness. Due to rather limited H diffusion distance (as will be demonstrated
later), a thickness of 0.3 mm was used so as to highlight the influence of H, if any.
Tensile tests were conducted at a nominal strain rate of 3X10 s! on both the AB and
HC L-PBF 316L samples. A laser extensometer was used for measuring the strain
during the tensile tests. At least 3 tests were conducted for each condition.

Nanoindentation tests were performed using a Bruker TI 980 Triboindenter
equipped with a Berkovich tip, under load-control mode with a loading/unloading rate
of 1.6 mN/s and a peak load of 8 mN. For each sample, 50 nanoindentation tests with
interspacing of 8 um were performed.

Single crystal L-PBF 316L micropillars, with diameters, D, of 1, 2, and 3.5 um,
were fabricated employing the well-polished small pieces via FIB machining. The
micropillars were prepared using an ion beam of 3 nA first, followed by reduced
intensity of ion beam machining and an ion beam of 20 pA for the final pillar polishing
to minimize taper angle and potential surface damage. All the pillars had an aspect ratio
of 2 to 3 with taper angle smaller than 2°. EBSD mapping was performed on all of them
before testing to confirm their <110> orientation. Both the AB and HC micropillars
were compressed using Bruker TI 980 Triboindenter equipped with a flat-punch
diamond indenter. Displacement-control mode with a nominal strain rate of 10~ s was
utilized. At least 5 pillars were tested for each condition. The post-mortem

characterizations of the deformation features of the pillar were performed by employing
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both SEM and TEM.

3. Results

3.1 Microstructures of AB and HC L-PBF 316L

Figure 1 shows the grain structures and phase compositions of the AB and HC L-PBF
316L, obtained using EBSD. Figure 1(a) shows that the AB sample contains both
equiaxed and elongated grains when viewed along BD. The scanning direction (SD) is
indicated using the black arrow in Figure 1(a). Notably, the small islands overlap with
certain misorientation along successive layers, accompanied by remelting of the
already-deposited layer(s). This makes scanning tracks less distinguishable. The grains
exhibit relatively random crystallographic orientations without any strong texture.
Phase mapping performed with a lower step size of 0.1 um, displayed in Figure 1(b),
shows that the AB 316L consists of full face-centered cubic (FCC) phase, viz. austenite,
without any body-centered cubic (BCC) phase. Some earlier work reported the
appearance of ferrite (BCC) in the AB L-PBF 316L samples [22]. The absence of ferrite
in our samples could be a result of the Ni segregation to the cell boundaries, which
helps stabilize the austenite phase [21]. The HC sample exhibits a grain structure
(Figure 1(c)) that is similar to that observed in the AB sample, with no perceptible
difference in grain size, morphology, or orientation distribution. In addition, no phase
transformation upon H charging could be identified in the HC 316L, as evidenced by
Figure 1(d) suggesting a fully austenitic microstructure. H-charging-induced austenite
to martensite phase transformation was reported in both conventionally manufactured
(CM) and L-PBF austenitic stainless steels [18, 23, 24], which is attributed to various
factors, including reduced stacking fault energy (SFE), stacking-fault-assisted
martensite formation, stress-induced phase transformation, etc. However, it appears that

none of these are operative here to trigger the phase transformation in the L-PBF 316L.
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Figure 1. (a) EBSD map and (b) phase of AB 316L. (¢) EBSD map and (d) phase of

HC 316L.

The dislocation densities in the AB and HC 316L samples were estimated using
EBSD conducted at lower step size of 0.05 um. For an unbiased comparison, EBSD
mapping was performed on the exact same region of one sample before and after H
charging, as shown in Figures 2(a) and (c), respectively. Notably, to remove any
potential electron beam irradiation damage resulting from the EBSD scanning, the AB
sample was further polished slightly after EBSD, followed by H charging and
subsequent EBSD mapping. The maps describing the GND densities shown in Figures
2(b) and (d) demonstrate that the AB and HC samples have comparable dislocation
distributions and densities. The GND densities determined based on these maps are
2.1541.12x10" and 2.24 +1.15%10'* m in the AB and HC samples, respectively. It
is important to note here that the estimated GND density corresponds to the minimum
density of dislocations in the material, as it does not consider statistically stored
dislocations. The similarities observed indicate that H charging does not alter the GND

density in L-PBF 316L in any significant manner.
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Figure 2. (a) EBSD and (b) GND density map of the AB 316L. (¢) EBSD and (d) GND
density map captured along the same area after H charging.

The cellular structures and dislocation networks in the AB and HC samples were
further characterized using SEM and TEM, respectively. Figure 3(a) reveals that
equiaxed cells prevail in the AB sample. The sharp contrast between the cell boundaries
and the cell interiors comes from the elemental segregation, which leads to enhanced
etching resistance of cell boundaries as compared to cell interiors [21]. The micrograph
displayed in Figure 3(a) was captured in the secondary electron imaging mode. Well-
organized dislocation networks, featured by heavily tangled and dense dislocation
networks along the cell boundaries and relatively free of dislocations within their
interiors, prevail in the AB 316L sample. Simulation studies have attributed the
formation of such dislocation networks in the L-PBF alloys to the continuous thermal
cycles (and the resultant mechanical loading cycles) exerted on the solidifying materials
during the L-PBF process [25]. The HC L-PBF 316L sample shows cellular structures
similar to that of the AB counterpart (Figure 3(c)) when imaged using the secondary
electron imaging mode, in terms of both size and morphology. The imperceptible
difference in features of cellular structures in the AB and HC indicates that H charging
has negligible influence on the cellular structures as well. This is further supported by

the EDS results on the HC 316L (as shown in Figure S1 of the Supplementary
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Information, SI). They show that the cell boundaries in the HC sample are enriched in
Cr, Ni, Mo, and Mn, which is the same as in the AB sample [21]. Although no
significant difference in dislocation densities in the AB and HC 316L samples could be
identified, it appears that dislocation networks evolve upon H charging and the
morphology of dislocation networks in the HC sample differs from that in the AB
counterpart. Typical TEM images showing the dislocation structures in the AB and HC
thin foils are presented in Figures 3(b) and (e), respectively, for a direct comparison.
The initially well-organized dislocations disentangle, to some extent, after being
subjected to H charging, resulting in (somewhat) less closely packed dislocation
distribution along the boundaries and some sparse dislocations within the interiors. The
evolution of dislocation arrangements upon H charging is further highlighted by
comparing TEM images obtained from the AB (Figure 3(c)) and HC (Figure 3(f)) thin
foils captured at higher magnitude. The dislocations are organized into networks with
in the AB sample, whereas they are distributed relatively homogeneously in the HC
counterpart. The dislocation structure evolution indicates that dislocation activities

(such as glide) were potentially triggered during H charging.
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Figure 3. SEM images (using secondary electron imaging mode) of the cellular
structures in the (a) AB and (d) HC L-PBF 316L samples. Corresponding TEM images
of the dislocation networks in (b) and (c)AB (with the boundaries consisting of a high-
density of tangled dislocations and interiors free of dislocations), and (e) and (f) HC
(where dislocation networks are somewhat disentangled) samples.

To further check if the dislocation network evolution is a result of other factors
related to the thin-foil TEM samples (such as image forces), instead of H charging,
TEM samples extracted from the well-polished HC bulk pieces were prepared via FIB
lift-out. Two typical TEM images captured at different locations of the FIB lift-out
samples are shown in Figure 4(a) and (b), respectively. As shown in Figure 4(a), similar
to those observed in the thin foils, the dislocation networks show blurry boundaries
within the shallow region (within ~1.2 um from the charging surface). Dislocations are
distributed sparsely and homogeneously in this region. In contrast, well-organized
dislocation networks could be identified with increasing depth. Similarly, no clear
dislocation networks can be identified within a depth of about 1.2 um in Figure 4(b),
and dislocations are observed to distributed relatively homogeneously. The discrepancy
in the dislocation structure morphologies of different regions implies that H charging
could possibly activate dislocations in the L-PBF 316L sample, resulting in the
dislocation disentanglement and relatively homogeneously distributed morphology.
The results shown here match well with those in Figures 3(b) and (d), indicating that H

charging is the key factor altering dislocation arrangements.
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Figure 4. Typical TEM images on lamella of HC 316L. Dislocations along the very
surface distribute relatively homogeneously, and dislocations organize into networks
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with increasing depth from the surface.

3.2 Tensile tests on AB and HC L-PBF 316L
The typical tensile stress-strain responses of the AB and HC 316L samples are
shown in Figure 5. Compared to the AB sample, the HC sample exhibits inferior
mechanical properties, manifesting as slightly lower yield strength (oy) and largely
reduced elongation to failure (¢f). Their average values are listed in Table 1, which
shows that the reduction in gy due to H charging is marginal (about 20 MPa, which is
less than 4%), whereas &7 deteriorates significantly (by about 30% of that in the AB
sample), indicating high HE susceptibility. (Note that oy and & of the AB 316L
samples (with ~0.3 mm thickness) are similar to those reported on much thicker
specimens, in prior studies [26, 27], indicating that the ultrathin specimens exhibit
similar responses to the bulk ones.) A slight reduction in oy but a dramatically
decreased & demonstrate that, compared to the strength, the plasticity of L-PBF 316L
is more severely affected by H charging. The HE susceptibility of materials can be
quantified using the ratio of & of the HC sample to that of the AB counterpart [28],
which is ~0.7 here.
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Figure 5. Typical stress-strain responses of AB (black curve) and HC (red curve) 316L.
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Table 1 Tensile properties of AB and HC 316L

Sample Yield strength, oy (MPa) Elongation, &¢(%)
AB 316L S516x17 45.4%5.0
HC 316L 495+14 31.8+4.7

3.3 Nanoindentation and micropillar compression tests

The slightly reduced oy in the HC 316L indicates softening induced by charging.

For the electrochemical charging conditions employed in this study, the H-affected zone

is typically limited to the surface region with the thickness of a few micrometers [29],

and hence the nanoindentation technique probing micro or even nanometer length scale

is appropriate in revealing such localized H effects. Nanoindentation tests with a peak

load of 8 mN were hence preformed on both AB and HC 316L, and the representative

load-displacement curves are shown in Figure 6(a), where the larger depth indicates

lower hardness upon H charging. The cumulative probability distributions of the

hardness values are presented in Figure 6(b). The average hardness values of the AB

and HC 316L 3.3040.15 and 3.174+0.17 GPa, respectively, i.e., a ~3.9% reduction in

hardness occurs due to H charging, which is similar to that noted for oy.
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Figure 6. (a) Typical force-displacement curves of nanoindentation tests on AB (black
curve) and HC (red curve) samples. (b) The cumulative probability distribution of the
hardness values obtained on AB and HC 316L.

To further understand the H-induced softening behavior, micropillar compression
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tests were conducted on single-crystalline pillars that are orientated along <110> (as
shown in Figure S2). The typical stress-strain responses of pillars with D=2 um are
shown in Figure 7 (those of 1 and 3.5 um are displayed in Figure S3). Compared to the
AB pillars, all the HC pillars are featured by lower oy (average values listed in Table
2), corresponding well with the lower oy and nanohardness. In addition, H charging
also deteriorates the work hardening capability of the micropillars [30]. As indicated by
the dashed lines and summarized in Table 2, the work hardening rate 6 of the AB pillar
within the 2—5% plastic strain regime is ~3.61 GPa, which is significantly higher than
that of the HC counterpart (~2.52 GPa). The 2-5% plastic strain was selected as
micropillars show steady plastic deformation within the range [21, 31]. Note here that
due to prevailing strain gradient [32], micropillars do not deform homogeneously
during the compression tests, and, therefore, work hardening behaviors of micropillars

are often evaluated using the engineering stress-strain curves [33].
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Figure 7. Typical stress-strain responses of AB (black curve) and HC (red curve) pillars
with D=2 pum. The work hardening rates within the 2—5% plastic strain are calculated
and indicated using dashed lines.

Table 2 The average yield strength oy and work hardening rate 8 of pillars in AB

and HC conditions.
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Samples oy (MPa) 6 (GPa)

D (um) 1 2 3.5 1 2 3.5

AB 316L 641+25 56022 539417 2.824+0.51 3.55+0.36 4.1740.36
HC 316L 56116 512+11 505+15 2.4740.56 3.03+0.78 3.251+0.32

3.4 Microstructural evolution

The inferior strength/hardness and ductility that result from H charging are closely
linked to the microstructural evolution that occurs during the plastic deformation.
Additional interrupted tensile tests (till 5% strain) were therefore performed, followed
by detailed microstructural characterizations. As seen in the SEM image in Figure 8(a),
upon 5% tensile stain, both slip bands (indicated by black arrows) and twins (with the
boundaries outlined using red lines) carry plasticity in the AB 316L. While some grains
are dominated by slip bands, some others are featured by twins. As demonstrated by
EBSD maps shown in Figure 8(b), the discrepancy in main deformation features is most
likely resulted from variations in grain orientations. Quantitative analysis reveals that
the fraction of the twin boundaries (i.e., the ratio of length of twin boundaries to the
length of grain boundaries plus twin boundaries) is ~10.8%. Figures 8(c) and (d) show
that the HC 316L with 5% tensile strain exhibit deformation features similar to that of
the AB counterpart, i.e., both slip bands and twins are observed on the surface. The

fraction of the twin boundaries is ~8.1%, similar to that in the HC sample.
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Figure 8. (a) SEM image and (b) EBSD map showing slip bands and twins in AB 316L

with 5% tensile strain. Slip bands and twins in the deformed HC 316L characterized
using (¢) SEM image and (d) EBSD map.

Further microstructural characterizations were conducted using TEM on lamella
samples prepared using the FIB lift-out technique. In the AB 316L, fine and closely
packed slip bands (which were verified using the corresponding selected area
diffraction pattern (SADP)) are observed when viewed along the [110] crystallographic
direction (Figure 9(a)). The spacing of these slip bands is relatively small, ~0.10 pym
based on the TEM images. Some slip bands cut through the cell boundaries and extend
across several cells; this deformation feature was investigated in detail in a previous
study by us [21]. In contrast, as shown in Figure 9(c), the slip bands in the HC 316L
appear to be more sparsely distributed. (It is noteworthy that such difference in the slip
bands between AB and HC samples is not from crystallographic orientation as the TEM
images are all captured along the [110] zone axis.) The average spacing of the slip bands
measured is ~0.53 pm, which is much larger than that in the AB sample. This indicates
that the appearance of H-enhanced slip planarity [8, 9, 34], wherein cross slip is

suppressed and dislocation motion gets restricted to a few slip planes [35]. In addition,
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the dislocation networks in the HC samples are less well-organized, agreeing well with
the observations of relatively homogeneous distribution of dislocations upon H
charging seen in Figures 3 and 4.

In addition to the slip bands, deformation twins (that were verified using the
corresponding SADP) were also frequently observed in both the AB and HC samples,
as shown in Figures 9(b) and (d), respectively. Similar to the slip bands, the twins in
the AB 316L are narrowly spaced, whereas they are widely spaced in the HC sample.
It has been reported that H reduces the SFE of some metallic materials [36, 37].
However, in the present study, it seems that deformation twins are more prevalent in
the AB 316L sample compared to the HC sample, as demonstrated by both higher
volume fraction (Figure 8) and density (Figure 9) of twins in the former. This indicates
that the reduced SFE due to H charging, if any, is rather limited in affecting the twining
behavior here, whereas the slightly higher flow stress in the AB sample may be the

more predominant factor facilitating the deformation twins.
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Figure 9. TEM images of (a) slip bands and (b) twins in the AB 316L with 5% strain.
(c) slip bands and (d) twins in the 5% tensile deformed HC 316L.

In addition to the 5% pre-strained samples, tensile-fractured AB and HC samples
were also characterized using SEM with the representative fractographs shown in
Figure 10. Two different features in the fracture morphologies are notable. 1) In the AB
316L sample, typical slip bands and twins (as will be proven later) were present in
regions near the fracture surface (Figure 10(a)). In the HC sample, in contrast, cracks,
with their long axes approximately perpendicular to the loading direction (indicated by
the white arrows), are frequently observed (Figure 10(c)). A few cracks propagating
along the slip bands and twin boundaries were also identified as indicated by the yellow
dashed lines. 2) The fractured surface of the AB 316L sample shows a more

homogeneous morphology and is featured by void sheet consisting of dense submicron-
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scale voids/dimples [38], i.e., the characteristics of ductile fracture. However, the
fractured surface of the HC 316L sample consists of two distinct regions; quasi-
cleavage fracture feature (indicating brittle fracture) is dominant from the surface to a
depth of ~6—7 pum (viz. surface region) whereas void sheet is identified with further
increasing depth (inner region). The thin brittle region near surface is developed
because H is highly concentrated near surface under electrochemical charging condition

[39].

Void sheet (dimples)

acks-—-

Void sheet (dimples)

2 pum

Figure 10. (a) SEM image on surface of AB 316L at the region of fracture. (b) Void
sheet, consisting of voids/dimples, on the fracture surface of the AB 316L. (c) Cracks
on the surface of HC 316L at the region of fracture. (d) Quasi-cleavage at the surface
and void sheet within subsurface region on the fracture surface of the HC 316L. The
loading direction is indicated using black arrows.

TEM was further conducted on the FIB lift-out samples fabricated from the
fractured AB and HC 316L samples. As shown in Figure 11(a), deformation twins are
the dominant deformation features in the AB 316L sample at high strain level (the

inserted SADP confirms the twin relation). Densely distributed twins with thickness of
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a few nanometers align parallelly. Similarly, twins are observed to also prevail in the
fractured HC sample in Figure 11(b). The twins here are comparable to those identified
in the AB sample, in terms of both size and distributions. In addition to twins, slip bands
along (111) pllanes (as indicated by the SADPs) are also frequently observed in both
the AB and HC 316L (Figures 11(b) and (d)). While the slip bands appear thin and are
closely spaced in the AB sample, they possess larger spacing and thicker morphology
in the HC counterpart. The difference observed here is comparable to that identified in
tensile samples strained to 5%, indicating that H-enhanced slip planarity persists with

increasing strain.

ZA=[130]

Figure 11. Deformation microstructures in the fractured tensile samples. (a) Twins and
(b) slip bands in the AB 316L. (c) Twins and (d) slip bands in the HC 316L.
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4. Discussion
4.1 H-induced dislocation activities
From Figures 3 and 4, a relatively more homogeneous dislocation distribution can be
noted in the HC sample compared to AB sample. While dislocation networks appear
well-organized with rather featureless network interiors (Figures 3(b)), some
dislocations were observed outside the networks in the HC sample (Figures 3(d) and 4),
making the originally well-organized dislocation networks less distinct. This
demonstrates dislocation activities upon H charging without any external stress applied.
Prior studies reported the formation of surface slip bands in alloys subjected to H
charging in the absence of applied stress too [40-42], which was attributed to H-induced
dislocation activity, including both dislocation nucleation and motion. Considering that
the dislocation density remained invariant due to the H charging, as demonstrated in
Figure 2, dislocation nucleation can be ruled out in the current context. Thus,
dislocation motion might be the cause for the more homogeneous dislocation
distribution. It has been reported that dislocation slip can be activated due to internal
stress build-up due to H charging [40-42]. Barnoush et al. [42] proposed that
dislocations in austenite phase of a duplex steel are activated by the internal stress that
resulted from quench annealing treatment, and H charging facilitates dislocation motion
by reducing the required stress. Wang et al. [40] reported that the internal stress
developed due to lattice expansion (dependent on the content of dissolved H) plays a
key role in triggering dislocation motion. In the present study, as no additional treatment
was conducted on the sample except for H charging, the dislocation motion and
resultant morphology rearrangement are attributed to internal stress due to H charging.
To estimate the magnitude of the internal stress here, TDS was conducted on the
HC sample to determine the content of dissolved H. As shown in Figure 12(a), the H
concentration in the HC sample is ~14.8 weight ppm (wppm). A significant gradient in
H concentration exists in electrochemically charged samples [43, 44]. The local H
concentration as a function of depth (x, distance from the surface) can be estimated

approximately using the following relation [45]:
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C(x,tc)zCO[l—erf( x )] (1)

2/Dytc
where C, is the local H concentration at the surface, Dy is the diffusion coefficient

and t. isthe H charging time. €, can be determined following the method by Pontini

_Wem | m
Co==35 1’DHtC 2)

where w is the thickness of H-charging sample, C,, is the average H concentration in

et al. [46]:

the HC sample (i.e., about 14.8 wppm in the HC 316L). Taking the Dy value as
3.17x107'® m?/s at room temperature [28] and t.=24 h, the H concentration as a
function of depth is estimated and displayed in Figure 12(b). The H concentration has
a maximum value of about 550 wppm at the surface, and reduces sharply with
increasing depth, ultimately reaching near zero (~0.04 wppm) at ~20 um. Recall that a
transition from brittle fracture to ductile failure happens at the depth of 67 um (Figure

10(d)), which corresponds to a critical H concentration of ~110 wppm.
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Figure 12. (a) The TDS curve of 316L after H charging. (b) The established H variation
in H concentration as a function of depth (the inset showing an enlarged view of H
concentration from surface to 20 um depth).

The dislocation arrangement evolution is attributed to internal stress developed
upon H charging [40-42]. According to Wang et al. [40], the value of internal stress, o;
is proportional to the lattice expansion that occurs due to the H absorption. The latter
factor is dependent on the atomic ratio between H and matrix, H,/M,, which can be

estimated as follows [40]:
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3)

where N, is the Avogadro constant, My and M, are the corresponding molar
masses of H and matrix, respectively. Taking the C, value as 550 wppm (dislocation
rearrangement was limited to surface region, as evidenced in Figure 4), the estimated
value of H,/M, near the sample surface using equation (3) is 0.015. The resultant

lattice expansion due to dissolved H show linear correlation with the atomic ratio, i.e.,

AV HgXAv

=ty 4)

Vo  MgxQ
where Av is the volume change of unit cell resulting from one hydrogen atom, and ()
is the volume of metallic atom. The calculation is simplified by adopting the Av/Q
value as 0.19 (which was reported for the 310 grade stainless steel with similar austenite
structures [47]). The lattice expansion calculated following the equation (4) is 0.00285.

Subsequently, the internal stress developed due to lattice expansion is:

__ EXAV
l VO

6))

where E isthe Young’s Modulus of matrix (193 GPa for 316L [48]). The internal stress
o; is then calculated to be ~550 MPa, which is ~35 MPa higher that the yield strength
of L-PBF 316L. This indicates that the internal stress is high enough to activate
dislocation motion, transforming the dislocation networks present at the cell boundaries
in high density in the AB condition, into relatively more homogeneously-distributed
morphology in the charged state. In addition, it is also possible for (sub)micron-scale H
segregation, due to the appearance of dislocation networks in 316L. Chen et al. reported
that dislocation walls containing a high-density of dislocations act as effective traps for
H atoms [49]. Therefore, the localized H concentration along network boundaries, and
the resultant lattice expansion and internal stress, are likely to be higher than the

calculated values, which further facilitates dislocation motion upon H charging.

4.2 H-induced softening
Results of the tensile tests on bulk samples (Figure 5), together with the
nanoindentation (Figure 6) and micropillar compression (Figure 7) tests, reveal the

occurrence of the H-induced softening in the HC L-PBF 316L sample. While H-induced
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hardening is an often reported phenomenon in literature [50, 51], H-induced softening
has also been reported in different metals and alloys [29, 52]. Predicting the conditions
that favor either of these two mechanisms in an alloy is complicated by various factors
that are listed in Table 3, including the H content [43, 53], stress level [54-56],
dislocation density [54, 57], temperature [58, 59], strain rate [53, 60], etc. In the
literature, H-induced softening was attributed to H-enhanced dislocation motion,
achieved by either increasing the dislocation mobility that occurs through a reduction
of the Peierls-Nabarro potential [61, 62] or weakening of the interactions in-between
dislocations and between dislocations and other defects (including impurities, solute
atoms, precipitates, etc.) under H’s elastic shielding effect [52, 63] (see Table 3 for a
summary). Notably, the Peierls-Nabarro potential is important in BCC metals (such as
pure iron) due to the unique screw dislocation core structures and motion modes [58,
64]. The reconstruction of core structures [65, 66] and reduction of kink (or kink pair)
nucleation energy [58] upon H segregation enhances the mobility of screw dislocations,
which have been experimentally identified [67]. In view of the fact that the 316L SS
has pure FCC austenite structure (see Figure 1), the observed softening here is more
likely to be a result of H’s elastic shielding effect rather than reduction in the Peierls-

Nabarro potential.

Table 3 A summary of the H-induced hardening and softening mechanisms proposed
in literature. (Note that the studies reporting hydrogen-facilitated phase transformation

or hydride formation are excluded- here; “P-N” refers to “Peierls-Nabarro™.)

Softening Hardening Affecting Factor ~ Material Reference
Elastic Slip planarity — 316L Chateau et al.
shielding [68]

Elastic Dragging/ Temperature, Ni, Ni-C  Birnbaum &
shielding Pinning Strain rate Sofronis [60]
Elastic Dragging/ Temperature SA508 Wu & Kim [69]
shielding Pinning CL.3 steel
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Elastic Dragging/ Stress 304,316L Murakami et al.

shielding Pinning [55]

Elastic Dragging/ Stress o-Fe, Miresmaeili et

shielding Pinning 3161 al. [56]

Elastic Dragging Stress, Vacancy Single- Hachet et al.

shielding /Pinning concentration crystal Ni  [70]

Elastic - Stress, Dislocation X70 steel Lee et al. [54]

shielding density

Elastic Dragging/ Dislocation B-21S Ti Tal-

shielding Pinning density alloy Gutelmacher et
al. [71]

- Dragging/ H content Low-C Zhao et al. [43]

Pinning steel

Reduced P-N  Dragging/ H content, Strain ~ — Kirchheim [72]

potential Pinning rate

Reduced P-N  Dragging/ H content, o-Fe Kimura &

potential Pinning Temperature Matsui [59]

The elastic shielding effect of H has been demonstrated to weaken the interactions
(typically repulsive force) in-between dislocations and between dislocations and other
defects [73]. This was further verified by in situ TEM experiments on Al, where the
directions of dislocation motion were reversed with and without H [63]. The reduced
elastic interactions between dislocations lead to decreased flow stress for deformation,
manifesting as H-induced softening. Although there is currently no consensus on the
exact critical dislocation spacing for the H elastic shielding effect to be effective, most
values proposed in available literature are in the range of tens of b (where b is the
magnitude of the Burges vector) [52, 63]. Moreover, both experimental observations
[54] and theoretical calculations [63] revealed that the reduced elastic interaction forces
due to H shielding between dislocations increases with decreasing dislocation spacing.
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This indicates that a higher dislocation density (p) increases the possibility for H’s
elastic shielding effect to occur. Due to the continuous thermal cycles and the resultant
cyclic loadings inherent to the L-PBF process [25], a high-density of dislocations are
formed and typically organized into networks in the L-PBF alloys (as also seen in
Figure 3b). The typical p reported in the L-PBF alloys is at the orders of 10'*-10'
m 2 [74, 75], or ~2-3 orders of magnitude higher than that in their CM counterparts
(typically ~10'2 m™2 [76]). More importantly, the highly tangled dislocations along the
cellular boundaries in the L-PBF alloys generally possess very high dislocation
densities, ranging between ~10'> and 10'” m™2 [25, 77], resulting in an average spacing
between dislocations of a few nanometers. This value is comparable to (or even smaller
than) the critical value for H shielding to be operative (i.e., tens of b, which is ~0.257
nm for 316L [78]). Although the dislocations tend to disentangle and distribute more
homogeneously upon H charging (Figure 3d), the dislocation density does not seem to
decrease and hence the H shielding effects are expected to be largely retained. Therefore,
the H-induced elastic shielding of dislocation interactions could be the main cause of
the observed softening in the L-PBF 316L samples.

The above conclusion is further supported by the work hardening behavior
observed in both the micropillar compression and bulk sample tensile tests. Reduced
work hardening rates are identified in all the HC pillars when compared to their AB
counterparts (Figure 7 and Table 1). As discussed in our recent work [21], the
dislocation networks present in the L-PBF 316L alloy significantly enhance the
dislocation storage and, therefore, work hardening capability in micropillars. After the
H charging, nevertheless, the dislocation interactions are weakened due to the H’s
elastic shielding effect, resulting in the inferior work hardening capability [79].
Compared to the bulk AB 316L samples, the HC ones showed slightly lower work
hardening rate 6 at the early deformation stage, and 6 decreases sharply as the
deformation proceeds further (Figure S4). Notably, the HC samples fractured when 6
is still high (~0.94 GPa), suggesting a premature failure due to the surface cracks in the
HC samples, instead of conventional necking. The mechanisms for this phenomenon

are further discussed in section 4.3.2.
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Although the high dislocation density in the L-PBF 316L (or in any other L-PBF
fabricated alloys in general) could favor the H-induced softening as observed here, it is
not always the case as reported previously for the L-PBF alloys. H-induced hardening
[80, 81], softening [82, 83], and invariance in strength/hardness [28, 39] have all been
reported, with the extent of the changes being generally small (mostly within ~15% in
strength/hardness changes). As mentioned above and that can be seen from Table 3, the
factors controlling the H-induced hardening or softening are diverse and complex. It is,
therefore, difficult to reach a firm conclusion as to the dominating factor for the
observed H-induced softening here yet. A thorough study systematically altering
various controlling factors will be necessary to obtain the quantitative thresholds for H-

induced softening vs. hardening in any given alloy system.

4.3 H embrittlement

Compared to strength, the ductility of L-PBF 316L is more more sensitive to H
charging, manifesting as the significant reduction in &. The SEM and TEM images
shown in Figures 8—11 demonstrate that H is a critical factor altering the microstructural
evolutions upon straining and eventually resulting in the premature failure of the HC
samples. Therefore, the effects of H on these aspects under tensile straining are

discussed below.

4.3.1 H-enhanced slip planarity

At the early stage of plastic deformation (e.g., ~5% strain), both slip bands and
twins prevail in the AB and HC 316L samples. Notably, the morphologies of these
deformation features vary in the H charged samples. As shown in Figure 9(a), the AB
sample with 5% tensile strain is characterized by fine and dense slip bands. These slip
bands, which penetrate the cell boundaries, occur along [111] plane (as indicated by
the corresponding SADP) with interspacing of ~0.10 pm. In contrast, the slip bands in
the HC samples are coarser with an interspacing of ~0.53 pm (Figures 9(c) and S5).
Such discrepancy in the slip bands is purportedly caused by the H-enhanced slip

planarity. Abraham et al. [9] reported that slip bands featured by higher shear offset and
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spacing are dominant on the surface of the plastically deformed HC 310S SS, which is
similar to what we observed here in HC 316L. Similar H-enhanced slip planarity has
also been identified in HC austenitic SS under nanoindentation tests [34].

H-enhanced slip planarity was also observed in the HC micropillars. Slip bands in
the AB and HC 316L pillars with D=3.5 um, characterized using both SEM and TEM,
are shown in Figure 13. Densely spaced slip bands along (111) planes are observed
throughout the entire pillars (Figure 13(a)). TEM analysis demonstrates that slip bands
(inset is the corresponding SADP) with small interspacing prevail throughout the
deformed pillar (Figure 13(b)). In contrast, the HC 316L sample is characterized by
localized slip activities with slip bands occurring only along a few planes and mostly
limited to the upper part of the pillar (Figure 13(c)). In Figure 13(d), the slip bands in
the HC 316L pillar are coarse and separated with large interspacing, resulting from
dislocation motion along a few slip planes (i.e., H-enhanced slip planarity). It should
be noted that twins were not observed in either the AB or HC pillars. This could be due

to the <110> loading direction that does not favor twin formation [84].
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Figure 13. (a) SEM image and (b) TEM image on slip bands of AB 316L pillar. (c)
SEM image and (d) TEM image on slip bands of HC 316L pillar. Insets are the
corresponding SADPs, indicating only slip bands in the deformed pillars.

A key consideration for rationalizing the H-enhanced slip planarity is the reduced
tendency of cross slip due to the presence of H [8, 9, 34]. As shown in Figure 9, the slip
bands in the AB 316L indicate that dislocation motion occurs along numerous parallel
slip planes. Notably, the appearance of dislocation networks inhibits dislocation motion
[85, 86], which facilitates cross slip to some extent and further results in densely-spaced
parallel slip bands [21, 87]. After H charging, H atoms preferentially occupy the

dislocation cores, resulting in the formation of Cottrell-type atmospheres of H due to
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the elastic stress field surrounding dislocations [60, 88]. Ferreira et al. provided direct
experimental evidence showing that H suppress dislocation cross slip via in situ
mechanical tests on Al [36]. Similarly, Robertson et al. showed that H can lock
dislocations during the cross slip process with part of dislocations residing on the cross
slip planes, and cross slip proceeds further with decreased H pressure [89]. Once H
atoms are introduced into metallic materials, they are easily trapped by dislocations to
lower the dislocation core energy [61]. Although the binding energy of H and screw
dislocations is lower than that of H and edge dislocations [61], it is still high enough to
suppress cross slip in metals, including Al [36], Ni [90], and austenitic SSs [9].

In addition to the binding between H and dislocation cores, some other factors
could also potentially contribute to the reduced tendency of cross slip in HC L-PBF
316L of the present study. One factor is the relatively more homogeneously distributed
dislocations in them. The high-density dislocations along cellular boundaries were
reported to significantly inhibit dislocation motion and slip band propagation [21, 91].
The back stress exerted on mobile dislocations would decrease with reducing
dislocation density within pile-ups due to H charging [92], which would also lower the
possibility of cross slip. The other factor is the H-induced SFE reduction. With
decreasing SFE, the spacing between partial dislocations increase, reducing the
tendency of cross slip [37]. It has been shown that H induces a ~20% reduction in SFE
in austenitic SSs, which was considered insufficient to exert significant effect on the
tendency of cross slip [89].

It should be noted that H-enhanced slip planarity is, in fact, a mechanism
contributing to H-induced hardening, as mentioned in section 4.2. The fact that we
observed the indications of H-enhanced slip planarity, and yet measured a decrease in
strength/hardness in HC samples, indicates the existence of a competition between H-
induced softening vs. hardening. In the HC L-PBF 316L examined here, softening
induced by H’s elastic shielding effect overwhelms hardening that accrues from the H-
enhanced slip planarity, manifesting as lower yield strengths in both bulk tensile
samples and micropillars, as well as lower hardness determined from the

nanoindentation tests. This is most likely due to both the relatively high dislocation
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density in the LPBF alloy (favoring H’s elastic shielding [54]) and low H content
(making it less likely for H-enhanced slip planarity to be prevalent [44]) This again
demonstrates that various factors could contribute to either H-induced softening or
hardening, and either may prevail in a given material under certain combinations of

different parameters that contribute to it.

4.3.2 H embrittlement mechanism

Various models have been proposed to rationalize the HE in different metallic
materials, among which HELP [7-9] and HEDE [10, 11] are the most common. For the
HC austenitic SSs, early studies reported that the strain-induced martensite formed in
metastable austenite is a crucial factor for HE, since martensite can facilitate the
nucleation and propagation of H-assisted cracking [28]. However, this mechanism is
not valid here as the strain-induced martensite was never identified in the HC 316L,
irrespective of the level of applied strain.

The premise of the HELP mechanism is that H assists deformation via enhancing
dislocation mobility [7], which does occur in the alloy examined in this work and has
been discussed in section 4.3.1. Upon 5% tensile strain, the dislocation activities are
limited to a few slip planes, indicating the localization of plasticity. The localized
plasticity is provoked by higher dislocation mobility due to H shielding effect, and
possibly further enhanced by the lower resistance to dislocation motion along these
planes (‘dislocation channels’) [35]. The localized dislocation activities on the planes
could also contribute to the lower flow stress in the HC 316L (Figure 5). The H atoms
have been reported to diffuse fast enough to get transferred by mobile dislocations at
appropriate temperatures and strain rates (i.e., the Cottrell atmosphere of H adhere to
dislocation cores and move together with dislocations) [60, 88], which results in
localized high H concentrations along the slip planes [93]. It has been proposed that the
accumulated H atoms with sufficiently high concentrations would significantly reduce
the repulsive stress fields between dislocations and other defects [60], which enhances
dislocation motion and in turn the slip localization (HELP).

In addition to HELP mechanism, HEDE could also result in the observed HE in
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the L-PBF 316L. In fact, a HELP-mediated HEDE model has been proposed to describe
HE in various steels exposed to H atmosphere [12, 94]. Such HELP-mediated HEDE
model is in line with a hydrogen-enhanced-plasticity mediated decohesion model [95],
wherein H-rich regions are formed along boundaries due to localized dislocation
activities (HELP) and decohesion happens with the assistant of H subsequently (HEDE).
The prerequisite of HEDE is that the local H concentrations reach a critical value during
the deformation process, and the dilatation of atomic lattice due to interstitial H lowers
the cohesive strength of microstructures [11, 96]. As shown by the TEM image in Figure
9(d) and STEM image in Figure S5, dislocations in the HC 316L tend to pile up toward
twin/slip band boundaries and grain boundaries or accumulate along the slip planes
(Figure 13). Hence, although the HC samples show uniform deformation at the
macroscale, the slip localization results in the inhomogeneous distributions of
dislocations at the micro- or nano-scale. As mentioned earlier, H atoms could be
transported by the mobile dislocations and accumulate locally, resulting in localized H-
rich regions. It is reasonable to infer that such H accumulation, accompanied by
dislocation pile up, occurs along the twin boundaries, slip bands, and grain boundaries.
When the critical H concentration is reached, H-assisted cracking is activated. This can
be further evidenced by the observation shown in Figure 10(c), where a few cracks are
formed within heavily deformed regions decorated with dense slip bands/twins. In
addition, these cracks are often parallel to the orientations of slip bands/twins (indicated
by the yellow dashed lines). Similar results showing that microcracks initiate from twin
boundaries are also reported in other HC steels [97, 98]. This indicates that a priori
activation of HELP mechanism plays as a prerequisite for HEDE (namely HELP-
mediated HEDE).

Before closing, it is instructive to briefly discuss the differences between CM and
AM materials, in terms of HE in them, although it is not the key focus of this study. The
most obvious and critical difference in microstructure of AM materials, or more
specifically L-PBF alloys, is the dislocation networks [16, 21]. From the current results,
the relatively higher dislocation density in the L-PBF 316L makes it more inclined to

show H-induced softening (reduction in hardness and strength) via elastic shielding
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effect. Nevertheless, in terms of ductility, which is a more critical factor from
engineering application perspective in H-rich environment, the H-induced ductility loss
is still severe (~30% in tensile tests in present study) and comparable to those reported
for CM 316L in literature (for instance ~27% in Ref. [3]). It is noteworthy that prior
studies have indicated a slightly lower H diffusivity in L-PBF 316L than in CM 316L
[80, 99, 100]. This reduced diffusivity in L-PBF alloys was attributed to the high-
density dislocation networks which may have a mild effect in impeding H diffusion.
The lower H diffusivity in L-PBF alloys should slow down the process of H atoms
migrating/segregating to stress localization region, such as crack tips, and hence could
help in reducing the embrittlement caused by H to some extent. Further systematic
studies to compare the H diffusivity and its effect on fatigue and fracture properties in
CM and L-PBF alloys are needed to reveal the differences. Notably, special attention
should be paid to the dislocations and their arrangement in AM alloys. Our earlier
studies demonstrated that the high-density of dislocations in them contribute to superior
strength compared to their CM counterparts [21, 87]. The current work shows that they

also facilitate the H’s elastic shielding effect and lead to H-induced softening.

5. Summary

An experimental investigation into the effects of H on the deformation behaviors of L-

PBF 316L was conducted by recourse to tensile, micro-pillar compression, and

nanoindentation tests. Combined with detailed microstructural analysis and H solubility

characterization, the H effects on the deformation mechanisms and ductility loss are
revealed, with the following conclusions drawn:

(1) The key deformation features are similar in the AB and HC 316L tensile samples,
manifesting as prevailing slip bands and deformation twins. Due to the elastic
shielding effect of H, which could be favored by the intrinsically high dislocation
density in the L-PBF sample, the interactions between the dislocations are
weakened, resulting in the marginally inferior hardness, strength, and work
hardening capability in the HC samples.

(2) Upon H charging, internal stress rises due to H atoms occupying the interstitial sites,
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which enhances dislocation motion and transforms the tangled dislocation networks

into relatively more homogeneously distributed ones.

(3) A transition from the completely ductile fracture to a mixture of brittle and ductile

fracture occurs upon H charging, resulting in reduced ductility in the HC samples.
This H embrittlement is attributed to the HELP-mediated HEDE mechanism. As
evidenced by the microstructural characterizations on tensile samples with different
strains, dislocations and the H atoms travelling with them accumulate along slip
bands, twin boundaries, and grain boundaries. When a critical H concentrated is
reached, cracking initiates due to reduced cohesion, resulting in premature failure

of HC 316L.
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