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ABSTRACT

Powder bed fusion-laser beam with metals (PBF-LB/M) can be used to manufacture intricate
NiTi components. However, the ductility of NiTi alloys printed by PBF-LB/M is generally ~20%
less than those made via conventional processes. Although many heat treatment methods have
been proposed, solving this issue has been proven difficult. An intractable problem is the
brittleness of PBF-LB/M-manufactured NiTi after solid solution treatment at 1000 °C. By
investigating the microstructural and fractography change after heat treatment in the range of
100-1000 °C, this study found that this ductile-to-brittle transition stems from abnormal
oxygen-containing Ti-rich precipitates being generated in the PBF-LB/M fabricated Ni-rich
NiTi. We identified laser processing-induced local oxygen segregation and tiny TiO2(B)
particles at the fusion and grain boundaries. During the heat treatment at temperatures above
700 °C, these oxides decompose due to their low thermal stability. After this decomposition,
most oxygen diffuses into the matrix, with titanium remaining in local regions. This process
enriches titanium in the interfaces, forming a brittle oxygen-rich Ti2Ni network that is known
to hinder the recrystallization process in heat treatment. Furthermore, when subjected to
external loading, these precipitates can induce high misfit levels and local distortion, resulting
in brittle fractures along the interfaces. Based on these results, we also propose approaches to

avoid high-temperature-induced embrittlement in Ni-rich NiTi.
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1. Introduction

NiTi alloy is one of the most widely employed shape memory alloys [1]. Compared to Cu-
based and Fe-based shape memory alloys, the austenite transformation temperature of NiTi
alloys is moderate, typically occurring around room temperature [2]. Also, the shape memory
effect of NiTi alloys can be fine-tuned by adjusting the alloy composition and heat treatment
conditions [3,4]. This tunability renders NiTi alloys more adaptable to different engineering
needs. Nevertheless, the difficult-to-machine property of NiTi alloys poses a significant
obstacle for traditional manufacturing methods in addressing the demands of increasingly
complex and rapid production requirements [5,6]. Hence, the additive manufacturing of NiTi

alloys has attracted substantial attention [7].

Powder bed fusion-laser beam with metals (PBF-LB/M) is currently the most widely used
additive manufacturing method for NiTi, offering advantages such as rapid molding speed,
high precision, and the capacity to fabricate intricate structures [8,9]. However, the
performance of NiTi alloys produced by PBF-LB/M has limitations. In contrast to the total
elongation of >20% in traditionally manufactured counterparts [10,11], NiTi alloys
manufactured by PBF-LB/M exhibit a much smaller total elongation range of 6%-15% [12,13].
Many studies posit that the properties of NiT1 alloy can be further refined and enhanced through
heat treatment. For instance, Saghaian et al. [14] showed a modest increase in compressive
strain from ~7% to ~9% through an aging process conducted at 500 °C for 1.5 h. Carlucci et
al. [15] found a 0.5%-1.0% increase in tensile strain could be achieved through a heat treatment
process at 450 °C. Despite these improvements in ductility, they remain severely limited and

do not approach the ductility of conventionally produced NiTi.

The underlying cause for this puzzle has been thought to be macro- and micro-defects, as well
as precipitates induced by PBF-LB/M. Despite this theory, the ductility of dense samples
produced via PBF-LB/M remains inferior to that of cast NiTi [13]. Therefore, we believe the
most viable “smoking gun” is the presence of precipitates generated during solidification.
Research by Xue et al. [16] showed that Ni-rich NiTi alloys generate oxides during the PBF-
LB/M process. Although the detailed composition of the oxide was not determined, their
chemical analysis indicated that these oxides are all Ti-rich. Another study by Xue et al. [17]
found that the oxygen content in the PBF-LB/M process is critical to the plasticity of NiTi
alloys, largely due to the effect of precipitation of Ti-rich oxides at grain boundaries during the

printing process. Similar results were reported by Zhu et al. [18], who found that the printing
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process of Ti-rich NiTi alloys produced TioNiOyx, commonly seen in conventionally
manufactured NiTi alloys. Additionally, the phase change and precipitation in Ni-rich NiTi
alloys are temperature-sensitive. Typically, NiTi alloys have no precipitated phases when heat
treated at 100 °C [19]. Kim et al. [20] found that the NisTiz phase can precipitate in Ni-rich
NiTi alloys by aging at 200 °C for more than 100 h or at 300 °C for over 3 h. Zhou et al. [21]
reported that NisTi3 can also precipitate by aging at 250 °C. Frick et al. [22] found that Ni4Tis
phases precipitate from NiTi alloys during heat treatment at 300-600 °C. Paryab et al. [23]
found that the size of the precipitates increased during heat treatment at 600-800 °C, leading to
decreased hardness. Kim et al. [24] and Khoo et al. [25] observed NisTi3 and a small amount
of Ni3T1 in Ni-rich NiTi heat treated at 700-800 °C. Heat treatment above 800 °C is generally
considered suitable for NiTi solution treatments, as it effectively removes the effects of

precipitates [26-28].

To eliminate the influence of oxides, Khoo et al. [25] applied a high-temperature treatment at
700 °C to homogenize the NiTi alloy. However, the improvements in ductility and shape
memory properties were insignificant, and the cause for the poor material properties remained
unidentified. Chmielewska et al. [29] noted the emergence of brittle phases in PBF-LB/M
fabricated NiTi after heat treatment at 900 °C and 1100 °C, but the reasons for precipitation
remained unclear. These studies suggested that high-temperature heat treatment cannot
improve ductility in PBF-LB/M NiTi, with the reasons for this remaining unclear. Lu et al. [30]
reported that the Ti-rich phase is often a brittle phase in NiTi alloys. However, controlling the
Ti-rich phase to be nano-spherical and preventing its precipitation at grain boundaries in Ti-
rich NiTi alloys can improve the ductility. However, the effect of Ti-rich phases on the fracture
process has not been discussed. The relationship between the precipitates generated after PBF-

LB/M and high-temperature heat treatment awaits further investigation.

In this study, we systematically investigated the microstructure and properties of Ni-rich NiTi
that were heat treated at temperatures ranging from 100 °C to 1000 °C. Intriguingly, we found

that a 1000 °C solid solution treatment could lead to severe embrittlement of 3D-printed Ni-

rich NiTi alloys. We conducted microstructural analyses to determine the cause of this
embrittlement, with our results providing new insights into the precipitation behavior and
failure process in PBF-LB/M fabricated Ni-rich NiTi alloys. Elucidating the embrittlement

mechanism allowed us to propose approaches to mitigate the heat treatment-induced ductile-



to-brittle transition in Ni-rich NiTi alloys fabricated by PBF-LB/M.



2. Materials and methods
2.1. Materials
To compensate for the evaporation of Ni during laser printing [31], a Ni-rich NiTi powder was
employed for PBF-LB/M printing. The chemical composition of raw powders was analyzed by
inductively coupled plasma mass spectrometry (Agilent 7700, Agilent Scientific Instruments)
(Table 1). The particle size distribution of the powder was analyzed using a laser diffraction
particle size analyzer (Mastersizer 2000, Malvern Panalytical), yielding the following values:
Dio =20.3 um, Dso = 35.0 um, and Do = 58.2 um. To reduce oxygen content and humidity,
the powder was dried in a vacuum oven at 70 °C for 12 hours before PBF-LB/M.

Table 1 Chemical composition (wt.%) of Ni-rich NiTi powder used for the PBF-LB/M

process.
Ni Fe o C Ti
55.74 0.0074 0.0607 0.006 Bal.

2.2. PBF-LB/M laser parameters

The samples for testing and characterization were manufactured using a Hans-M-100 (Hans
Laser, Shenzhen, China) PBF-LB/M system equipped with a continuous Yb-YAG fiber laser
operating at a wavelength of 1064 nm and featuring a laser spot size of 50 um. The scanning

strategy was bi-directional with 67° rotation for each layer.

The fabrication process occurred within a chamber under argon gas at continuous flow (with
purity greater than 99.999%). Our selection of parameters was initially drawn from existing
studies on PBF-LB/M fabricated NiTi, particularly referencing works by Saedi et al. [32] and
Yu et al. [33]. We then refined the range of manufacturing parameters on our PBF-LB/M
machine, choosing parameters based on relative density and cross-sectional porosity in NiTi as
the primary criteria (see Table S1 for detailed parameters in Supplementary Information). The
density of the as-printed sample (three samples for each parameter) was measured by using
Archimedes' method [34], and the relative density value was calculated by dividing the density
of the sample by that of standard NiTi. By comparing the quality of the samples, we selected a
parameter (as shown in Table 2) for printing samples in this study, as its relative density is

higher than 99.99%.



Table 2 Laser parameters selected for PBF-LB/M process of NiTi in this study

Scanning velocity =~ Layer thickness  Hatch spacing  Energy density
(mm/s) (um) (um) (J/mm?’)
200 1000 30 90 74.074

Power (W)

2.3. Heat treatment process
In traditionally manufactured NiTi, studies have indicated that temperatures below 300 °C are
generally considered insufficient to induce changes in the microstructure [35]. The

temperatures in the 300-500 °C range are known to alter NiTi alloy properties by forming

precipitates such as NisTiz [36,37]. As the temperature increases to 500-800 °C, more
precipitates are formed, and recrystallization is initiated [11,38]. The 800-1000 °C range is
typically associated with the NiTi solid solution treatment [28]. Therefore, to analyze the
influence of heat treatment temperature on the microstructure of PBF-LB/M fabricated NiTi,
we systematically investigated the microstructure and mechanical responses for samples heat-
treated at temperatures ranging from 100-1000 °C.

The samples for heat treatment were enclosed in quartz tubes and vacuum sealed at a pressure
of 1x10* Pa to avoid oxidation during heating in the furnace. The heat treatments were
conducted in a box furnace (N 11/HR, Nabertherm) with a consistent 3-hour holding time,
followed by water quenching. The heat-treated samples will be annotated using the heat
treatment temperature and annealing duration for convenient discussion. For instance, the

sample treated at 1000 °C for 3 h is denoted as 1000 °C/3 h.

2.4 Density measurement

The sample size for X-ray computed tomography (CT) detection was 1.5 mmx1.5 mmx1.5 mm.
The internal defects and volumetric porosity of the sample were assessed using a high-
resolution Micro-CT system (D2, Diondo). The X-ray worked with a voltage of 90 kV, a tube
current of 90 pA, and an integration time of 2000 ms. The voxel size for CT sampling and

three-dimensional reconstruction was 0.002 mm.

2.5. Mechanical tests
To assess the mechanical properties of the samples subjected to different heat treatment
processes, we fabricated dog-bone specimens for tensile testing. The dog-bone specimen

utilized in this study had an overall length of 50 mm, a gauge length of 21 mm, a thickness of



2 mm, and a width of 5 mm. Tensile tests were performed using a universal testing machine at
an initial strain rate of 1x10* s'! and laboratory temperature (approximately 20 °C). To ensure
the accuracy of the experimental data, an optical extensometer (Epsilon ONE, Epsilon) was

employed to measure the engineering strain of the sample during loading.

2.6. Characterization methods

The sample size used for characterization was 10 mmx10 mmx5 mm. The surface morphology
and defects of the samples were examined with a scanning electron microscope (SEM). For a
detailed study of the crystallographic orientation and grain distribution of PBF-LB/M
fabricated NiT1, we employed a high-speed electron backscatter diffraction (EBSD, Velocity,
EDAX) analysis at a voltage of 20 kV and a current of 13 nA. We used the same magnification
and step size (1.5 um) to ensure accuracy. The grain size analysis was conducted using EDAX
OIM Analysis software with EBSD characterization results at 120xmagnification (CI>0.1,
Fit<l). The average grain size of austenite across the entire sample was determined by
calculating the average area of the grains and converting it to an equivalent diameter through
d=2./A/m. To obtain clear Kikuchi diffractions in EBSD, we initially ground the sample
surfaces using a mechanical polisher (LaboForce-100, Struers) and silicon carbide sandpaper
with grits ranging from #180 to #2000. Subsequently, the polishing process involved the
application of diamond polishing paste with particle sizes ranging from 3 um to 0.25 pm, along
with aluminum oxide polishing slurry containing 0.05 um particles. The final step included

polishing on a vibratory polisher (VibroMet 2, Buehler) with a 20 nm silicon oxide suspension.

Following the polishing process, X-ray diffraction (XRD, Smartlab, Rigaku) analysis was
conducted to determine phase composition. The XRD system featured a high-flux 9 kW
rotating anode X-ray source, operating at a voltage of 40 kV and a current of 150 mA, with a

step size of 0.02° and a speed duration time of 15°/min.

To calculate the density and size of the precipitates, we randomly selected three areas at 1000x
magnification using electron channeling contrast imaging (ECCI) in SEM and used image
analysis software (Imagel) to identify all precipitates. We calculated the average number and
size (length and width) of the precipitates through particle size statistics, then divided the
average number of precipitates by the area of the entire characterization region to obtain the

average area density.



We used a focused ion beam (Helios 6001, FEI) with a milling area of 10 pumx10 um to prepare
electron-transparency foils for transmission electron microscopy (TEM) analysis.
Microstructure features and element distribution were analyzed using a 200 kV scanning
transmission electron microscope (STEM, Talos F200X, FEI) with energy-dispersive X-ray
spectroscopy (EDS). High-resolution STEM images were characterized by high-angle annular
dark-field (HAADF) imaging conditions using a double spherical aberration-corrected
transmission electron microscope (Titan Themis G2) at 300 kV. We used simulation software
(Recipro) to simulate high-resolution TEM atomic images with the following parameters:

voltage 300 kV, objective aperture size 12 mrad, thickness 34 nm, and defocus -70 nm.



3. Results

3.1. Mechanical properties

We assessed the internal defects of PBF-LB/M fabricated NiTi using Micro-CT (Fig. 1(A)).
The inset in Fig. 1(A) reveals that the most prominent defect does not exceed 20 pm?, and these
defects are primarily spherical, with a total volume of ~0.0011 mm? in a ~3.3 mm? region. The
results confirm that the selected PBF-LB/M parameters produced a sample with volumetric
porosity of about 0.003%, which matches well with the data of cross-sectional porosity
obtained by SEM (Table 2). The porosity measured by Micro-CT of the as-built sample is
better than that of other dense PBF-LB/M NiTi reported in studies [39]. Therefore, we consider
the variation in mechanical properties to be mainly a result of the heat-treatment-induced

microstructure change rather than the as-printed defects.

We applied heat treatment on the printed samples at different temperatures to observe changes
in post-treatment tensile properties (Fig. 1(B)). The results reveal that the as-built sample
exhibits a plateau stage between 1.5%-6% strains, with the upper plateau strength slightly
increasing. In contrast, the sample treated at 300 °C shows a shorter plateau with a range of
1.5%-4.5% strains. The shorter plateau range comes at the expense of a reduction in total
elongation, with a reduction percentage of 22.5%. The sample treated at 500 °C also exhibits a
decrease in total elongation, but notably, the strength of the upper plateau decreases to a level
below 100 MPa. The plateau in the sample treated at 700 °C was unstable, with its stress
exhibiting an increasing trend after the 5% strain, indicating that the microstructure had started

to change at this temperature.

After heat treatment at 1000 °C, which is generally used for solid solution treatment in
traditional NiTi alloys, the apparent modulus of the sample is consistent with that of 700 °C/3
h, while the yield strength increases to 697.2 MPa. However, the stress plateau at this condition
is absent, and the total elongation decreases from 9.28% to 3.83%, representing a substantial
decrease of approximately 58.7%. The tensile test ends with a sharp drop at the strain-to-failure
point without necking, indicating that the high-temperature heat treatment induced a typical
brittle failure. To confirm whether this ductile-to-brittle transition phenomenon is unique to
additively manufactured NiTi, we prepared a conventional cold-rolled NiTi plate (reduction
rate 30%), performed heat treatment at 1000 °C for 3 h, and then compared the tensile

properties before and after heat treatment (as shown in Fig. S1 in Supplementary Information).
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It is found this ductile-to-brittle transition phenomenon does not appear in the conventional
cold-rolled NiTi alloy, indicating that such phenomenon is related to the microstructural

characteristics induced by additive manufacturing.
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Fig. 1. (A) Three-dimensional images of defects in the as-built sample obtained using Micro-
CT; the colored areas are internal defects. The inset shows a magnified view of the most
prominent defect. (B) Tensile stress-strain curves of the heat-treated sample and the as-built

sample.

3.2. Phase composition and surface topography

Using XRD, we characterized the phases in both as-built and samples subjected to different
heat treatment temperatures (Fig. 2). The as-built sample predominantly consists of the NiTi
austenite B2 phase, with a small amount of TiO2/TiO2(B). Because the TiO2 and TiO2(B) peaks
are between 63.5°-64.0° in the XRD spectrum, it is difficult to distinguish them and requires
further characterization in TEM. The high affinity of Ti with O leads to the inevitable
production of oxides even in the Ar atmosphere in the PBF-LB/M chamber. The 300 °C heat-

treated sample exhibits an emergence of NigTis.

Comparing the heat-treated samples at 350-500 °C (Fig. 2(B)) indicates that treatment at higher
temperatures results in an increased portion of NisTiz and B19' phases. In contrast, the 550-
800 °C heat-treated samples exhibit an absence of Ni-rich precipitation (Fig. 2(C)), which is
abnormal for the traditionally manufactured NiTi [15]. Interestingly, a small amount of TioNi
phase is detected in the 800 °C heat-treated Ni-rich NiTi. Samples subjected to solution
treatment at 800-1000 °C comprise only NiTi martensite and austenite (Fig. 2(D)). It is worth
noting that the XRD test on the bulk sample has limited accuracy and that its results do not

definitively rule out the presence of precipitates at 1000 °C. Moreover, the peaks of oxide and
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Ti2Ni are weak, making it difficult to determine the phase by solely using XRD. Therefore, we
will use other characterization methods, i.e., SEM, ECCI, EDS, and STEM, to confirm this

abnormal phenomenon and phase later in this study.
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Fig. 2. XRD results of as-built and heat-treated samples at different temperatures: (A) as-built
and 100 °C to 300 °C; (B) 350 °C to 500 °C; (C) 550 °C to 800 °C; (D) 850 °C to 1000 °C.

We performed a STEM characterization analysis on the as-built samples to understand the
oxides present in PBF-LB/M fabricated NiTi (Fig. 3). The results suggest that the precipitates
at these two locations are deficient in Ni, rich in Ti, and rich in O, with no significant change
in N and C content. Similar micrographs showing such precipitates are also seen in the studies
of Xue et al. [16,17]. In order to elucidate the formula of precipitates, we used the selected area
diffraction pattern (SADP) in TEM to analyze their composition (Fig. 3(A) insert). By
analyzing the EDS data, Fig. 3(B), we consider the precipitate as an oxide of Ti. However, by
comparing the SADP with references [40,41], we found the interplanar spacing does not match
the conventional rutile TiO,. To confirm the crystal structure of these precipitates, we used
HAADF imaging conditions in STEM mode to obtain their atomic contrast. As shown in Fig.

3(D) and (E), two typical shapes of precipitates, i.e., spherical particle #1 and rod-like particle
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#2, are formed in the as-built NiTi, which has an austenite matrix. According to atomic image
and fast Fourier transform (FFT) in the insets of Fig. 3(F) and (G), these two particles have an
interplanar spacing and diffraction pattern matching well with monoclinic TiO2(B), as reported
by Feist et al. [42] and Banfield et al. [43]. The results also match well with the high-resolution
TEM image simulation obtained in Recipro, as presented in the right-corner insets in Fig. 3(F)
and (G). Also, we double-confirmed that the FFT diffraction pattern is located at a zone of the
Kikuchi pattern of monoclinic TiO2(B) lattice, as shown in Fig. S2. According to the HAADF
analysis, the (012) plane normal of TiO(B) aligns well with the (001) plane normal of NiTi
austenite. Also, there is a relationship of {010} NiTi// {601} TiO2(B). Unlike the rutile phase
of TiO», which is very stable at high temperatures and belongs to the tetragonal crystal system,
metastable TiO2(B) belongs to the monoclinic crystal system [42,44]. In the grain interior,
these tiny oxides have a size of 13.5 nm to 57.3 nm and an area density of ~44.3 pm™. At the
grain boundary, the oxides have a length ranging from 18.4 nm to 71.9 nm, a width between

4.9 and 18.0 nm, and a coverage of ~13.7 pum™.
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Fig. 3. STEM micrographs of precipitates in as-built sample: (A) HAADF image of grain
boundaries and intragranular precipitates. The insert image shows the SADP of the circular
area. The dark dots/laths indicate lower Z-contrasts, which correspond to precipitates. (B)
HAADF image and EDS element distribution maps of lath-shaped precipitates at grain
boundary #1 rectangular area, including Ni, Ti, O, N, and C elements. (C) HAADF image and
EDS element distribution maps of dot-shaped precipitates within grain #2 rectangular area,
including Ni, Ti, O, N, and C elements. (D) HAADF image of the NiTi substrate and spherical
(Particle #1) and rod-shaped (Particle #2) oxides. (E) High-resolution HAADF image of the
substrate, and the inset is the FFT image of the substrate. (F) High-resolution HAADF-STEM
image of the spherical oxide (Particle #1), and the insets are the FFT image of the spherical
oxides and high-resolution TEM simulation image. (G) High-resolution HAADF-STEM image
of the rod-shaped oxide (Particle #2), and the insets are the FFT image of the rod-shaped oxide

13



and high-resolution TEM simulation image.

To study the evolution of precipitation after heat treatment, we observed the morphology of
the cross-sectional area of both the as-built and heat-treated samples at 300 °C/3 h, 500 °C/3 h,
700 °C/3 h, and 1000 °C/3 h using ECCI in the SEM. In the as-built sample (Fig. 4(A)), the
molten pool is distinctly visible with an average width of 87.7 um, which agrees closely with
the hatch spacing in PBF-LB/M. Large grains exhibit approximately rectangular shapes,
located at the center of the melt pool and aligned with the laser scanning direction, with a width
ranging from 67.7 pm to 85.7 um and a length between 65.4 and 101.8 um. The grain
arrangement indicates a 67° rotation of the melt channel between layers. Multi-layered
austenite grains are seen in the center of the molten pool. At the molten pool's edge, tiny
equiaxed crystals appear at the intersection of two rectangular grains with a grain size of 0.2-

1.5 pm.
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g. 4. Cross-sectional morphology of the as-built and heat-treated samples was examined
using electron channeling contrast imaging (ECCI). Images were captured for the overall
sample, center, and edge of the molten pool for each sample: (A) as-built, (B) 300 °C/3 h, (C)
500 °C/3 h, (D) 700 °C/3 h, (E) 1000 °C/3 h.

Martensite formation is seen after heat treatment at 300 °C (Fig. 4(B)). Twinned martensite is
evident in the center of the molten pool, while lath martensite is present at the edge of the
molten pool. The sample subjected to heat treatment at 500 °C displays a morphology similar
to the as-built sample. The XRD results indicate that the 500 °C/3 h sample contains a

significant amount of martensite. However, the martensite laths in this sample are not clearly
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visible through ECCI. Using transmission electron microscopy, we discovered a substantial
presence of nano-martensite in the 500 °C/3 h sample (as shown in Fig. S3). The nano-
martensite resides within the austenite grains, which explains why it is not observed in the
large-scale ECCI characterization. Based on this result, we speculate that from 300 °C to
500 °C, as the temperature increases, the form of martensite changes. The underlying reason
for this transformation requires further investigation. Although nano-sized NisTi3 is expected
to be present in the grains (as shown in Fig. S3), it is not visible under the ECCI due to

resolution limits [45].

Although the recrystallization temperature of the NiTi alloy is typically around 600 °C, the size
and the shape of the grains in the 700 and 1000 °C heat-treated samples are still similar to those
in the as-built sample (Fig. 4(C) and (D)). These results indicate recrystallization to be inhibited
in the PBF-LB/M fabricated NiTi. A significant contrast of precipitates is seen in both the 700
and 1000 °C samples, following a network distribution. In the 700 °C heat-treated sample, fine
precipitates are distributed along the grain boundaries, with a size ranging from 0.2 pm to 0.8
um and a coverage of ~0.6 pm™'. Inside the grains, the precipitates assume the form of long
strips, with a dimension of 1 pm to 2.5 um in length, 0.4 um to 0.6 pm in width, and an area
density of ~0.05 pm™. In the 1000 °C heat-treated sample, the precipitates are larger than those
in the 700 °C treated sample, with a size of 0.6 um to 2.5 pm at the grain boundary and a
coverage of ~0.4 um™'. Inside the grains, the precipitates have a length ranging from 1.2 um to
3.2 um, a width between 0.9 pm and 1.3 um, and an area density of ~0.03 pm. The results
indicate that during heat treatment at 700-1000 °C, the size of the precipitates increases while
the density decreases. The crowed arrangement of precipitates along the grain boundaries can

influence grain growth in the recrystallization process.

3.3. EBSD analysis results of grain orientation and precipitates

In the EBSD orientation maps, the as-built and 700 °C/3 h samples maintain a distinct molten
pool shape with an interlayer angle of 67° (Fig. 5(A) and (B)), indicating that the heat treatment
at 700 °C does not cause significant grain growth. However, in the 1000 °C/3 h sample, a
noticeable change in grain morphology is observed. The shape of the melt pool is no longer
clear (Fig. 5(C)), and the grain boundaries of the original rectangular grains are more irregular.
Heat treatment at 700 °C and 1000 °C did not substantially alter the grain orientation. A
statistical analysis of the average grain size of the five samples that were subjected to heat

treatment at 300 °C, 500 °C, 700 °C, and 1000 °C (Fig. 5(D)) reveals that heat treatment has a
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minimal effect on the average grain size (see Fig. S4 for the grain size distribution), which is
different from the observed heat treatment behavior in traditional NiTi alloys [46]. The phase
distribution map (CI>0.1, Fit<1) in the 1000 °C/3 h sample (Fig. 5(E)) confirms that the phases
observed in Fig. 4 are Ti;Ni. The inset in Fig. 5(E) shows that the Kikuchi patterns of Ti>Ni
and NiTi are different and both are of good quality. The average geometrically necessary
density (GND) in the NiTi B2 matrix in Fig. 5(A-C) was calculated based on the method by
Pantleon Field [47] (Fig. 5(F)). The comparison of GND indicated that while heat treatment
can effectively reduce the dislocation density and relieve the internal stress, its effect on the

distribution of the precipitates is limited.
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Fig. 5. EBSD analysis of both as-built and heat-treated samples: (A) IPF grain orientation
map of the as-built sample. (B) IPF grain orientation map of the 700 °C/3 h sample. (C) IPF
grain orientation map of the 1000 °C/3 h sample. These grains in Fig. 5(A), (B) and (C) are
colored using the inverse pole figure (IPF) of crystallographic orientations that parallel the

building direction (BD). (D) Comparison of the average grain size for the as-built sample and
those subjected to heat treatment at 300, 500, 700, and 1000 °C, calculated based on EBSD
results. (E) EBSD phase distribution map of the 1000 °C/3 h sample (CI>0.1, Fit<1), the
insets show the Kikuchi patterns of TioNi and NiTi. (F) Comparison of GND for the as-built
samples and heat-treated samples, calculated based on EBSD results (CI>0.1, Fit<1).

3.4. Precipitate analysis in 1000 °C/3 h sample
A detailed analysis of the elemental composition of the precipitates in the 1000 °C/3 h sample
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(Fig. 6) reveals that the precipitates are found at both the grain boundaries and within the grains
of the 1000 °C/3 h sample (Fig. 6(A)). Fig. 6(B-E) reveals the precipitates at the grain
boundaries and within the grains to be deficient in Ni, abundant in Ti, and enriched in O and
N. The EDS mapping in SEM confirms that the precipitates at the grain boundaries and within

the grains are similar.

Fig. 6. EDS analysis of precipitates in 1000 °C/3 h sample by SEM. (A) Morphology of

precipitates at grain boundaries and within grains, and corresponding elemental distribution

mappings of (B) Ni, (C) Ti, (D) O, and (E) N.

We further conducted STEM micro-scale analysis on the 1000 °C/3 h sample, with diffraction
analysis confirming that this precipitate is Ti2Ni (Fig. 7(A) and (B)) and the EDS maps of Ni,
Ti, O, N, and C in STEM (Fig. 7(C-G) respectively) agreeing well with the SEM observation.
All these results confirm that the main composition of the precipitate is TioNi, with a small
amount of O and N in solution. TioNi has a certain solubility for oxygen, and the presence of
interstitial oxygen atoms helps to stabilize Ti2Ni [48]. Some studies have referred to this Ti2Ni
phase in the presence of interstitial oxygen atoms as Ti4Ni2O,. However, Frenzel et al. [3] have
pointed out the lack of crystallographic evidence for this designation. Therefore, it is referred
to as oxygen-rich Ti2Ni in this study. Local distortion is induced by the precipitation behavior
(Fig. 7(H)). We used an SADP analysis to analyze the misfit of the matrix and precipitate (Fig.
7(1, J)). The resulting SADP matrix belongs to the [100] zone axis of NiTi austenite, with a
lattice constant of 2.79 A. Comparing the orientation of the precipitates and the matrix reveals
an evident incoherent relationship between the matrix and precipitate. Studies have confirmed
the existence of a semi-coherent and incoherent relationship between NiTi-B2 phase and
oxygen-rich Ti2Ni. At the same time, the growth of precipitates with increasing temperature,

transitioning from a semi-coherent to an incoherent state has also been reported [49,50]. This
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incoherent relationship induces a local strain field in the matrix around the precipitate, which
can serve as a cracking initiation site. This strain field arises from the incoherent relationship
between Ti2Ni and the NiTi matrix [51]. Additionally, the precipitation of Ti>Ni in NiTi alloys
typically modifies the Ni/Ti atomic ratio along the precipitate-matrix interface [52], which can

induce local lattice distortion and cause heterogeneous responses under external loading.

Ti,Ni [110] a‘D{:

T

Austenite [100] Austenite [100]
a=279A Ti,Ni [110]

Fig. 7. STEM micrographs and diffractions of precipitates in 1000 °C/3 h sample: (A)
HAADF image of individual precipitates. (B) SADP of the circular area from Fig. 7(A) and
corresponding elemental distribution mappings of (C) Ni, (D) Ti, (E) O, (F) N, and (G) C.
(H) STEM image of three precipitates and the matrix, including matrix lattice distortion. (I)
SADP of NiTi matrix. (J) SADP of NiTi matrix and precipitates.

3.5. Fracture morphology of as-built and heat-treated samples

Examining the fracture morphology of the as-built sample (Fig. 8), reveals discernible cleavage
steps and dimples on the fracture surface, accompanied by cracks extending along the grain
boundaries (Fig. 8(A)). Magnifying this reveals a large cleavage facet resulting from cracking

along the grain boundaries decorated by several oxides (Fig. 8(B)). Despite the overall
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prevalence of cleavage characteristics in the as-built sample, many dimples are dispersed along
the cleavage steps (Fig. 8(C)). This observation suggests that although a ductile fracture mode
predominates in the as-built sample, oxides along grain boundary can induce brittle features in

the local region.

Fig. 8. Fracture morphology of the as-built sample: (A) an overview, (B) cleavage steps and

oxides along the grain boundaries that can be observed by enlarging the crack in Fig. 8(A),

(C) dimples that can be observed by enlarging the surface in Fig. 8(A).

In the fracture morphologies of the 500 °C/3 h and 1000 °C/3 h heat-treated samples (Fig. 9),
there is a notable absence of dimples in the 500 °C/3 h sample compared to the as-built sample
(Fig. 9(A)). Instead, a substantial number of cleavage steps is prominent. Magnifying these
reveals cracking characteristics along the edge of the molten pool (Fig. 9(B)). The fracture
morphology of the 1000 °C/3 h sample (Fig. 9(C)) reveals fewer small facets appearing on the
cleavage feature, and many cracks propagating along the grain boundaries. Analyzing the
precipitates along the cleavage plane here using the backscatter detector in SEM (Fig. 9(D)).
highlights regions with lower average atomic numbers with darker contrast. The EDS results
of the precipitates on the fracture surface (Fig. 9(E)) are consistent with the presence of Ti2Ni
(Fig. 6). The fractography analysis indicates that the oxygen-rich Ti2Ni precipitates can assist

in the fracture process of high-temperature heat-treated samples.
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Fig. 9. Fracture morphology of the 500 °C/3 h and 1000 °C/3 h sample: (A) an overview of
the 500 °C/3 h sample, (B) fracture characteristics along the melt pool observed by enlarging
Fig. 9(A), (C) an overview of the 1000 °C/3 h sample, (D) image observed by using
backscattered electrons detectors in the area of Fig. 9(C), (E) EDS results of precipitate on
the fracture surface in Fig. 9(D).
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4. Discussion

4.1 Effect of precipitates on the matrix lattice constant

In the selected area diffraction pattern (SADP) of the as-built, 500 °C/3 h, and 1000 °C/3 h
samples (Fig. 10), the lattice constants of the NiTi matrix in the three samples can be
determined by calculating the interplanar spacing of the NiTi austenite (110) crystal plane.
Compared with the as-built sample, the lattice constant of the matrix at 500 °C/3 h increases
by 4.4%, while the lattice constant of the matrix at 1000 °C/3 h decreases by 5.1%. Due to the
atomic radii of Ni and Ti differing by 1.47 A [53], the lattice constants of Ni-rich and Ti-rich
NiTi alloys differ. Therefore, the change in the lattice constant of NiTi austenite is directly
associated with the Ni/Ti atomic ratio. A Ni/Ti atomic ratio of 1 corresponds to a lattice
constant of ~3.00 A for NiTi austenite [54]. Ni-rich NiTi alloys typically have a lattice constant
smaller than 3.00 A, whereas Ti-rich NiTi alloys usually have a lattice constant greater than
3.00 A. Because the matrix lattice constant of the as-built sample is less than 3.00 A, it should

have an initial Ni-rich state.

As-built 500°C/3h 1000°C/3h

Fig. 10. SADP of as-built, 500 °C/3 h, and 1000 °C/3 h samples, the interplanar spacing of
NiTi austenite (110) crystal plane, and the lattice constant of NiT1 austenite were calculated:

(A) as-built, (B) 500 °C/3 h, (C) 1000 °C/3 h.

In the 500 °C/3 h sample, the increase in the matrix lattice constant is attributed to the Ni-rich
precipitate NisTi3, which appears between 300-500 °C; this has been confirmed by our XRD
analysis. Our previous study [45] and that by Liu et al. [55] both found the precipitation of
NigTi3 in a Ni-rich NiTi alloy by subjecting it to aging at 300 °C for 2 h. Khalil-Allafi et al.
[37] and Michutta et al. [56] also found precipitation of NisTiz through aging at a higher
temperature of 500 °C.
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By contrast, the decrease in the matrix lattice constant in the 1000 °C/3 h sample is closely
linked to the increase in the matrix Ni/Ti element ratio caused by Ti-rich precipitate Ti>Ni.
However, Ti-rich phases in Ni-rich NiTi alloys have not been reported as far as we know. In
Ti-rich NiTi alloys, studies by Lu et al. [30], Ahadi and Rezaei [57], Bhagyaraj et al. [52], and
Chen et al. [50] have reported precipitation of TioNi via heat treatment in the temperature range
of 500-750 °C. Understanding the formation mechanism and the evolution process of Ti2Ni in
the PBF-LB/M fabricated Ni-rich NiTi is essential for further discussions on its mechanical

behavior.

4.2 Precipitation behavior of printed samples during high-temperature heat treatment

A Ti-rich phase does not normally occur in Ni-rich NiTi alloys. The precipitation of Ti-rich
phases in NiTi alloy is usually associated with elements with a high affinity to Ti. Tadayyon et
al. [58] observed mixed precipitation of TioNi and TiO; during the solid solution treatment of
a Ti-rich NiTi alloy at 900 °C/2 h. Rehman and Nam [59] introduced a trace amount of
elemental N to a NiTi alloy and found the precipitation of TioNi. Ti>Ni is thermodynamically
unstable at high temperatures. However, it has been widely accepted that oxygen can act as an
interstitial stabilizer to Ti2Ni at high temperatures [48], and oxygen-rich Ti>2Ni is more stable
in a Ni-rich system [60]. Therefore, we postulate that the observed enrichment of O and N

elements in Ti2Ni in the 1000 °C/3 h sample is linked to the precipitation behavior.

In the as-built samples, we observed TiO2(B) phases, which are sub-stable phases, unlike the
high-temperature stabilized TiO; rutile phase [42]. Yoshida et al. [61] pointed out that TiO2(B)
can be prepared under certain high temperature and pressure conditions. During the PBF-LB/M
process, the NiTi melt pool undergoes rapid cooling and heating, and Ni evaporation may
temporarily form a pressure cavity locally, where elements such as O and N exist, and the
instantaneous temperature reaches 3000 °C [62,63]. Therefore, we speculate that the
evaporated Ni vapor and the high-temperature environment in the melt pool during the PBF-
LB/M process may have led to the local production of TiO2(B). Sabbagh et al. [64] and Wang
et al. [65] have shown the difficulty in maintaining the crystal structure of TiO2(B) above
700 °C, and suggested that TiO2(B) may decompose in the NiTi matrix upon heating to 700 °C.
This decomposition results in Ti and O enrichment in the local region and encourages the

formation of new phases.
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Among all Ni-Ti binary compounds, Ti2Ni possesses a low formation enthalpy (-0.278
eV/atom), indicating a more stable crystal structure than the others [66—70]. The reaction Gibbs
free energy of Ti2Ni at high temperatures is negative (-71428.7 J/mol at 900 °C) and much
lower than that of NiTi (-61416.5 J/mol at 900 °C) [71,72]. These can act as a driving force to
form Ti2Ni when heat-treated at high temperatures. Our observation of Ti2Ni particles around
the fusion boundary corroborates the findings of high-temperature laser cladding studies by Lv
et al. [73] and Song et al. [74]. The diffusion rate of O in NiTi is also much higher than that of
Ti [75], leading to most of the decomposed oxygen diffusing to other trapping sites during the
heat treatment process. There should also be some residual oxygen that dissolves in Ti>Ni. This
explains the coexistence of oxide and Ti2Ni at the same intercrystalline and grain boundary

locations in both the as-built and 1000 °C/3 h samples.

According to the results and discussion, we have drawn schematic diagrams for the
precipitation behavior during high-temperature heat treatment and presented them in Fig. 11.
In Fig. 11(A), the PBF-LB/M process shows an interlayer rotation angle of 67°, leading to the
formation of rectangular grains in Fig. 11(B). On the edge of the molten pool of as-built NiTi
alloy (Fig. 11(C)), the oxygen segregation and TiO»(B) are locally distributed along the grain
boundaries, within the grains, and also along the boundary between regions of fine equiaxed
grains and rectangular grains. The fine equiaxed crystals at the edge of the molten pool are
influenced by the temperature gradient within the pool. Simulation results from Ninpetch et al.
[76] indicate that while the scanning velocity has little effect on the temperature at the center
of the molten pool, it significantly impacts the temperature gradient from the center to the edge.
When the scanning velocity increases from 400 mm/s to 800 mm/s, the temperature difference
from the center to the edge of the molten pool rises from approximately 525 °C to
approximately 1050 °C. In this study, a scanning velocity of 1000 mm/s was used, resulting in
a significant temperature gradient from the center to the edge. There are many nucleation points
at the edge of the molten pool due to the contact with the substrate and the flow of the molten
pool during the manufacturing process. The increase in the temperature gradient from the edge
to the center of the molten pool leads to greater supercooling. Together, these factors cause the
nucleation rate to increase faster than the growth rate of the crystal nuclei, resulting in many
equiaxial grains. Generally, when the scanning strategy in PBF-LB/M is uni-directional or
zigzag (0° or 180° rotating), the remelting in the laser deposition process should strongly affect
the edge of previously molten pools, even if these melts have a convex shape and induce

coarsening of equiaxed grain. However, the scanning strategy used in this study is 67° rotating,
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and the laser energy is concentrated in only tens of micros, these two factors together inhibited
the remelting of the convex melt edge. This results in the retention of numerous molten pool
edges, which contribute to forming many equiaxed grains throughout the sample, as shown in
the results in Fig. 4(A). Oxygen may arise from the production of NiTi powders and the
environment in the PBF-LB/M chamber, and it is very difficult to limit due to the high affinity
of T1 and oxygen.
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Fig. 11. Schematic representation of the precipitation behavior in PBF-LB/M NiTi alloy: (A)
Overview of the PBF-LB/M process. (B) Representation of the multi-track melt pool and
grain morphology of NiTi alloy in the printed state. (C) Detailed schematic of grain
boundaries and the fine grain zone at the edge of the molten pool of NiTi alloy in the printed
state, shown in magnification. (D) Illustration of the precipitation and recrystallization
process of PBF-LB/M fabricated NiTi during heat treatment above 700 °C. (E) Schematic
depiction of grain boundaries and precipitates in PBF-LB/M fabricated NiTi alloy after heat
treatment. (F) Representation of the polycrystalline grain morphology of PBF-LB/M
fabricated NiTi alloy after heat treatment.
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At a treatment temperature beyond 700 °C, TiO2(B) undergoes decomposition, causing part of
O to diffuse into the NiTi matrix (Fig. 11(D)). Subsequently, Ti;Ni starts forming in the
locations initially occupied by the oxide. The remaining O is dissolved in Ti2Ni and plays a
stabilizing role. Simultaneously, austenite grain boundaries commence migration during the
recrystallization process, eliminating fine grains. However, because of the incoherent misfit
between oxygen-rich Ti>Ni at the grain boundaries and the matrix, which produces a pinning
effect of oxygen-rich Ti2Ni on the grain boundaries, the migration of long grain boundaries is
hindered. The relationship between the precipitates and the grain boundaries (Fig. 11(E))
allows one to observe irregular grain boundaries having a uniform distribution of oxygen-rich

Ti2Ni in the 1000 °C/3 h sample (Fig. 11(F)).

4.3 Effect of heat treatment on mechanical properties

The formation of high-density Ti-rich precipitates is expected to strongly influence the
mechanical response of NiTi alloy. Liu et al. [78] categorized the tensile mechanical behavior
of NiTi into four stages (I, IL, III, IV), each with distinct deformation mechanisms closely
related to microstructure. The Young's moduli of the as-built, 300 °C/3 h, and 500 °C/3 h
samples fall within the range of martensite values for conventionally manufactured NiTi (Fig.
12(A)), indicating the involvement of martensitic transformation in Stage I of these samples.
The dislocation structure and precipitates in the as-printed sample would be the main
contributors that accelerate the stress-induced martensitic phase transformation process. After
300 °C/3 h and 500 °C/3 h heat treatment, martensite was formed according to our XRD and
EBSD observation, and as a result, the modulus can decrease to values lower than that of the
as-printed one. In contrast, Young's modulus of the 700 °C/3 h and 1000 °C/3 h samples are
much higher (at a level of conventionally manufactured NiT1 austenite). This change can be
attributed to the formation of high-density Ti-rich precipitates. The precipitation behavior can
increase the Ni/Ti atomic ratio in the matrix and correspondingly increase the modulus to a
value close to that for a Ni-rich NiTi alloy [79], in which the austenite phases are stabilized for

the high Ni concentration.

In comparing the upper plateau stress in Stage II for all samples (Fig. 12(B)), the 300 °C/3 h
sample was found to have a slightly lower upper plateau stress than the as-built sample. This
is attributed to the elimination of dislocations and precipitation of NisTiz. In the 500 °C/3 h
sample, the influence of such change in microstructure becomes stronger and manifests as a

significant decrease in upper plateau stress. The upper plateau stress of the 700 °C/3 h sample
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increases due to the precipitation of oxygen-rich TixNi.

The 1000 °C/3 h sample shows no stress-induced phase transformation (Fig. 1(B)), making it
unfeasible to classify the 1000 °C/3 h sample following the deformation response rule of the
NiTi alloy (strictly speaking, there is no Stage II or III here). Therefore, its upper plateau stress
is defined using its ultimate stress (Fig. 12(B)). Our results suggest that high oxygen-rich TioNi
precipitation raises the stress required for the martensitic phase transformation to a higher level

than its ultimate stress.
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Fig. 12. Comparison of mechanical responses of as-built and heat-treated samples: (A)
Young’s modulus in stage 1. For convenient discussion, the ranges of austenite and martensite
modulus for NiTi are annotated by dashed lines in Fig. 12(A), which are collected from the
literature [77]. (B) Upper plateau strength in stage II. (C) Young’s modulus in stage III.

Stage III of tensile deformation involves a complex interplay of martensitic phase
transformation, martensitic elastic deformation, and plastic deformation. A comparison of
Young's modulus in Stage III (Fig. 12(C)) shows that the contribution of martensitic elastic
deformation is the highest at 500 °C/3 h, followed by 300 °C/3 h, then as-built, and lowest at
700 °C/3 h. This difference is likely also related to precipitation behavior. The NisTi3
precipitation in low-temperature heat-treated samples lowers the stresses required for
martensitic phase transformation, making it occur more readily in Stage I and with the greatest
contribution of martensitic elastic deformation in Stage III. By contrast, samples with more
oxygen-rich Ti2Ni precipitation need higher stresses for martensitic phase transformation,
making martensitic transformation more difficult. Thus, Stage III of 700 °C has the least
contribution of martensitic elastic deformation and the lowest modulus. The brittlement

capability of the oxygen-rich Ti2Ni precipitates and the lattice distortion around them, resulting
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from the incoherent relationship between oxygen-rich TioNi and the matrix, are key factors that
contribute to the brittle fracture of the 1000 °C/3 h sample. However, Lu et al. [30] suggested
that the homogeneous nano-spherical TioNi phase could enhance the elongation of Ti-rich NiTi
alloys. This is different from the non-spherical, coarse Ti2Ni distributed along grain boundaries
found in this study. How to modulate the distribution, shape, and size of the Ti2Ni phase in Ni-

rich NiTi alloys remains to be investigated.

Based on the above, inhibiting the generation of oxides during the PBF-LB/M process is
considered the primary approach to producing additively manufactured NiTi with a ductility
similar to its conventionally produced counterpart. Effective methods for attaining this goal
include using oxygen-free NiTi powders and introducing a small amount of hydrogen to
prevent oxidation during PBF-LB/M. The success of these strategies will be extensively

evaluated in future studies.

5. Conclusions
In summary, the important findings of this study are summarized as follows:

(1) After high-temperature solid solution heat treatment, we observed abnormal
precipitation of oxygen-containing Ti-rich particles (Ti2Ni) in PBF-LB/M fabricated
Ni-rich NiTi alloy. This abnormal Ti-rich precipitate can inhibit recrystallization during
heat treatment and induce brittle failure in the presence of external loading.

(2) The formation of oxygen-rich TioNi precipitates is attributed to the decomposition of
PBF-LB/M-induced TiO2(B). The TiO2(B) is unstable at temperatures higher than
700 °C, and its decomposition induces high Ti-concentration regions near fusion lines
and grain boundaries, which prompts the formation of an oxygen-rich Ti2N1 network.

(3) Our study indicates that owing to the incoherent relationship between the Ti-rich
precipitate and matrix, these precipitates impose a pinning effect on grain boundary
growth during high-temperature heat treatment, consequently limiting the
recrystallization process. Furthermore, Ti-rich precipitates at the grain boundaries can

cause brittle fractures when subjected to a tensile test at room temperature.
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