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Abstract: The relationship between the microstructural features (such as the solidification cells and initial dislocation densities) and the tensile properties alloys additively manufactured (AM) using techniques such as laser powder bed fusion (L-PBF) and directed energy deposition (DED) is yet to be firmly established. In this work, a detailed investigation into the structure-property relations in DED 316L austenitic stainless steel (316L SS) was conducted and contrasted with that of L-PBF one. The microstructural parameters were varied systematically by changing the laser energy employed. Results show that while the sizes of grains and cells and the volume fraction of the oxide particles increase with increasing laser energy, the dislocation density decreases. Unlike the L-PBF alloy where the dislocations decorate the cell walls (with the cell interiors being relatively free of them), dislocations are distributed homogeneously in DED 316L SS. The yield strength of the DED alloys are lower than the L-PBF alloy, but much higher than that of a well annealed alloy that is manufactured in the conventional way. A Hall-Petch type relation, wherein the cell size is taken as the plastic deformation controlling microstructural length scale, cannot capture the yield strength variation. Instead, the initial dislocation density was shown to dominate both the yield strength and the work hardening behavior.
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1. Introduction
A distinct microstructural feature of many alloy components that are additively manufactured (AM) using techniques such as the laser or e-beam powder bed fusion (L-PBF and E-PBF, respectively) and directed energy deposition (DED) is the solidification cell structure [1-3]. These cells, whose sizes range from few tens of nm to microns depending on the processing method and conditions employed, are often characterized by the boundaries that contain a high density of dislocations and segregation of alloying elements with high melting points [1-3]. The exact mechanism behind the formation of such cells is still being debated. Their fine scale is often considered as the microstructural length scale that controls the yield strength, , and hence is used for rationalizing the high  observed in several AM alloys [4-7] as compared to their counterparts that are manufactured using conventional means (CM) such as casting followed by forging and annealing. The relationship between the cell features and other mechanical properties (such as fatigue), hydrogen embrittlement, creep, and corrosion resistances, etc. of AM alloys are also extensively explored [8-12].
There is, however, a critical debate as to which microstructural feature—cell structures or the high-density of dislocations—determines . Some studies reported that  of AM alloys could be well described using a Hall-Petch type relation, where the  scales with the cell size [4-7]. However, the solidification cell boundaries may not be as effective as grain boundaries (GBs) in impeding the dislocation motion, since the relative misorientation across the adjacent cells is negligible and hence dislocations can cut-across them [13]. In contrast, the initial high-density of dislocations, commonly observed in these AM alloys, were proposed as the reason behind their superior , through forest dislocation hardening in some other studies [14-17]. This mechanism was further verified by comparing the hardness of as-fabricated (AF) and heat-treated (HT) AM samples, with the reduction in hardness in HT sample ascribed to the annihilation of dislocations upon the annealing treatment [18]. 
Several studies were conducted to investigate the strengthening mechanisms in L-PBF alloys [19-22]. In situ mechanical testing revealed that cell boundaries/dislocation networks could significantly (but not completely) impede dislocation motion and result in higher strength [20]. This observation indicates that there exists potential correlation between cell size and . However, the analogy between cellular structures—and therefore strengthening mechanisms—across different AM techniques may not be a valid one due to the disparate spatial correlations between cell structures and dislocations. Bertsch et al showed that the dislocation networks always overlap with the cellular structures in L-PBF 316L austenitic stainless steel (SS), but are distributed relatively randomly without being restricted to only the cell boundaries in the DED alloy [3]. Such differences in the microstructural features could result in distinct mechanical responses of DED and L-PBF components. Although several studies that examine the above issue are available, most of them investigated only one or two samples (without much (or systematic) variation in the microstructural features) and arrived at conclusions by comparing the experimental data with the theoretical or modeling results. 
[bookmark: OLE_LINK5]Compared to , the work hardening behavior and the role of the aforementioned microstructural features on it are relatively less explored. In this context, it is interesting to note that AM alloys’ ultimate tensile strengths (UTS, ) are only marginally higher (or even similar) to  of their CM counterparts [14, 23]. This indicates that the AM alloys do not work harden as much, which could adversely affect ductility. 
Keeping the above issues in view, we have conducted a detailed study on the roles of cell structures and dislocation density on the tensile response in DED 316L SS. This alloy is one of the most thoroughly investigated metallic material in the AM field. When manufactured using DED, it is reported to consist of microstructures that are disparate from those manufactured using CM as well as L-PBF routes [24-29]. By varying the laser energies, the microstructural parameters such as the sizes of the grains and cells, and dislocation densities are systematically varied to ascertain the role of each of those features in determining the plastic properties of the printed alloy as well as those of L-PBF and CM 316L SS.

2. Materials and experiments
Gas atomized spherical powders with the nominal diameters ranging between 45 and 105 μm, commercially obtained from Höganäs AB, were utilized to manufacture 316L SS blocks via DED processing. Fig. S1a in Supplementary Information (SI) shows a representative scanning electron microscopy (SEM, JEOL 7800F) image of the as-received powders. Powder size distribution was determined by conducting size measurement on about 300 particles. As shown in Fig. S1b, the as-received powders have an average diameter of 63.5 ± 23.8 μm with the particle sizes ranging between 50 and 90 μm being dominant. The chemical composition of the 316L SS powders was ascertained using energy dispersive X-ray spectroscopy (EDS) and is given in Table S1. 

Table 1. Processing parameters used for manufacturing the 316L austenitic stainless steel in direct energy DED and L-PBF techniques.

	Process
	Laser energy, P 
(W)
	Scanning speed, 
(mm/s)
	Hatch spacing,  (mm)
	Layer thickness,  (mm)
	Powder feed rate, (g/min)

	DED
	1100
	16.7
	1.5
	1.0
	16.3

	
	1200
	16.7
	1.5
	1.0
	16.3

	
	1300
	16.7
	1.5
	1.0
	16.3

	
	1400
	16.7
	1.5
	1.0
	16.3

	
	1500
	16.7
	1.5
	1.0
	16.3

	
	1600
	16.7
	1.5
	1.0
	16.3

	L-PBF
	275
	700
	0.12
	0.05
	-



[bookmark: OLE_LINK1]The DED system used for printing of the 316L SS blocks examined in this work is the BeAM Magic 800 machine. Forty mm thick 316L SS plates with 150 150 mm2 cross-section were employed as deposition substrates after surface grinding and sand blasting. Flowing argon gas was utilized as the shielding gas to prevent oxidation of the melt pool during the deposition. The processing parameters used for manufacturing the 316L coupons are listed in Table 1. As seen from it, the laser energies, P, were varied from 1100 to 1600 W, with a 100 W increment, while all the other parameters were kept constant. Hereafter, 316L austenitic steel blocks printed using P =1100, 1200, 1300, 1400, 1500, and 1600 W are referred as 1100, 1200, 1300, 1400, 1500 and 1600 for brevity. The scanning strategy employed to fabricate them was bidirectional pattern within each layer and 90° rotation for successive layers. Cubic blocks with the dimension of 272727 mm3 for microstructural characterization and tensile tests were produced.
For comparison purposes, one 503030 mm3 L-PBF 316L SS block was fabricated using the SLM 500 system with processing parameters listed in Table 1 and powders with the size range of 15-45 μm in diameter. The checkerboard scanning strategy with an island size of 55 mm2 and 90° rotation of scanning direction between successive layers was employed for this purpose. 
[bookmark: OLE_LINK2]For the microstructural characterization, small pieces were machined using electrical discharging machining (EDM) with surface plane normal either parallel or perpendicular to the build direction (BD). (These will be referred to as BD and transverse direction (TD), hereafter.) They were subsequently polished as per the standard metallurgical methods. The relative densities of all DED blocks were measured using the Archimedes’ principle. The size, shape and distribution of porosity was characterized using optical microscopy (OM). Microstructures of AF and deformed samples were examined using SEM. Electron backscatter scanning diffraction (EBSD) measurements were performed using the Oxford Instruments Symmetry EBSD detector equipped within SEM. A step size of 0.5 μm was utilized to evaluate grain size, orientation and potential texture, and a smaller step size of 0.1 μm was employed for the compositional mapping. Inverse pole figures (IPF) extracted from EBSD mapping were used to measure the grain size, D. The polished pieces were etched using the V2A etchant for characterization of sub-grain features [30]. The solidification cell size, d, was determined based on SEM images using the linear intercept method. (For clarity, we shall refer cellular structures/cells in this paper to those cells featured by elemental segregation, instead of dislocation cells). For transmission electron microscopy (TEM, JEOL 2100F) analysis, thin foils were extracted and ground to about 70 μm, electropolished subsequently using a 10% nitric in methanol electrolyte that was maintained at a temperature between -10 to -20 °C [21]. EDS mapping was conducted using EDS detector available in either SEM or TEM. 
Flat dog bone shaped tensile samples with their axis oriented along either BD or TD were machined from cubic blocks for uniaxial tensile tests. Their dimensions are the following: 6 mm in gauge length, 2 mm in width, and 1 mm in thickness, according to the ASTM standard E8/E8M-13a. Tensile tests were performed at a nominal strain rate of  s-1. The displacement was measured using a non-contact video extensometer. At least three samples were tested for each block and orientation. 

3. Results
3.1. Porosity and microstructural features
Figs. 1a, b, and c show representative optical micrographs of 1100, 1300, and 1500 samples along the TD orientation. Spherical gas pores that are several to tens of micrometers in diameter, which are distributed randomly within the printed blocks, can be observed. While the lack of fusion (LoF) defects with irregular shape are observed in both 1100 and 1300 blocks, none could be seen in the 1500 block. This suggests that P of up to 1300 W is not high enough to achieve complete melting of the powder particles and compact bonding between the adjacent layers. Spherical unmelted powders are occasionally observed within the LoF defects (Fig. 1a). An increase in P to 1600 W led to keyhole porosity (see Fig. S2 for a representative optical micrograph). 
[bookmark: _Hlk87346566]The relative density of the blocks, , measured using the Archimedes principle, was plotted in Fig. 1d as a function of P. A linear increase in  with P until P = 1500 W is seen. Further increase in P to 1600 W results in a precipitous reduction in . Thus, the peak in  (~99.26%) occurs at P = 1500 W. Keeping this in view, subsequent microstructural and mechanical characterization was mainly performed on blocks printed with P between 1100 and 1500 W.
Figs. 2a to f show the microstructures through IPF images obtained on 1100, 1300, and 1500 samples. While the BD planes are displayed in the first row, TD planes are displayed in the middle row. Random distribution of grains, irrespective of P and orientation, without any strong texture, is seen. The multiple of uniform density (MUD) values calculated for low-index planes are typically smaller than 10. Viewing along the BD orientation, grains exhibit quasi-equiaxed morphology with curved boundaries; stray small grains are occasionally seen within the large grains. Both equiaxed and columnar grains are observed along TD orientation. While fine equiaxed grains are located along the melt pool boundaries, columnar grains form adjacent to equiaxed grains and are aligned with BD. The observed equiaxed grains could be ascribed to break down of epitaxial growth across melt pool boundaries, which is confirmed by OM images of etched samples shown in Fig. S3. The corresponding IPF images of 1200 and 1400 blocks are displayed in Fig. S4. They reveal similar grain features in these blocks. The equivalent grain sizes, D (determined based on IPF images), in the BD and TD planes are plotted in Fig. 2g as a function of P. It shows that the average D ranges between 41.2 and 75.2 μm in the DED blocks, with a large scatter associated with each condition. In general, there is an increase in D with P in both BD and TD planes. In addition, TD planes exhibit a larger D compared to that of BD planes, which is due to the coarse columnar grains. 

Table 2. Cell size, , average grain size, , and dislocation density, , of the DED 316L SS blocks fabricated.

	P (W)→
Feature↓
	1100
	1200
	1300
	1400
	1500

	 (μm)
	4.280.20
	4.830.43
	5.320.25
	5.850.52
	5.940.38

	(μm)
	41.219.0
	45.123.4
	52.924.7
	67.026.9
	75.229.6

	 (1014 m-2)
	1.720.06
	1.310.09
	0.990.03
	0.830.06
	0.710.07



EBSD phase mapping (Fig. 2h) conducted on various blocks with much lower step size of 0.1 μm reveals that the AF DED 316L SS is fully austenitic without the appearance of any ferrite. While dispersed retained ferrite along cell boundaries is reported in other DED 316L SS blocks [24, 25, 29], the absence of ferrite in the microstructures of the present alloys is most likely due to micro-segregation of Ni, the austenite stabilizing element, along the cell boundaries (as shown later).
Cellular structures with columnar morphology are observed in all the DED 316L SS blocks. Figs. 3a to c show representative SEM images of them in etched samples, viewed along BD. The cells are approximately hexagonal in shape and a sharp contrast between their interiors and the boundaries, which is partly due to elemental micro-segregation as shown later, is noted. The average values of the cell sizes, , are plotted in Fig. 3d as a function of P and listed in Table 2. The figure demonstrates that d, which ranges from about 4.28 to 5.94 μm, increases monotonically with P, for up to P = 1400 W, whereafter it appears to plateau. While the trend in d vs. P is broadly similar with that seen in D vs. P, the scatter is considerably lower in the former. Importantly, d is about one order of magnitude larger than those reported in L-PBF 316L SS as well as other alloys manufactured using either L-PBF or E-PBF [19-22, 31]. The coarser d in DED alloys is expected considering the fact that the cooling rate, on which cell size (specifically, cell spacing) is highly dependent [32, 33], is considerably lower (102 to 104 K/s [34, 35], i.e., by two to three orders of magnitude) than that in the L-PBF process [32, 36]. 
EDS mapping conducting on the AF DED blocks in SEM shows compositional micro-segregation along the cell boundaries, as shown in Fig. 4. The solidification cell boundary regions are enriched in Cr, Mo and Ni while being depleted in Fe. While the distribution of Fe, Cr and Mo observed here is consistent with that reported in other studies on DED 316L SS [25, 29], the micro-segregation of Ni (although the enrichment of Ni along cell boundaries appears not as prominent as Cr and Mo) is in contrast with the earlier reports wherein enrichment of Ni in cell interiors was observed [29]. This could be due to differences in the thermal histories originating from different processing parameters and laser scanning strategies. However, detailed studies on the underlying mechanisms, with a focus on the solidification process, are required for a complete understanding of this phenomenon.
Randomly distributed spherical particles that are sub-micron in size, as shown in the SEM images (Figs. 3a to e), were observed in all the fabricated blocks. They are identified to be oxides enriched in Mn and Si (Fig. 5a). Such oxides formed during processing are prevalent in both L-PBF and DED 316L SS [21, 25]. It was pointed out that although low oxygen environment or shielding gas was provided to prevent oxidation of melt pool during the AM process, oxidation of Si and Mn was only mitigated to some extent—instead of being completely avoided—due to their high reactivity at high temperature. A detailed analysis of the oxides in different blocks reveals that both their size () and volume fraction () increase monotonically with P, as displayed in Fig. 5b. This trend is in line with the expectation that a higher P enhances the oxidation (leading to higher volume fraction of the oxides in the alloy) and reduces the solidification rates (allowing for the coarsening of the oxides). Nonetheless, the overall  of the oxides is less than 1% and does not adversely affect the mechanical properties (as we shall see later).
TEM characterization reveals that all the blocks contain a high density of dislocations in the AF condition, which is a common feature associated with various AM metals [20, 37, 38]. Figs. 6a to c show representative bright field TEM images of them. Instead of forming dislocation cells that are commonly reported in other AM alloys [1-3, 20], dislocations in the DED 316L SS samples of the present study are distributed homogeneously within the matrix. The variation of dislocation density, , which is determined using the line-intercept method [39], with P is displayed in Fig. 7f. A monotonic reduction in  with increasing P can be seen (see Table 2 for details), with   in the 1100 block being more than twice that in the 1500 block. The values of   measured here agree well with those reported in other DED 316L SS that utilized a similar measurement method [3].

3.2. Tensile properties

Table 3. Tensile properties of the DED 316L austenitic stainless steel.

	
	BD
	
	
	TD
	
	
	Average

	P (W)
	 (MPa)
	 (MPa)
	 (%)
	 (MPa)
	 (MPa)
	 (%)
	 (MPa)

	1100
	32728
	50852
	35.3
	41123
	58527
	18.3
	36927

	1200
	3132
	51612
	38.14.5
	38212
	59013
	36.34.9
	3488

	1300
	30313
	52616
	38.48.3
	36621
	5789
	37.46.4
	33516

	1400
	2953
	5255
	47.72.1
	32212
	55916
	42.43.5
	3097

	1500
	2918
	52011
	52.76.8
	3048
	542
	44.86.9
	2988



[bookmark: OLE_LINK9]Representative tensile stress-strain responses of different samples tested in TD and BD orientations are displayed in Figs. 7a and b, respectively. Average values of  (determined as flow stress at 0.2% plastic strain), , and elongation to failure () are listed in Table 3 and are plotted in Figs. 7c and d for TD and BD orientations, respectively. They show that in both the orientations,  decreases monotonically with P while  increases. Taking coupons loaded along TD as example,  of 1500 block is ~30% lower than that of the 1100 block, while  is more than double (Table 3). Moreover, the mechanical properties are consistently anisotropic; both  and  in the TD orientation are always higher than the respective properties in the BD orientation while being inferior in . This observation is similar to those reported in other DED 316L SS [4, 29], which is a result of the combined effect of several factors, such as columnar grains and defects [40]. The observed substantial difference in the mechanical performance of the alloys produced with different P is most likely due to disparate characteristic microstructural length scales and  developed under different thermal histories, which will be discussed in detail later.
It should be noted that the variations in  are relatively small, especially in the BD orientation. The striking difference in  and marginal variation in  (Table 3 and Figs. 7c and d) imply that the work hardening capability of the alloy is sensitive to the processing condition. For instance, the difference between  and , , an indicator of the extent of the work hardening, in the 1500 block tested along BD orientation is about 229 MPa—higher than that in the 1100 block, which is high enough to compensate the 36 MPa lower in , leading to approximately equivalent  in both 1100 and 1500 blocks. The superior work hardening capability of blocks manufactured using high P is further highlighted through a comparison of the ratios (r) of the  to the corresponding  (estimated r values are 0.55, 0.74 and 0.79 in the 1100, 1300 and 1500 blocks loaded along BD, respectively).
Variations of the strain hardening rate ( in the plastic regime with the true strain are displayed in Fig. 8a. The DED 316L SS samples manufactured using higher P have higher initial  (as highlighted in the inset) and a longer work hardening regime, giving rise to the observed superior work hardening capability. Represent true stress-strain responses of the 1100, 1300 and 1500 blocks loaded along the BD orientation are shown in Fig. 8b on a log-log plot. In all cases, a two-stage work hardening behavior, which is typical of 316L SS [41, 42], could be noted. Such a hardening behavior is attributed to the transition of the dominant dislocation slip mode with increasing plastic strain. While planar slip dominates the low-strain regime, cross slip plays a leading role in high-strain regime [41]. 
The relationship between stress and strain during plastic deformation of polycrystalline metallic materials could be described as [41, 42]:
						  	               	(1)
where  is the true stress,  is the true plastic strain,  is the work hardening coefficient,  is the work hardening exponent. For the DED 316L SS,  and  are employed here as work hardening exponents for stages Ⅰ and Ⅱ, respectively, which are illustrated in Fig. 8b for the 1100, 1300 and 1500 blocks, and are listed in Table 4. It appears that irrespective of loading direction, an increase in both their values with P is noted. This indicates enhanced work hardening capability and therefore superior ductility in blocks manufactured using high P. Also, anisotropy in their values was seen, as samples tested along BD orientation exhibit higher  and  values (Table 4).
Values of the true strain at which transition from stage I to II in work hardening takes place, , is determined using the tangent-intersection method, as illustrated in Fig. 8a [30]. Average  (of BD and TD orientations) values are also listed in Table 4. A monotonic increase in  with P can be noted. 

Table 4. Values of the work hardening exponents,  and , and the transition strains, .

	
	
	
	                         
	Averages
	

	P (W)
	BD)
	BD)
	TD)
	TD)
	             
	 (%)

	1100
	0.104
0.007
	0.302
0.037
	0.103
0.011
	0.242
0.031
	0.103
0.009
	0.272
0.030
	1.58
0.23

	1200
	0.117
0.011
	0.320
0.014
	0.109
0.018
	0.269
0.027
	0.113
0.018
	0.295
0.020
	2.01
0.11

	1300
	0.121
0.019
	0.349
0.048
	0.118
0.027
	0.265
0.032
	0.119
0.020
	0.307
0.040
	2.26
0.27

	1400
	0.148
0.022
	0.379
0.030
	0.138
0.018
	0.290
0.021
	0.143
0.021
	0.335
0.026
	2.47
0.33

	1500
	0.148
0.014
	0.392
0.022
	0.140
0.011
	0.311
0.026
	0.144
0.013
	0.351
0.024
	3.04
0.37



4. Discussion
4.1. Dislocation arrangements
Solidification cellular structures within the microstructures of a variety of alloys manufactured using the L-PBF technique are widely reported [19-22]. These cells are typically a few tens of nm in diameter. While their walls have high dislocation densities, the interiors are relatively-free of dislocations; this arrangement is thought to be energetically favorable [43]. It is generally believed that the solidification cellular structures in DED 316L SS are also similar, except that their length scale is much larger [3, 20, 22]. The observation of homogeneously distributed dislocations in the DED 316L SS of the present study (Figs. 6a to c) suggests that the processing-induced high-density dislocations in AM alloys are not always organized into low-energy network configurations, although the high temperatures that prevail during L-PBF and DED processes will favor them. Before rationalizing the unexpected dislocation arrangement that was observed here, a brief description on the origin of dislocations (and their networks) in AM components is essential. Bertsch et al. [3] suggested that the high-density dislocations in L-PBF and DED 316L SS are a direct result of the plastic deformation that occurs upon thermal expansion and shrinkage due to thermal cycles that the solidified layer experiences during fabrication. Likewise, Wang et al [44] proposed that compression-tension cycles due to localized thermal heterogeneity help generate high density of dislocations in L-PBF Cu. Thus, the formation of dislocation networks in AM components is analogous to that of CM counterpart alloys that are subjected to strain-controlled cyclic fatigue loading [45-47]. 
The TEM characterization performed in this study reveals that there exist a few planar slip bands in the AF DED 316L SS samples, which are likely a result of the deformation after solidification upon thermal cycles. Figs. 9a and b show typical planar slip bands observed in 1300 and 1400 alloy samples, respectively. The primary planar slip bands are parallel to each other, with dislocations in them arranged into bundles. Notably, the dislocations entrapped in the slip band regions do not appear to be heavily entangled. The dislocation bundles are quite wide, having the size of hundreds of nanometers. Such structure is similar to the dislocation arrangement observed in CM 316L SS after only 8 loading cycles [47], but is in striking contrast to that developed upon tens of loading cycles. In the latter case, planar dislocation structures thinner than 100 nm containing dense and tangled dislocations are identified [45-47]. In addition, dislocation-free regions adjacent to planar structures are reported in fatigued CM alloy samples [45-47], while only a slight reduction in dislocation density is detected here. All these observations demonstrate that although high-density dislocations (of the order of 1014 m-2) are generated during DED, subsequent compression-tension cycles could only slightly manipulate dislocation configurations and do not lead to an organization of them into dislocation networks. The key factors that are responsible for this could be the large hatch spacing and layer thickness, which are about one order of magnitude higher than those used in L-PBF processing [20]. The number of tracks per unit volume reduce substantially with increasing hatch spacing and layer thickness. An approximate estimate shows it is about two orders of magnitude lower for the DED of the present study than that of L-PBF processing. Consequently, localized thermal cycles, and therefore mechanical compression-tension cycles, are rather limited in DED. This deduction is supported by the fact that dislocation networks are observed in the DED 316L SS that was printed using lower values of hatch spacing and layer thickness [3].
Another feature that resists the formation of dislocation networks could be the presence of the oxide particles in the microstructure in DED 316L SS. As shown in Fig. 9c, dispersed oxides act as obstacle for dislocation motion and inhibit random evolution of dislocation pattern. However, this may not the key factor due to the following reasons: 1) oxide particles are weak obstacles (as shown later) and 2) L-PBF 316L SS containing oxide particles with lower spacing is also featured by dislocation networks [21].

4.2. Strengthening mechanisms
Compared to their CM counterparts, AM alloys that are processed using the L-PBF, E-PBF, and DED techniques exhibit significantly higher yield strengths [14, 19, 48], which is also the case for the DED 316L SS examined in this study. Such high  values are often attributed to the substantial refinement in the microstructural length scales (such as the grain size), enhanced solid solution strengthening (SSS), and sub-micron scale solidification cell structures inherent to the aforementioned processes [19-22, 31]. Since 316L is not a solid solution strengthened alloy, it is irrelevant in the current context and hence will not be discussed. With respect to the role of solidification cells, whose walls are often decorated with high densities of dislocations, whether cell size sets the length scale in the Hall-Petch relation or strengthening arises from forest dislocation mechanism is still being debated [19-22]. We examine these aspects critically for the DED 316L SS, as it contains a high density of dislocations that are uniformly distributed.
[bookmark: OLE_LINK6][bookmark: _Hlk87285990]First, we note that the enhancement in  occurs irrespective of its orientation with respect to the loading direction (Table 3). Therefore, the average values of  and , listed in Tables 2 and 3, respectively, are used for the analysis to reduce the complexity since both the grain size and strengths are anisotropic. Then, the strengthening contribution that arises from the grain size refinement, D, is estimated using Hall-Petch relation for the well-annealed 316L SS reported by Kashyap et al [49], D (MPa) = 204.6 (MPa) + 144.3 (MPaμm0.5) (D(mm))-0.5 (see Fig. S5). Note that the value of 204.6 MPa also includes the contributions of lattice friction and SSS (if any) contributions. Since Kashyap et al reported a two-stage Hall-Petch relation with transition point corresponding to =7 μm [49], only the data measured with  ranging from 7 to 100 μm is utilized for deriving the above relation. (Recall that  in the DED 316L SS of the present study ranges from 41.2 to 75.2 μm.) The variation of  as a function of P for the DED 316L SS is displayed in Fig. 10a. While a systematic reduction in D with P can be seen, the overall variation is marginal, i.e., the Dof 1100 alloy is only 6 MPa higher than that of the 1500 alloy. This observation indicates that the grain size refinement is not a major contributor to the overall difference in  of the DED blocks produced using different P in the present study.
[bookmark: _Hlk87286141]Next, we examine the strengthening contribution from the oxide particles, D, which is similar to that of the oxide dispersion strengthened (ODS) steels [50]. The following modified Orowan equation [51] is well-established for estimating D:
D,							     (2)
where  is the Taylor factor (taken as 3.05 [52]),  is the shear modulus (75 GPa for 316L SS [53]),  is the Burgers vector (0.257 nm for 316L SS [22]),  is the Poisson’s ratio (taken as 0.3 [53]), and  and  are the mean radius and the volume fraction of oxide particles, respectively. Variation of D with P is plotted Fig. 10a. From it, we note that it ranges between 11 and 16 MPa, which is only marginal (both in terms of the absolute value as well as the range). Compared to the particles in ODS steels, oxide particles in DED 316L SS are larger in size (0.35 to 0.65 μm in diameter) and are spaced widely (average spacing of 1.5 to 2 μm). Therefore, their strengthening contribution is rather limited. The overall smaller range in D observed indicates that oxide particles are also not the reason for the variations in sy with P of the DED 316L SS examined in the present study.
	Consequent to the above observations, a substantial portion of the experimental sy still needs to be reconciled. Only the following two possible mechanisms remain: 1) cell boundary strengthening (CBS) and 2) strengthening caused by enhanced dislocation densities (DS). For CBS, for L-PBF alloys in particular, high sy values are often rationalized by replacing D with d in the Hall-Petch relation [19]. While this appears reasonable prima facie, the usage of the slope of the sy vs D-0.5 data that was obtained on polycrystalline alloys (which arrest dislocations) for sy vs d-0.5 data may not be correct as cell boundaries may only impede dislocation motion and NOT arrest them as GBs do [20]. To examine this critically, we have conducted the following additional experiments.
Tensile samples of 1300 block and L-PBF alloys with axis along TD were polished and etched, and then loaded to a total strain of 5%. After unloading, microstructural examination of the deformed specimens was performed in a SEM to characterize the deformation features. Scratches were introduced on the deformed sample surfaces intentionally after SEM characterization to serve as markers. EBSD mapping was conducted to determine the grain orientations and locate grains with <110> orientation. Finally, scanning probe microscopy (SPM) measurements were performed to obtain 3 dimensional (3D) tomographs of the slip bands using a Bruker TI 980 Triboindenter. The scanning rate, resolution, and scanning area were programmed as 1 Hz, 2048 and 3030 μm2, respectively.
[bookmark: OLE_LINK19][bookmark: _Hlk84690476][bookmark: _Hlk84690523]Representative scanning transmission electron microscopy (STEM) images of the DED and L-PBF 316L SS are displayed in Figs. 11a and b, respectively. Relatively large cells with homogeneous dislocation arrangement within them is seen in the DED 316L SS (Figs. 6 and 11a). In contrast, sub-micro-scale cells with an average size of about 0.47 0.07 μm (see Fig. S6 for SEM image of cells) overlap with dense dislocation networks in L-PBF 316L SS (Fig. 11b). Post-deformation SEM characterization reveals disparate slip band features as well (Figs. 12a and b). In the DED sample, fine, dense, and uniformly spaced planar slip bands propagate across the cell boundaries and terminate at the GB. Observation of sharp and evenly spaced slip bands indicates that the cell boundaries are weak obstacles to dislocations and can be cut through easily. It is also clear that the oxide particles do not deflect the slip bands. In contrast, the slip bands in L-PBF 316L SS are sparse, diffuse, and relatively more wavy in nature (Fig. 12b).
Typical results of the SPM characterization are shown in Figs. 13a to f. To eliminate the effect of grain orientation, these images were all captured in grains with the <110> orientation. It should be noted that the cell boundaries are much more corrosion-resistant as compared to the cell interiors, due to elemental enrichment (such as Cr and Mo) [54], leading to protuberant cell boundaries after etching. SPM characterization shows that fine and dense slip bands penetrate through the cellular structures and are predominant in DED 316L SS (Fig. 13a), which can be further visualized by the corresponding 3D SPM images (Figs. 13b and c, which are obtained from top view and 40° rotation along horizontal axis, respectively.). In fact, the shear offsets of these slip bands are very low, as evidenced by the marginal height difference (viz. color variation) associated with slip bands (Figs. 13b and c). Quantitative measurements reveal that the average shear offset and spacing of these slip bands are 5.63 1.14 nm and 0.660.07 μm, respectively. In contrast, the average shear offset and spacing of slip bands in L-PBF 316L SS are nearly an order magnitude larger (65.1720.33 nm and 4.490.32 μm, respectively; Figs. 13d to f), indicating that while plastic deformation is homogeneous at the macro-scale, it localized in nature at the micro-scale. The latter created alternating valleys and ridges on the sample surface (Fig. 13f). Such striking contrast between slip bands in DED and L-PBF 316L SS samples was also observed on the deformed grains with other orientations (Fig. S7).
The disparate slip band features observed in L-PBF and DED 316L SS indicate that cellular structures within two samples play different roles during deformation. For the L-PBF 316L SS, dislocation networks overlap with the cell boundaries (Fig. 11b), making the boundaries strong obstacles for dislocation motion. This enhances the tendency for slip planarity wherein dislocations are forced to glide on a limited number of planes, causing pile-up of dislocations at the cell boundaries and eventual shearing through them when some critical threshold stress on the leading dislocation in the pile-up is exceeded [55-58]. Such slip planes subsequently act as “channels” with lowered resistance to dislocation motion [59], leading to micro-scale localized deformation featured by slip bands with larger spacing and shear offsets (Figs. 13d to f and S7d to f). In the DED 316L SS, dislocations are distributed uniformly across the sample (Figs. 6a to c and 11a). Cell boundaries without the decoration of dislocation networks are relatively weak obstacles for dislocation motion and could be cut through easily. The homogeneous dislocation arrangement favors activation of the slip on multiple slip planes and facilitates cross slip, resulting in fine and dense slip bands (Figs. 12a and 13a to c). The comparison of slip bands in L-PBF and DED 316L SS demonstrates that the high-density dislocations, instead of elemental segregation or any other features related to cellular structures, are the key factors that influence the mechanical response. As dislocation networks were reported to have no direct spatial correlation with the cellular structures in DED 316L SS [3] (which agrees well with our results) and cell boundaries with only elemental segregation are easily sheared by dislocations (Figs. 12a and 13a to c), a key conclusion that  of DED 316L SS in this work is not dependent on cell size  can be drawn. As for L-PBF 316L SS, it is still challenging to determine if  could be described using the Hall-Petch type relation by taking cell size (or dislocation network size as they always overlap with each other in L-PBF alloys [3]) as reference, or be calculated following Taylor’s strengthening model [60]. 
On the basis of above observations and conclusions, we evaluate the contribution of DS, DsDS, to sY of DED 316L SS, using the Taylor’s relation that relates DsDS to the dislocation density, r, as [60, 61]:
[bookmark: OLE_LINK8]D 							     (3)
where  is a constant (0.16 for the 316L SS [61]). Variations of predicted (using Eq. 3) and experimental (DsDS = sY – (D+ D)) values of D with P are plotted in Fig. 10b. A good correlation between those two suggests that the monotonous reduction in  with increasing P is a consequence of lower initial r and therefore reduced D.

4.3. Work hardening behavior
The strikingly different  but similar  indicates that the work hardening capability varies significantly in various DED 316L SS. A key factor for the relatively low initial hardening rate in samples with low P can be the higher initial dislocation density (Fig. 6), which provide more mobile dislocations at the beginning of plastic deformation [62]. To evaluate the effects of P and the resultant microstructures on work hardening capability, the values of  and  measured along BD and TD are averaged and are employed for further analysis. Additionally, as stage Ⅱ accounts for the dominant part of the plastic deformation, discussion is focused mainly on . Earlier studies examined the influence of factors such as D, appearance of ferrite, and the stacking fault energy (SFE) on  of 316L SS [30, 41, 63]. For D > 6 μm, the influence of D on  in well-annealed 316L SS was reported to be negligible [41]. Since D of DED 316L SS of the current work ranges from 41.2 to 75.2 μm, the observed variation in  with P is unlikely to be due to variation in D. Also, since no ferrite was observed in the microstructures of the DED blocks (Fig. 2h) and all the DED blocks are manufactured using powders with the same chemical composition and exhibit similar elemental segregation, the other two factors are also ruled out. 
It is proposed that the intrinsic factor leading to different  in samples with various characteristic length scales (such as D and particle spacing) is the dislocation mean free path, , wherein a smaller  results in a reduced  and poor work hardening capability [63]. To examine if the different  values observed in the DED 316L SS are due to the variance in the dislocation densities, variation of  with  () are plotted in Fig. 14a. It clearly shows that for the DED 316L SS,  is sensitive to , increasing linearly with . Data reported for CM 316L SS with a similar grain size of 64.0 μm [41] are also shown for comparison. It appears that for the CM 316L with low-density dislocations (taken as  [64]), is not dependent on  calculated based on  (where =1 μm, which can be larger with lower ). This observation is well expected considering that some other factors may determine  in well-annealed alloys in which r is low [65]. Notably, the difference in dependence of  on  determined using  in DED and CM 316L SS partially rationalizes the observation that   is dependent on D, for D smaller than ~6 μm in CM 316L SS [41]. For CM 316L SS,  is approximately equal to D/2 in very small grains, rather than the average dislocation spacing of several micrometers.
The observed monotonic increase in  with P indicates extended planar slip period in blocks manufactured using higher P. Similar to the case of , the critical factor that controls this behavior is . Wang et al proposed that in the face-centered cubic (FCC) metals, the cross slip activity is proportionally to  and the density of cross-slipped segments of dislocations, , could be calculated as [66]:
								     (4)
where  is a constant. For blocks with initial lower density dislocations, an extended planar slip regime (and therefore larger ) is necessary to have sufficient  (through dislocation multiplication) for the subsequent cross slip regime. The plot of  vs.  for DED 316L SS displayed in Fig. 14b shows that a linear increase with  with a decrease .
The superior work hardening capability in blocks manufactured using low P leads to enhanced ductility. This is illustrated in Fig. 14c wherein the uniform elongation, , in the tensile tested specimens is plotted as function of  of the DED alloys of the present study as well as those reported for L-PBF, binder jet printed (BJP), and CM 316L [30, 41]. The figure clearly demonstrates that irrespective of the manufacturing route,  increases linearly with , which is in good agreement with that expected from the Considère’s criterion for the onset of necking [67].

5. Conclusions
A systemic investigation on the microstructural features such as grain and cell sizes, oxide particle volume fraction, and dislocation density and their influence on the tensile properties of the DED 316L SS was conducted. The following are some of the key conclusions that can be drawn based on the work performed in this study.
1) The size of grains, cells and oxide particles increases monotonously with the laser energy used to fabricate the DED 316L SS while the dislocation density decreases. Dislocations were observed to be distributed homogeneously within the cells, instead of organizing themselves into low-energy dislocation networks or cells, which is typically observed in LPBF alloys. 
2) The cell boundaries, to which segregation of the alloying elements occurs, do not appear to provide much resistance to the dislocation motion and are easily penetrated through by slip bands. Hence, the critical factor that determines the yield strength of DED 316L SS is the dislocation density, rather than the cell size.
3) The work hardening capability of DED 316L SS decreases with increasing dislocation density. A lower dislocation density contributes to enhanced initial work hardening rate, higher work hardening exponent and superior ductility.
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