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Abstract: Directed energy deposition (DED), as integral component of additive manufacturing (AM), has achieved continuous progress in past decades and is now performing as promising alternative manufacturing technology for components employed in various industrial applications. This review paper describes DED technique, presents typical microstructure evolution and discusses mechanical responses of DED components upon different loadings. Microstructures and mechanical properties of commercially available materials, including steels, Ti alloys and Ni-based superalloys, are presented in detail and compared to their conventionally manufactured (CM) and laser beam powder bed fusion (LB-PBF) counterparts. In addition, the relationship among processing, microstructures and properties is explored based on available DED studies to gain in-depth understanding of DED technique. The application of DED on manufacturing of functionally graded materials (FGM) and component repair is elaborated with special concentration on issues encountered and possible solutions. Finally, some critical issues and research needs to help develop DED and extend its applications are discussed.
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Nomenclature
AM       			additive manufacturing
AT                 		aging treatment
BCC      			body-centered cubic
CAD      			computer aid design
CET      		columnar to equiaxed transition
CM                		conventionally manufactured
DED   			directed energy deposition
EBSD     			electron backscatter diffraction
EDS      			energy dispersive X-ray spectroscopy
FCC       			face-centered cubic
FGM      			functionally graded materials
GND      			geometrically necessary dislocation
GB      			grain boundary
HAGB    			high angle grain boundary
HCF      			high cyclic fatigue
HIP       			hot isostatic pressing
HSAT              		homogenization, solution, and aging treatment
LAGB     			low angle grain boundary
LB-PBF          			laser beam powder bed fusion
LCF      			low cyclic fatigue
LoF      			lack-of-fusion
M                                     	martensite
PCAS     			primary cellular arm spacing
PFS       			powder-feeding system
PH       			precipitation hardening
SAT               			solution and aging treatment
SEM      			scanning electron microscopy
SS        			stainless steel
ST                 		solution treatment
STEM     			scanning transmission electron microscopy
TEM      			transmission electron microscopy
UTS      			ultimate tensile strength
WFS      			wire-feeding system
XRD      			X-ray diffraction
                                       	anisotropy index
                                     	anisotropy in yield strength
                                     	anisotropy in elongation
        			diffusion coefficient of solute in liquid
                 		global energy density
        			linear heat input
                                     	normalized energy density 
        			volumetric energy density
         			temperature gradient
        			number of nucleation sites
         			heat source energy
         			solidification rate
                 		surface roughness
         			cooling rate
                  		laser spot size
         			layer thickness
         			primary cellular arm spacing
γ                                        	austenite
δ                                        	ferrite
                 			width of single track
                                      	elongation at failure
         			volume fraction of equiaxed grains
         			scanning speed
        			tensile properties along horizontal direction
        			tensile properties along vertical direction
        			yield strength
                                  	ultimate tensile strength


1. Introduction
Additive manufacturing (AM), widely known as three dimensional (3D) printing, produces near-net-shape components of the desired geometry in a layer-wise fashion using the computer aided design (CAD) models [1][2-4]. Amongst the several advantages AM offers, the ability to manufacture parts with complex designs, often using only one processing step combined with the minimum wastage of the raw material, is perhaps the most attractive feature [1-3]. As a result, considerable current interest on it—both from research and technological perspectives—for wide ranging applications in automotive, marine, aerospace, and biomedical fields exists [1-4].
This review’s focus is on AM of metallic components, and, in particular, using the directed energy deposition (DED) technique. A variety of methodologies for metal AM are being pursued over the past few years. Amongst them, those which use powders as the raw materials are the most popular. These can be categorised into three distinct groups. In the powder bed fusion (PBF)-based techniques, either a laser (LPBF) or an electron beam (EPBF) is used to fuse, line-by-line and then layer-by-layer, selected areas of the powder beds to fabricate the desired part [6, 7]. By far, these are the most widely explored metal AM techniques. While the binder jet printing (BJP) also uses a powder bed, it differs in the working principle (and hence is considered as an indirect method). In it, a polymer-based binder is used to bond the powder particle in the desired areas of the powder beds; the ‘green’ preform is then sintered to remove the binder and fuse the metal particles. On the other hand, DED does not involve powder beds; rather the feedstock material (in most cases, powder), which is injected through the energy beam’s focal point, melts during the flight before being deposited on the substrate. More details and the relative advantages/drawbacks of it over the other AM techniques are provided in the next section. Due to certain unique advantages it offers, AM using DED is drawing increasing interest—both from scientific and technological perspectives—and DED of a variety of metallic materials such as steels, Ti-based lightweight alloys, and Ni-based superalloys [15-17] are being studied with focus on the thermal history, microstructure, and mechanical property relations [19-22]. They reveal heterogeneous, hierarchical, and anisotropic solidification structures, which differ from that of conventionally manufactured (CM) counterparts (and are also distinct from the other metal AM technique), in the DED components [17, 23]. The complex thermal history inherent to DED process, that varies significantly with materials, processing parameters and scanning strategies, is a key factor that determines the observed disparate microstructural characteristics [1, 23]. In the DED techinqie, the feedstock delivered to the molten pool is subjected to rapid melting and solidification followed by cyclic reheating. Due to the intrinsic rapid cooling rates, the solidification process is typically far from equilibrium, resulting in metastable microstructures (whose composition is non-equilibrium in nature) that are not feasible within CM counterparts [1-3, 23]. The disparate microstructures (such as columnar grains, cellular structures, dispersed defects, etc.) impart unique mechanical behavior to the DED alloys [23-28]. 
A comprehensive understanding of relations among the process parameters, resulting microstructural characteristics, and the influence they exert on the mechanical performance of the DED alloys is yet to be developed. Keeping this in view, the available literature on DED alloys, with specific attention on the processing parameter optimization, microstructural characterization, and mechanical performance evaluation in DED alloys is reviewed in this paper. 
This paper is organized in the following manner. A detailed description of the DED process and its relative merits (over LPBF, which is the most widely studied AM technique for metals) are provided in Section 2. Typical microstructural features in the DED alloy components are discussed in Section 3 and a summary of their mechanical properties is presented in Section 4. Some unique applications of DED techniques, including fabrication of FGMs and component repair, are discussed in Section 5. This review closes with the identification of future directions for research on this exciting AM technology (Section 6).
Compared to PBF [6, 7], DED is characterized by some advantages that make it more competitive for industrial applications [2, 8]. First, DED process is typically conducted with higher feedstock feeding rate and therefore lower lead time relative to other AM processes, exhibiting superior manufacturing efficiency [9]. Second, DED process enables production of large parts with dimensions at the level of several meters and weight of hundreds of kilograms [10, 11]. As for PBF, however, it is reported that volumes of deposited parts are typically less than 0.03 m3 due to limitation of a few factors, such as enclosed working envelope [2]. Third, DED process is compatible with various raw materials in terms of both powders and wires, while the feedstock for PBF is strictly constrained to powders. Fourth, functionally graded materials (FGMs), which are highly favorable in situations where part property variations with location are required, can be produced by DED process by adjusting the volume (or weight) fraction of constituent feedstock [12]. The high design freedom and flexibility in DED makes it possible to fabricate components with desired gradient in composition, microstructure and therefore properties. Finally, DED process is also suitable to be performed on selected substrate for the purpose of surface cladding and repair of damaged parts [13, 14]. 
2. Working principle of DED and its advantages
2.1 DED process
[bookmark: _Hlk82805759][bookmark: OLE_LINK7]A schematic of the working principle that is utilized in the DED techniques is illustrated in Fig. 1 [29]. The core idea in this process involves directing the feedstock material into a localized melt pool, which is created either on the surface of the substrate or the deposited layers by a heat source [30-37]. The heat source comprises primarily of laser [35, 38, 39], electron beam [40] and arc [31, 41, 42]. While both metallic wire and powder feedstock can be utilized for laser-based DED systems, electron beam and electric arc DED systems are strictly wire-based (Table 1 [21, 38-59]. Powder and wire-based DED process will be referred as powder-feed system (PFS) and wire-feed system (WFS), hereafter. Irrespective of the heating source, WFS is collectively termed as shaped metal deposition (SMD) [60] in which the feeding of the wire is done primarily via mechanical roller systems. In PFS, the feedstock is mixed with a carrier gas and delivered to the focal point of the laser on the part surface. An inert shielding gas is also utilized to generate a protective shroud around the melt pool [61]. The melting/solidification within the shielded envelope gives the powder based DED an edge over other metal AM techniques as it eliminates the need to use a completely inert environment – even enabling the capability to print underwater [62].
WFS, which can be regarded as the extension of the welding technology [63], has certain unique advantages over PFS, such as higher feed rate, shorter lead time, lower contamination, and capability to manufacture larger components [9-11, 51]. Martina and co-workers [9] proposed that the deposition rate of steels fabricated using WFS can be as high as 9.5 kg/h with a wire feeding rate of 9 m/min. In addition, successful fabrication of meter-scale Ti-based and Al-based components using WFS was demonstrated [10]. These sizes have been extended to 10 meters currently [11]. Moreover, WFS is highly cost effective (in comparison to PFS [18]) not only in terms of equipment and feedstock material cost, but also due to the usage of a mechanical roller in it (in comparison to an inert carrier gas – a consumable, in PFS). However, components manufactured using WFS suffer from high surface roughness, which mandates the post-process surface finishing through machining. Additionally, PFS has a major advantage over WFS for printing complex geometries and functionally graded parts [64, 65]. The microstructural evolution during the melt pool solidification in PFS is nearly independent of the feedstock microstructure – contrary to that in WFS. Therefore, significant alterations can be accomplished to achieve a desired microstructure in the 3D printed parts. Generally, PFS is the first choice for manufacturing near net shaped and intricate components with small to medium size, while WFS is a preferred for making components with low to medium complexity and medium to large dimensions.

2.2 Comparison of DED and LB-PBF processes
[bookmark: OLE_LINK2]In this section, we contrast DED with that LB-PBF, which is the most popular metal AM technology investigated by far. Instead of feeding feedstock into melt pool continuously, LB-PBF spreads raw powders in a layer-wise manner. Compared to LB-PBF, DED is characterized by much higher building rate and its suitability to manufacture large blocks. The high building rate can be achieved due to the combined effect of feedstock and processing parameters, such as high heat source energy, large spot size, feeding rate, and layer height. Focusing on processing parameters, Table 1 provides a direct comparison of DED and LB-PBF processes [21, 38, 39, 41, 43-48, 50-59]. In DED process, large melt pools with widths ranging from 1500 to 3000 µm and depths of 500 to 2500 µm are created on the substrate surface with the laser spot size varying from 2 to 5 mm [67-69]. High heat source energy ranging from 200 to 5000 W (or arc current varying from 70 to 160 A) together with relatively low scanning speed (5-50 mm/s, which is two orders of magnitude lower than that of LB-PBF) provide the capacity to melt a mass of feedstock in short time, allowing for high feeding rate and therefore rapid manufacturing process. The resulted layer thickness is reported to range from about 0.3 to 2 mm [10, 63, 70], which is much higher than that of LB-PBF (limited to less than 100 µm [4, 6]).
In addition, DED process has been widely used for cladding and repair purposes for a very long time [61]. Recently, PFS is employed for process parameter optimization and part fabrication from a wide variety of materials, and through several innovative routes – to obtain superior mechanical properties. For instance, Kürnsteiner et. al [71] recently reported fabrication of superior Damascus steel-like parts of Fe19Ni5Ti containing periodic hard and soft layers generated by regulated cooling after every few layers. Similarly, Todaro et. al [72] employed high intensity ultrasound coupled with a powder based DED system to control the 3D printed microstructure of Ti6Al4V and achieve superior mechanical properties. The control of grain growth through ultrasound assisted agitation was possible due to absence of a powder bed in the DED process [73]. Moreover, given the negligible presence of powder feedstock inside the build chamber and that multiple hoppers can be attached to the powder inlet in experimental conditions, fabrication of a wide range of materials could be carried out with minimum housekeeping otherwise necessary in PBF processes when printing new alloy systems. As the blown powder is directed towards the melt pool for deposition and there is no need for a powder bed, the amount of feedstock necessary for part fabrication is greatly reduced. This is another advantage DED has over PBF processes when investigating AM of expensive alloy systems such as those with refractory elements. Table xx provides a comparison of the advantages and drawbacks of DED with respect to the other competing metal AM technologies. 

3. Microstructures of the DED-processed alloys
A few unique microstructural features are reported in DED components, which are different from that of CM counterparts. These differences arise from distinct thermal histories featured by high cooling rates (103 to 104 K/s) [28, 44, 74] and continuous thermal cycles in DED process, resulting in multi-scale, heterogeneous and hierarchical structures. In this section, formation and evolution of these common microstructural features are discussed. 
3.1 Porosity
3.1.1 Nature and formation mechanisms of porosity
In both DED and LB-PBF metallic components, porosity is associated with the sub-optimum combination of the processing parameters and complex thermal history experienced by the solidification front, which is induced by focused and moving heat source [4, 44, 75-83]. Based on the mechanism of their formation, pores are categorized into lack-of-fusion (LoF) defects, gas and keyhole pores [4, 44, 75-83]. LoF defects are attributed to insufficient penetration of newly deposited layer into previous layers [75-77, 81]. As shown in Fig. 2a [84], they mostly occur along the layer boundaries and thus are commonly referred as interlayer porosity [77]. Irregular-shaped LoF defects with size of around 100 to 500 μm in equivalent diameter usually contain sharp corners [75-77, 81].  These defects are much larger than those identified in LB-PBF components (smaller than 200 µm) [85, 86]. Critical factors resulting in coarser LoF defects can be large melt pool size and layer thickness as shown in Table 1. Formation of LoF defects is usually accompanied by the appearance of partially molten powders due to insufficient heat input or high feedstock feeding rate [81]. 
The gas porosity in the DED components is primarily a result of the entrapped gases that fail to escape from melt pool before solidification. The sources of such gases are those within the original powders [44, 78], shielding gases [80, 82, 87], and vapors of the constituent alloying elements [75, 88]. Powders prepared through gas atomization may contain small gas pores filled with argon or nitrogen due to the gas entrapment [44, 78]. During DED process, shielding gases could be entrapped inside the melt pool because of the instability caused by the impact at melt pool surface [80]. Further, alloying constituent could vaporize due to very high temperature within the melt pool, producing high pressure bubbles and transforming into gas porosity [88]. The resulting pores are usually spherical due to internal gas pressure, see Fig. 2b [80].
Fig. 2c shows typical keyhole porosity [8] generated from the keyhole mode of melting [79, 83, 89]. Fluid flow dynamics within the melt pool can become unstable upon excess heat input accompanied by drastic fluid recirculation behind the keyhole, which results in rapid collapse of the keyhole and thus porosity [89]. Contrary to irregular-shaped LoF defects distributed along the layer boundaries, gas and keyhole porosities, also referred as intralayer pores [44], distribute randomly within the DED components [77, 81].

3.1.2 Strategies for porosity reduction
Complete elimination—if not, minimization—of porosity is absolutely essential in components that are susceptible to fatigue, as pores (especially those near or at the free surfaces) facilitate easy crack initiation and hence are highly detrimental to fatigue life of the component [4, 21, 75-77]. Since the raw materials used in metal AM are powders, most often, reduction/elimination of porosity is one of the inherent challenges for producing high-performance structural materials via AM. Although post-processing treatments, such as hot isostatic pressing (HIP) [83], can efficiently remedy this problem, these additional treatments will inevitably extend lead time and increase total cost of the component manufacturing, which impairs the dominant advantages of AM. Keeping this in view, several strategies that use either processing parameter optimization or powder characteristic control have been employed, which are summarized in this section.
[bookmark: OLE_LINK1]As already mentioned, the unique thermal history associated with the AM processing plays a critical role in the development of porosity in the printed part. It is impractical to determine thermal history using a single parameter because of strong interplay among them. Currently, different models are proposed to describe thermal field related to processing variables, including volumetric energy density  [90, 91], linear heat input  [75, 92] and global energy density  [93], and normalized energy density  [94], which are defined as the following:
																(1)
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                                                                                                                          (4)
[bookmark: OLE_LINK18]In the above equations,  is the heat source energy,  is the beam scanning speed,  is the width of a single track,  is layer thickness, and  is the beam spot size.  could be suitable to predict formation of LoF defects since melt pool size is highly sensitive to  and  [95]. Increasing  can reduce LoF defects by enhancing melt pool size thus increasing the penetration depth that results in more compact interlayer bonding. In contrast, increasing  results in enhanced LoF defects due to reduced melt pool depth. Therefore, high  should be employed to avoid LoF defects. As shown in Fig. 3a, the monotonous reduction in the porosity volume fraction with increasing  in DED Inconel 718 alloy may be partially related to elimination of LoF defects [92].
While there is currently no consensus on a model that is most suitable to describe the relationship between processing parameters and intralayer porosity, it is generally agreed that excess heat input will lead to increased intralayer porosity [95, 96]. The steep and often complex thermal gradients associated with the DED process induce commensurate gradients in surface tension, which enhances the melt pool dynamics due to Marangoni convection [95-97]. By destabilizing the melt pool, which, in turn, could trap surface gases and do not allow the escape of inner gases, this aids in the formation of intralayer porosity [80, 95]. This is illustrated in Fig. 3b, wherein in situ x-ray imaging reveals that liquid melt driven by Marangoni convection folded over layer surface and entrapped gas bubbles [95]. Variation of the porosity as a function of  is plotted in Fig. 3c [93]. It shows a general trend that LoF defects decrease monotonously with increasing , but the fraction of gas porosity increases after a critical value of . By considering various processing variables and metallic materials, an optimal processing window for printing relatively dense parts, in which significant reduction or even elimination of porosity could be achieved, should exist. One practical method to contour (or at least narrow) the processing window of a given material is to conduct single track deposition studies and thin wall printing before block manufacturing [98].
Besides the processing parameters, the characteristics of the feed powders such as particle size, morphology [99], and initial porosity [81, 84] have substantial effects on the relative density of the as-printed parts. Powder-beam interactions in DED process are highly dynamic in comparison to the LB-PBF process. Consequently, the particle size determines its preheating as it moves across the beam and impinges the melt pool [100]. Spherical powders with less satellites that have high and stable flowability as well as ability to spread uniformly are highly desirable to fabricate dense blocks using DED. A comparison of single tracks deposited with identical parameters but different powder morphologies is made in Figs. 3d and e [99]. The relative densities of the DED components could be improved further by pre-heating the powders just before deposition, which removes the moisture and trapped gases, if any [99]. 
An inherent disadvantage of DED compared to LB-PBF is the lower relative density of the printed parts. While a relative density higher than 99.3 % (or even 99.8%) can be obtained using LB-PBF, it ranges from 99.0 to 99.5% in most DED components [76, 77, 85, 101, 102]. The difference in porosity level could be related to larger characteristic length scales in DED, such as powder size, melt pool size, layer thickness and resultant large pores.

3.2 Grain morphology
3.2.1 Columnar and equiaxed grains
The as-built (AB) DED alloys are composed of both columnar and equiaxed grains (see Fig. 4a for two kinds of grain morphologies in Ti alloys [26]). Compared to equiaxed grains, columnar grains are large and able to penetrate through several layers of deposited components. They originate from epitaxial growth of molten material from chosen substrate or previous layers. Such a growth is possible because the corresponding energy barrier is much lower than that for grain nucleation. Notably, certain growth directions are thermodynamically favored depending on the crystal structure of the deposited metals and alloys, which are referred as easy-growth directions and are listed in Table 2 [103]. Grains with easy-growth directions orienting closely to the direction of thermal gradient evolve into coarse columnar grains, while growth in other directions is suppressed, which is referred as competitive growth.
A competition between formation of columnar and equiaxed grains exists. Contrary to epitaxial growth, equiaxed grains develop because nucleation is thermodynamically and kinematically feasible through the process of either homogeneous nucleation upon constitutional undercooling or heterogeneous nucleation induced by partially melted feeding powders or by particles that are introduced deliberately as nucleants. The volume fraction  of pre-formed equiaxed grains (or equiaxed grain embryos) during solidification can be determined using the equation [104]:
                                 (5)
[bookmark: OLE_LINK6]where  is the temperature gradient,  is the solidification rate, and  is the number of nucleation sites. Equation 4 indicates that the combination of low  and high  together with the abundance of the nucleation sites could promote formation of randomly oriented equiaxed grains, which is illustrated by the solidification diagram in Fig. 4b [103]. The  ratio determines the mode of solidification, while the cooling rate , given by , dominates size of solidification structures. Hunt proposed that when  is smaller than 0.66%, the newly formed equiaxed grains would be “swallowed” by liquid/solid interface driven by epitaxial growth, leading to fully columnar grains. When  is larger than 49%, fully equiaxed grain structure is obtained as epitaxial growth is completely suppressed. For  ranging between 49% and 0.66%, a mixed grain structure will be observed (Fig. 4c) [105].
[bookmark: OLE_LINK29]One notably different feature between the columnar grains present in LB-PBF and DED components is that the columnar grains in the former are generally closely-oriented along the build direction [106, 107], while vertical, inclined, and even curved (zigzag-shaped) columnar grains are observed in the latter [108, 109]. Figs. 5 a-c show vertical columnar grains in LB-PBF Inconel 718 alloy (Fig. 5a [106]) and inclined (Fig. 5b) as well as curved (Fig. 5c) columnar grains in DED counterparts [109], which initiate and evolve as a result of the unidirectional and bidirectional scanning patterns, respectively. Key reason for such disparate grain structures is that melt pools with different morphologies form during LB-PBF and DED processes, i.e., small and shallow melt pool in LB-PBF [110, 111] while relatively large and deep melt pool in DED process [112, 113]. In LB-PBF, the melt pool boundaries are relatively flat with low curvature and the overall maximum heat flow direction is roughly parallel to the build direction, resulting in vertical columnar grains. In DED, however, the local curvature varies significantly and consecutively with different locations along the melt pool boundary. The superimposed effects of easy-growth direction and maximum heat flow direction give rise to straight but inclined columnar grains in DED that employs unidirectional scanning pattern. When a bidirectional scanning strategy is utilized, mirror symmetric melt pools are developed by the inverse scanning directions, resulting in periodical heat flow direction transformation and therefore zigzag-shaped columnar grains along adjacent layers. 

3.2.2 Columnar to equiaxed transition (CET)
Long columnar grains could result in anisotropic mechanical behavior in metal AM parts [114, 115] and enhance susceptibility to hot cracking. Significant efforts have been made to explore strategies to enhance CET in DED components. As per equation (5), achieving low  by optimizing processing parameters is one practical method to promote CET. As shown in Fig. 6a, reduced laser power is demonstrated to enhance CET in the Ti5553 alloy [25]. In addition, increasing scanning speed contributes significantly to CET during welding (Fig. 6b) [116]. Numerical studies of laser assisted welding show that the regions with low  value in melt pool extend with increasing scanning speed [117]. Considering similarities between welding and DED processes in terms of thermal-physical properties, increasing scanning speed may also promote CET in DED components. Similar result was reported in the case of LB-PBF Inconel 718 [118], but this needs to be further validated for the DED process. 
[bookmark: OLE_LINK12]Increasing the powder feed rate can extend the equiaxed grain regions via the introduction of unmolten powders as grain nucleation sites [119]. However, this may also result in increased porosity. Alternatively, addition of micro/nano-scaled particles is proposed to help promote CET during AM processes. Studies focusing on Ti alloys reported that formation of large columnar grains could be suppressed through addition of either ceramic particles or solute elements (including TiC, TiB2, La2O3, B, Si, Co, Mo, Zr, etc.) [120-126]. Ceramic particles act as potent nucleation sites while the solute elements enhance constitutional undercooling. Therefore, both the methods are in fact aimed at enhancing equiaxed grain nucleation [120-125]. A typical work focusing on CET in Ti alloy following this strategy is shown in Fig. 6c, where grain structures of AB Ti-6Al-4V, Ti-3Al-6Cr-4Mo-4Zr and Ti-3Al-6Cr-4Mo-4Zr+La2O3 are presented from left to right [126]. Similar trends were identified in other alloys, like 316L SS [127] and Inconel 690 [128].
Although the addition of micro/nano-scale particles is proven to be effective in CET, the following factors need to be considered before its application. (i) For printing components with good structural integrity, suitable micro/nano-scaled particles for different engineering alloys need to be selected based on compatibility of crystallographic structures, lattice parameters, and thermal expansion. Non-compatibility can lead to internal stress generation, which, eventually, can impact the structural integrity of the component manufactured. (ii) Fabrication using raw feed powders that contain dispersed particles can be challenging, as micro/nano-scale particles tend to agglomerate due to high surface energy [129, 130]. (iii) Inhomogeneity in chemical composition and microstructural features induced by addition of the particles may also degrade other properties, especially fatigue and corrosion resistances [131, 132]. 
[bookmark: OLE_LINK3][bookmark: OLE_LINK4]It is worth noting here that CET is not always beneficial to mechanical performance of components. For repairing of single-crystal or directionally solidified Ni-based superalloys using the DED technique, epitaxial growth is highly desired [133, 134] and CET will introduce stray grains and detrimental grain boundaries. In addition, the exploration of CET in components produced by AM should be judicious, because control over texture and morphology of grains gives an additional degree of freedom (from the microstructural design perspective) during AM process. This could be used to tailor the microstructure for enhancing properties in specific direction.

3.3 Cellular structures and dislocation network
3.3.1 Cellular structures 
The metallic components fabricated using DED are frequently reported to contain solidification cellular structures [28, 29, 135-139], which serve as sub-grain structures embedded within individual grains. Figs. 7a and b show a 3D composite view and a SEM image of the cellular structures in DED 316L SS, respectively [28, 43]. Cells show straight columnar morphology approximately parallel to the build direction. When viewed from the top, they exhibit circular morphology and form dense networks. These structures are formed because of the constitutional undercooling that results from the elemental redistribution during solidification, which terminates planar growth and enhances cellular/dendritic growth. The equivalent diameter of the cells ranges from 1 to 10 μm [28, 29, 135-139]. It was demonstrated that cell boundaries are low angle grain boundaries (LAGBs) in nature with misorientation across two adjacent cells ranging from 1° to 4° (See Figs. 7c to e) [137]. The slight misorientation across adjacent cells is expected to be a combined effect of various factors, including thermal stresses caused by intercellular liquid solidification [137, 140] and complex heat flow fields [141]. It is important to note that not all metallic components manufactured using DED contain cellular structures; few examples are Ti alloys and some intermetallics [142-144]. 
The equivalent diameter of cellular structures in DED metallic components is about one order of magnitude larger than that of the cells in LB-PBF blocks (usually in submicron-scale size) [29, 55, 145]. Both experimental and simulation studies reveal that primary cellular arm spacing (PCAS, or cell spacing) is dominated by cooling rate  [43, 138, 146, 147]. The PCAS in AM components was observed to obey the relation [43]:
.													(6)
 in DED process is determined to be 103 to 104 K/s [28, 44, 74], which is two to three orders of magnitude lower than that of LB-PBF process (105 to 106 K/s) [43, 145, 148]. The ultrahigh cooling rate in LB-PBF processing is primarily due to the combination of low heat source energy, high scanning speed, and small melt pool size (Table 1).

3.3.2 Elemental segregation and high density of dislocations
Several studies have reported of an overall elemental segregation in various DED-processed alloys [135, 136, 149, 150]. Fig. 8 shows an EDS map obtained on an AB 316L SS. It shows an enrichment of the cell boundaries with Cr, Mo, and Mn [135]. The reasons for such a segregation can be rationalized using the solidification theory. As solute elements usually exhibit higher solubility in liquid with equilibrium segregation coefficient smaller than 1, constituent elements with higher Tm are rejected from solid continuously during solidification process, piling up ahead of solid/liquid interface and resulting in constitutional undercooling. 
High-density dislocations are another typical microstructural characteristic observed in DED-processed components. Fig. 9a shows transmission electron microscopy (TEM) images of the microstructures of DED 316L SS [151]. In most studies on DED alloys, these dislocations were reported to form networks similar to those observed in the samples subjected to low cycle fatigue loading [152] and LB-PBF alloys [153]. A low-density of homogeneously distributed dislocations in the interiors of the solidification cells were observed. In contrast, high-density tangled dislocations are observed to distribute along cell boundaries. It was suggested by Bertsch et al [149] and Li et al. [154] that the expansion/shrinkage strain cycles induced by the thermal cycles after solidification can be the key reason behind the high-density dislocations. Notably, TEM characterization by Li et al. reveals that these dislocations do not necessarily evolve into dislocation networks. Instead, they were observed to distribute homogeneously in AB 316L SS due to limited thermal cycles [154]. The dislocation densities reported in AB DED and LB-PBF alloys [136, 142, 149, 155-163] are listed in Table 3. Dislocation density in the former ranges from 1013 to 1014 m-2, which is considerably lower than those reported in the LB-PBF counterparts.
Besides the dislocation density, correlation between dislocation network and cell boundaries can be different in LB-PBF and DED components, manifesting as that dislocation network overlap with cell boundaries in LB-PBF components while distribute between cell boundaries in DED blocks (Fig. 9b) [149]. One critical factor that dominate the correlations of dislocation network and cell boundaries is the difference of size of cells and dislocation network [149]. Overlapping may break down when noteworthy difference exists between size of cells and dislocation network. 

3.4 Microstructures in DED alloys
3.4.1 Steels
[bookmark: OLE_LINK14][bookmark: OLE_LINK10]Alloys belong to the austinite SS grades are the most investigated DED alloys [23, 44, 135, 139, 164]. Fig. 10 shows the representative SEM and TEM images of typical microstructures in an austenitic (γ) 316L SS manufactured via DED [44]. Hierarchical microstructures resulting from far-from-equilibrium solidification process, with length scales ranging from nanometer to millimeter, can be seen in them [44]. The deposited sample is composed of millimeter-scale deposition layers, which are often termed as a ‘mesostructures,’ to distinguish them from the usual microstructure (Fig. 10a). Additional features are the micro-scale porosity, grains, and cellular structures (Figs. 10a and b), sub-micron-scale cell boundaries and dislocation networks (Figs. 10c and d). The melt pool boundaries seen in Fig. 10a form because of the rapid solidification that follows the continuous motion of heat source. The inhomogeneous temperature gradient distribution in the melt pool leads to a unique structure in DED 316L SS, manifesting as dominant epitaxial growth at melt pool boundaries but equiaxed grain nucleation in the interior of the melt pools [23]. Larger melt pools with lower cooling rates in DED 316L SS results in coarser grains compared to their LB-PBF counterparts. Ma et al reported that columnar grains in DED 316L SS are typically 50 to 100 μm in width and 500 to 2000 μm in length, which are much coarser than the columnar grains in LB-PBF 316L SS whose width and length range from 10 to 50 μm and 100 to 500 μm, respectively [43]. 
DED austenitic SSs usually have a small-fraction of the δ ferrite phase within the γ austenite matrix [23, 28, 44, 135], which is not present in CM counterparts and rarely observed in the LB-PBF counterparts. The volume fraction of the δ phase varies from about 1% to 11% and is sensitive to the solidification thermal history [23, 28, 44, 135]. The retained δ phase can be identified using XRD (Fig. 11a [135]), scanning transmission electron microscopy (STEM, Fig. 11b [135]) and electron backscatter diffraction (EBSD) (Fig. 11c [23]). The distinct XRD patterns of AB 316L SS blocks and initial powders (Fig. 11a) indicate that the δ phase forms during the solidification and does not pre-exist within the powders. A closer look (Fig. 11b) reveals that it preferentially occurs along the sub-grain and cell boundaries. This indicates that the appearance of δ phase is most likely related to micro segregation of δ stabilization elements (such as Cr and Mo) along the cell boundaries (Fig. 8) [135]. The underlying reasons for the absence of δ phase in LB-PBF 316L SS not well understood yet. We infer that one critical factor could be insufficient concentration of the δ stabilization elements along the cell boundaries in LB-PBF components due to smaller cell size and therefore higher volume fraction of cell boundaries [164, 165]. However, studies focusing on quantitative measurement of micro-segregation and solidification details are required. It should be noted that a homogenizing treatment at 1150 oC for 2 h can transform δ to γ completely as shown in Fig. 11c.
Precipitation hardening (PH) steels are another grade that are being increasingly adopted for AM [166-169]. Contrary to their wrought counterparts with fully martensitic phase in the microstructure [170], DED PH steels contain both martensite (M) phase as the matrix and retained austenite (γ phase) embedded in it [167-169]. The latter is a result of residual stresses built up due to high cooling rates and inherent cyclic thermal loadings. It is further chimerically stabilized by γ stabilizing elements due to micro-segregation [167-169]. The volume fraction of retained γ phase is sensitive to powder characteristics, processing parameters and deposition atmosphere [166, 167], i.e., enhanced retained γ content was identified in 17-4 PH steel manufactured in Ar atmosphere as shown in Fig. 12 [167]. The disparate printing variables lead to large scatter in the volume fractions of retained γ phase that are reported in several studies, which range from less than 10% to more than 50% [167-169]. Strategies on controlling the retained γ phase content could be developed based on available studies, i.e., air atmosphere chamber will substantially reduce retained austenite [167]. It is impractical to conduct quantitative comparison on volume fraction of retained γ phase in components manufactured via DED and LB-PBF, as even larger scatter in volume fraction (from less than 1% to more than 80%) is reported in LB-PBF components [171-174]. Furthermore, smaller grains in the LB-PBF 17-4 PH steel inhibit austenite to martensite transition and are partially responsible for the γ phase dominant microstructure [167]. 
For the AM 17-4 PH steel, heat treatment (HT) after deposition is required to precipitate the Cu-rich particles and transform the retained γ to M phase, which imparts high strength to the components [167, 170]. The conventional HT consists of solution treatment (ST) and subsequent aging treatment (AT) [167]. Retained γ phase are reported to deteriorate strength of the alloy due to the higher solubility of precipitate elements in austenite. Thus, a preliminary ST that transforms γ into M is imperative to produce high-strength PH steels [167, 171]. Notably, initial retained γ may not totally transform into M through HT conducted at low temperature or with short time, which is attributed to a few factors, including the elemental segregation that leads to γ stabilization, nitrogen, finer microstructural sizes, and residual stress [164, 167].

3.4.2 Ti alloys
[bookmark: OLE_LINK5]The Ti-6Al-4V alloy is one of most thoroughly researched Ti alloy for AM due to its wide range of application potential [47, 114, 175-181]. Within the columnar prior β grains, both acicular α' martensitic phase [181] and lamellar α+β phases in the form of either basketweave Widmanstätten [179] or colony structures [47] were reported in the AB DED Ti-6Al-4V components (Fig. 13a-c). This is in contrast to the microstructures dominated by α' in most AB LB-PBF Ti-6Al-4V [148, 182-185]. The microstructural phases in the AB DED Ti-6Al-4V are highly sensitive to the cooling rate, which is affected by the process parameters and the build geometry used [47, 178-181, 186, 187]. While a high cooling rate during solidification results in the presence of acicular α' phase, lamellar α+β phase appears in regions that experience relatively lower cooling rates. In the latter case, the lath thickness increases with reduced cooling rate. In CM Ti-6Al-4V, the critical cooling rate above which acicular, long orthogonally oriented α' phase forms was determined to be 410 oC/s [188]. However, a critical value of 4344 oC/s, which is one order of magnitude higher than that determined for CM of Ti-6Al-4V, is reported for DED Ti-6Al-4V, shown as sharp reduction in volume fraction of the α phase above the critical value (Fig. 13d) [74]. This value should be reasonable considering typical cooling rates and phase compositions in DED Ti-6Al-4V. We infer the key factors, which result in this sharp difference in critical temperatures in CM and DED components, can be the residual stress and elemental segregation during DED, but more quantitive experimental and modeling studies are required. In addition, potential phase transformation after solidification upon cyclic thermal loading may also influence the evaluation of the critical cooling rate [16]. 
Gradations in the phase fractions, as a result of the different cooling rates along the build direction, were reported by Brandl et al in DED Ti-6Al-4V [47]. Martensite α' phase appears in the first few layers near substrate due to highest cooling rate in this region. With an increase in the build height, lamellar α+β phase starts appearing as a result of reduced cooling rate [47]. Components consisting dominant martensite α' phase could also be manufactured via DED with low laser energy; a microstructural transition from α' phase to mixed phases (α' and α) is reported when the laser energy is increased from 330 to 780 W [180]. As shown in Fig. 13e, α is observed along the prior β grain boundaries [114]. Ahmed et al proposed that such grain boundary α forms when the cooling rates are lower than that required for the α' phase formation but are higher than that required for the lamellar α+β phase formation [188]. From the application stand-point of view, an alloy containing the martensitic α' microstructure is not favored because of its relatively brittle nature compared to the once containing the α+β phases. The adverse effects of acicular α' phase can be eliminated through decomposition of α' phase into a mixture of α + β through the post-processing HTs [178]. HT below the β-transus temperature (Tβ) is preferred because exposure to higher temperature can excessively coarsen the microstructures.
[bookmark: OLE_LINK19][bookmark: OLE_LINK13]Apart from post-processing HT, decomposition of acicular α' could also be triggered by in situ HT from the cyclic reheating [16]. As shown in Fig. 13f, phases vary across the layers in Ti-6Al-4V depending on their exposure to thermal cycling. Since the top layers undergo only a few thermal cycles, either α' or α+β phases (depending on cooling rate) dominate the microstructure. As for layers in middle region, original phase transforms into β phase when the peak temperature is higher than Tβ and subsequently transform into either α or α' phase upon cooling [16]. For even lower regions, the peak temperature is below Tβ and phase coarsening, instead of phase transformation, happens upon thermal cycling. Thus, Fig. 13f provides an approximate depiction of the phase evolution do the varying thermal cycles experienced at different build thickness’. However, there might be deviations, to some extent, due to variation in processing parameters, scanning strategy, and resultant thermal history.

3.4.3 Ni-based alloys
Ni-based alloys are another group materials that have attracted tremendous interest for DED. Among them, Inconel 625 and 718 superalloys were the most studied to date [17, 35, 189-198]. Figs. 14a and b show the grains and phases in AB DED Inconel 718 alloy [196]. The resistance to deformation at high temperature in Ni-based superalloys mainly originates from the γ’’ and γ’ precipitates. However, γ’’ and γ’ phases are usually absent [35, 196, 197] or very low volume fraction of them has been reported in the AB condition [91, 194] as the inherent high cooling rates of DED prevent their precipitation [197]. However, this may not be the only reason, because γ’’ phase was observed in the LB-PBF Inconel 718 alloy that experiences even higher cooling rates [52]. Factors, such as dissolution of γ’’ and γ’ phases upon thermal cycling, depletion of elements due to elemental segregation, and formation of other precipitates, could also play critical roles in this context. Alloying element Nb was reported to segregate along the cellular boundaries and enhance formation of the Laves phase in AB Inconel 718 alloy, as shown in Fig. 14b [196]. Tian et al also reported the appearance of Nb-rich eutectic structures containing Laves phase and MC carbides (mostly NbC) in DED Inconel 718 alloy [193].
The absence (or very low volume fraction) of γ’’ and γ’ phase combined with the prevalence of irregular shaped Laves phase make it impractical for AM Inconel 718 superalloy to be employed directly in the AB condition without a post-processing HT [196, 197]. Typical HT consists of optional homogenization treatment at around 1080 °C for 1 to 2 h, followed by ST at 980 °C for 1 to 2 h, double AT at 720 °C for 8 h and 620 °C for 8 h, respectively [92, 190, 196-198]. Figs. 14c to h show the grains and main phases in DED Inconel 718 alloy in the ST+AT (SAT) and homogenized+ST+AT (HSAT) conditions [196]. Here, the temperatures used for AT are not high enough to dissolve the Laves phase completely (Fig. 14d). Therefore, ST at a higher temperature is a prerequisite to eliminate them and release the Nb for subsequent precipitation of γ’’ and γ’ phases. After incorporating ST, fine γ’’ and γ’ phases form abundantly in Inconel 718 alloy after both STA and HSTA. Notably, ST at 980 °C was reported to result in local Nb-rich regions and formation of δ phase with high critical solvus temperature (about 1010 °C) [196]. In addition, residual Laves phase was identified in LB-PBF Inconel 718 after ST at 980 °C for 1 h [199]. Thus, preliminary homogenization treatment is preferred for achieving higher γ’’ and γ’ phase contents.
Both experimental and simulation studies found that the formation of the Laves phase in Inconel 718 alloy is sensitive to the solidification structures that are dominated by G and R during the DED process [200, 201]. Small equiaxed dendrite arm spacing resulting from a low G/R ratio leads to discrete Laves particles. In contrast, large columnar dendrite arm spacing, originating from a high G/R ratio, results in continuous and coarse Laves particle networks. Therefore, the morphology of Laves could be regulated for a reduced hot cracking susceptibility through the optimization of the processing parameters, such as increasing laser energy and reducing scanning speed.

4. Mechanical properties
In this section, uniaxial tensile and fatigue properties of DED components are summarized with special emphasis on relationships between processing parameters, microstructures, and properties.
4.1 [bookmark: OLE_LINK8][bookmark: OLE_LINK9] Uniaxial tensile properties
4.1.1 Overview
In general, the tensile strength of the DED alloys is either comparable or superior to that of their CM counterparts. Although grains in them are usually large (tens to even hundreds of micrometers [16, 43]) and thus not expected to result in high strength based on the Hall-Patch relation, some other factors, including a high-density of dislocations, elemental micro-segregation, and dispersed particles, contribute significantly to the strength as discussed below [136]. However, their strength is relatively inferior compared to that of the LB-PBF counterparts. This is not only due to larger grain size in DED alloys but also coarser sub-grain features as well as lower initial dislocation density (Table 3) [43, 114, 139, 180]. 
A large scatter in the reported ductility values, regardless of the alloy, is common. The observed scatter originates from discrepancy in structures (porosities, phases, and grains) in the same alloy resulted from different thermal histories due to various processing parameters and build geometries. For instance, much higher ductility is reported in AB Ti-6Al-4V consisting of α+β phase than that containing intrinsically brittle martensite α’ phase [178, 179].
Another feature that distinguishes DED components from CM counterparts is the anisotropy in tensile properties, which can be attributed to a combined effect of various factors, such as columnar grains and LoF defects [16, 114, 178, 179]. Tensile strength and ductility are sensitive to the loading direction with respect to the build direction, making it imperative to conduct mechanical tests along different orientations to gain a comprehensive understanding of tensile properties of DED components.

4.1.2 Strengthening in DED components 
The strengthening mechanisms that are commonly observed in the DED alloys are similar to those observed in their CM counterparts [154, 202, 203]. However, the superior strength of the former vis-à-vis CM alloy of the same composition cannot be rationalized by the grain boundary and precipitation strengthening mechanisms due to coarse grain size and precipitate spacing [16, 28, 29, 43]. Instead, the existence of dislocations in high densities in the AB condition itself and the prevalence of their networks plays a dominant role. This is verified by the sharp decrease in hardness upon high-temperature annealing in DED 304L SS [204]. Although the dislocation density could vary with the location in a DED component (reported to decrease with increasing distance from baseplate along build direction [136]), initial high dislocation densities, ranging from 1013 to 1014 m-2, result in significant forest strengthening [136, 142, 158]. Smith et al reported that dislocations at the level of 1013 m-2 results in strengthening as high as 166-191 MPa, which accounts for a large fraction of  in DED 304L SS [136]. The strengthening was, to a certain extent, underestimated as dislocation density used here is density of GNDs, instead of density of overall dislocations. Additional strengthening is provided by elemental segregation along cell boundaries. Coherent internal stress induced by the chemical misfit in element enriched regions could restrict dislocation mobility and could contribute to the observed high strength [205].
In many studies, the cell boundaries are simply treated as conventional HAGBs and the classical Hall-Patch relation is then used to estimate the strengthening caused by them by using cell size as the characteristic microstructural length scale (instead of the grain size) [145, 206]. However, the misorientation across two adjacent cells is very low [137]. Therefore, they might not act exactly the same way a HAGB would in resisting the dislocation motion. This deduction is verified by results showing that  calculated using cell size following Hall-Patch relation is higher than experimental value in LB-PBF high entropy alloy [207]. Li et al reported that initial dislocation density, instead of cell size, dominated the  of small-volume pillars [208]. For DED components, strengthening related to cellular structures can be more complicated regarding that dislocation network may not always overlap with cells [149]. Thus, one critical issue needed to be addressed is which factor (cells or dislocation network) plays a dominant role with regards to strengthening. Although in situ experiment revealed that dislocation network could hinder but not completely stop dislocation motion under straining [209], overlapping of cells and dislocation network in LB-PBF 316L SS makes it biased to draw a conclusion on this issue. The elemental segregation along cell boundaries further makes it challenging to explore related strengthening. Thus, comparative study on materials with different cellular structures and dislocation networks may help shed light on effects of these two factors. 
4.1.3 Steels
We first focus on the properties of DED austinitic stainless steels. Their tensile properties, i.e., , ultimate tensile strength (UTS, ) and elongation to failure (of DED-processed 316L and 304L SSs that are reported in the published literature are summarized in Table 4 [23, 28, 29, 135, 136, 210-215]. The horizontal and vertical directions here represent directions perpendicular and parallel to the build direction, respectively. Majority of these studies show that both these alloys exhibited superior , comparable  but inferior ductility relative to their CM counterparts. The variability in the reported tensile properties of 316L SS is considerable with ,  and  ranging between 270 and 580, 430 and 710 MPa, and 13% and 60%, respectively. Such a large scatter may be associated with a few factors including powder characteristics, the type of equipment employed for DED, processing parameters, and build geometries. It is important to note here that the tensile properties could vary from location to location within one single built block due to the gradation in the microstructures as well as residual stressed that develop because of the varying thermal histories experienced. Usually specimens extracted from the top show lower  compared to those from the bottom because of coarse microstructures and lower dislocation densities arising from reduced cooling rate in the former [136, 215].
Figs. 15a to c compare ,  and  of DED 316L SS with the respective properties of wrought alloy [23, 28, 29, 135, 145, 210-214]. In the DED alloy, the difference between  and  is relatively smaller compared to that in the wrought one, indicating that the former do not strain harden as much as the wrought alloy. Li et al. have shown that this behavior is directly linked to the      The limited strain hardening could be one of the reasons behind reduced ductility, and other factors would be the presence of processing-inherent flaws (especially LoF defects), brittle phases, and inclusions (mainly oxides) in the microstructure of the printed alloy. For instance, defect-driven failure featured by bifurcating cracks originating from irregular shaped pores was reported in LB-PBF 316L SS [216]. Since the DED parts contain even larger LoF defects, they could lead to lower ef. Apart from these factors, ductility diminishes dramatically (by over 50%) when oxygen content increases from 642 to 3710 ppm [28]. A comparison of the tensile properties of AB DED [23, 28, 29, 135, 210, 211] and LB-PBF 316L SS [214, 217-219] is made in Fig. 15d in terms of a  vs.  plot. As seen from it, DED 316L SS has a relatively lower strength but higher ductility, which is well expected considering relatively coarser microstructure and lower dislocation density (Table 3) in it in the AB condition.
Anisotropy in tensile properties is evident in both 316L and 304L SS produced by DED. The anisotropy index  defined as [187],
                      (6)
[bookmark: OLE_LINK15]can be used to capture it quantitatively. In the above equation  and  are tensile properties (,  or ) along horizontal and vertical directions, respectively. 316L and 304L SS show relatively higher  and  when in the horizontal orientation, which is indicated by positive anisotropy index (anisotropy in yield strength, ), as seen from the data provided in Table 4. In contrast, an opposite trend is observed in , which shows a negative anisotropy index (anisotropy in elongation, ). The observed anisotropy in tensile strength can be attributed to the combined effects of unique solidification microstructures (such as columnar grains and crystallin texture) and manufacturing deficiencies (such as LoF defects) [115]. For instance, when the long axis of the LoF defects is oriented approximately perpendicular to the build direction, they can susceptible to easy crack initiation under loading along vertical direction, but tend to close upon loading along horizontal direction [173].
Table 4 shows that AB 17-4 PH steel has significantly lower strength compared to their HT counterparts. This is due to the presence of soft austenite phase and absence of Cu-rich precipitates in the AB condition [167, 168, 220, 221]. Post-processing HT that promotes transformation of retained austenite to martensite and introduces Cu-rich precipitates in the matrix could significantly improve strength, but at the expense of ductility (Table 4) [164, 167, 220]. Caballero et al reported that microstructure containing nearly 100% lath martensite could be obtained through ST at 1040 °C for 0.5 h, but the alloy’s tensile strength is still relatively low due to the absence of precipitates. Comparable strength in AB and ST 17-4 PH alloys was reported due to superimposed effect of softening induced by annihilation of initial dislocations as well as elemental segregation and hardening originating from phase transformation in the former [220]. Only components subjected to ST followed by AT with considerable strength and ductility meet the requirements for practical applications [220]. In addition, transformation from retained austenite to martensite induced by plastic strain was reported in LB-PBF AB 17-4 PH steel, which gave rise to considerable ductility (around 50%) and high  [222]. However, the possibility of such a transformation occurring in the DED 17-4 PH steel is not examined yet. The alloy’s relatively low ductility indicates that such transformation may not be easily achievable in it. 
With the available data, no conclusion can be drawn regarding the tensile anisotropy of DED-processed 17-4 PH steel because of the scatter in the limited data (Table 4). However, studies indicate that it may be eliminated through ST followed by AT, which has been ascribed to the elimination of columnar grains due to recrystallization and formation of Cu-rich precipitates. 
4.1.4 Ti alloys
Tensile properties of DED Ti-6Al-4V alloy in both AB and HT conditions are summarized in Table 5 and compared to those of its wrought counterpart [16, 114, 178-180, 223-226]. Majority of studies show that tensile strength of DED Ti-6Al-4V is comparable or even superior to that of wrought counterpart.  and  of AB Ti-6Al-4V range between 800 and 1100 MPa and 1000 and 1150 MPa, respectively. The  versus  plot for both DED and LB-PBF Ti-6Al-4V in the AB condition displayed in Fig. 16a shows that the DED alloy is featured by lower strength but significantly higher ductility, similar to that seen for 316L SS [114, 148, 178-180, 182-185, 223-225]. The striking difference in mechanical properties of LB-PBF and DED Ti-6Al-4V is a result of the disparate microstructures developed in them due to vastly differing cooling rates. As mentioned already, the microstructures of most AB LB-PBF Ti-6Al-4V are dominated by the α’ phase, which is hard [148, 182-185], while majority of AB DED Ti-6Al-4V consist of softer but ductile α + β microstructure (Table 5) due to relatively lower cooling rates [114, 178-180, 223-225]. The strength of Ti alloys consisting of lamellar α + β structures is expected to be dependent on thickness of α lath following the Hall-Patch relation, and α lath is usually thinner than 2 μm in AB DED Ti-6Al-4V [179, 180]. 
The ductility of AB Ti-6Al-4V alloys reported in some studies cannot meet the minimum value recommended for use in structural applications (Table 5) [178, 180, 223]. Post-processing HT could be a practical method to improve ductility by regulating the microstructures in terms of either α lath coarsening [224] or phase transformation from α’ to α + β [178] (Figs. 16 b and c). Notably, enhancement in ductility through HT is achieved at the expense of strength. Thus, it is important to choose proper HT parameters (temperature, hold time, and cooling rate) to achieve desired combination of strength and ductility for specific applications. Besides post-processing HT, in situ HT could be a more direct way to obtain required microstructures [16]. The difficulty in employing this method lies in the nonlinear interactions among various processing variables and resultant difficulty in achieving accurate control on the thermal cycles experienced by the alloy. Knowledge gained from detailed simulations using the existing experimental data could aid in the design of an optimum in situ HT for different component geometries.
Besides fine α lath and α’ phases, the ductility of Ti-6Al-4V is also influenced by some other factors, including grain boundary α (Table 5) and process related attributes, i.e., porosity and residual stresses [4, 114, 178, 180, 227]. The combined effects of these factors are responsible for the observed large scatter in . 
Values of ,  and  along horizontal direction of the DED Ti-6Al-4V are plotted against the respective properties that are obtained along the vertical direction in Figs. 16d and e. The anisotropy in  and  is only minor, with the strength values in the horizontal direction being higher by 5-10%. As indicated by both positive and negative values of  listed in Table 5, no clear trend in the anisotropy in ductility of the AB Ti-6Al-4V alloy. This is most likely due to combined effects of discontinuous α phase along prior columnar β grains and LoF defects in Ti-6Al-4V [114].

4.1.5 Ni-based alloys
The strength and  values of DED Inconel 718 alloy in both AB and HT conditions reported in literature are summarized in Table 6 [92, 190, 196, 198, 228-232]. In the AB condition,  and  range between 600 and 700 MPa and 850 and 1000MPa, respectively. These are inferior to the respective properties of the wrought alloy [233]. The much lower strength is due to the absence of γ’’ and γ’ phases in the AB conditions. Fig. 17a plots  versus  of AB DED Inconel 718 [196, 198, 228-231], in comparison with AB LB-PBF counterpart [53, 199, 234-238]. Similarly, LB-PBF Inconel 718 shows higher strength but lower ductility, which is likely due to finer structures. 
As pointed out previously, SAT and HSAT elevate  and  of Inconel 718 to 1000-1259 MPa and 1200-1450 MPa, respectively. Although the available data is somewhat scattered,  and  of DED Inconel 718 after HT are similar to those of their wrought counterparts [198]. Following typical strength-ductility trade-off in metallic materials, enhancement in strength via HT inevitably results in reduced ductility, but majority of studies report  ranging from 10% to 20%, which is again comparable or superior to the ductility of the wrought counterparts [198]. The favorable combination of strength and ductility of the DED alloy originates from dissolution of Laves phase and precipitation of fine and uniform γ’’ and γ’ phases upon HT [92, 196, 198, 232]. Fig. 17b compares the strength and  of DED [92, 196, 198, 232] and LB-PBF [53, 199, 234, 237] Inconel 718 in the HT condition (HT here is either SAT or HSAT). It appears that LB-PBF Inconel 718 has better combination of strength and ductility, manifesting as comparable  but higher strength. The is a result of the combined effect of the following factors. (i) Relatively smaller and more homogeneous γ’’ and γ’ phases after HT [196, 238]. (ii) Smaller retained grains after STA. (iii) Higher relative density with lower porosity [198]. 
There are not enough experimental data to determine anisotropy in tensile properties of DED Ni-based alloys. For DED Inconel 718 without HSAT, columnar grains are dominant and expected to result in anisotropy in mechanical performance [196, 198]. However, presence of intermetallic (such as Laves phase) along inter-dendritic regions and grain boundaries may make the anisotropy less predictable. After HSAT, much weaker anisotropy can be expected due to equiaxed gains that result from recrystallization together with uniformly distributed precipitates [196, 198].

4.2  Fatigue behavior
4.2.1 Overview
A key aspect related to the structural integrity of metallic components is their resistance to failure under cyclic loading conditions. It becomes even more important for parts produced by AM, considering the presence of defects and very high surface roughness in the AB condition. Studies focusing on the fatigue behavior of AM components have been performed on a variety of alloys [195, 239-243]. In low cycle fatigue (LCF) regime, fatigue life of DED components can be either superior or inferior to their wrought counterparts, depending on the testing modes [244]. For example, the higher strength of  DED Ti-6Al-4V vis-à-vis the wrought alloy results in enhanced fatigue life under high cycle fatigue (HCF) conditions, but reduced low cycle fatigue (LCF) life due to low ductility [244]. In the HCF regime, defects and high surface roughness inherent to layer-wise manufacturing method result in inferior fatigue behavior [195, 243-245]. A typical example is shown in Fig. 18 providing comparison between fatigue behaviors of wrought and DED Ti-6Al-4V alloys in both AB and HT conditions [244].
4.2.2 Effects of porosity
The inevitable presence of porosity in most AM components in the AB condition is one of the main factors that deteriorates their fatigue performance. Pores can significantly reduce the cycles required to initiate the fatigue crack in the ‘total life’ approach of fatigue life assessment and results in premature failure [246-248]. The extent to which porosity is detrimental to the fatigue behavior is influenced by the pores’ size, morphology, and location. Generally, large irregular-shaped LoF defects with sharp corners located on or just beneath free surface reduce fatigue life to the largest extent due to markedly high stress concentration they cause [246-248]. Liu et al [249] reported that the fatigue life increased monotonously with increasing distance of the crack-initiating pores to the surface in a DED Ti alloy, while the variation of fatigue life with the pore size is less regular. It can be inferred that once the defect size exceeds a critical value, the spacing between defects and the free surface, instead of the defect size, dominates the fatigue life of AM components. Fig. 19 presents the fatigue fracture morphologies of DED Ti-6Al-4V [244] and Inconel 718 alloys [195], showing that pores serve as the preferential crack initiation sites under cyclic loading. Reducing porosity through process parameter optimization can improve the fatigue strength. For example, near-full density DED Ti-6Al-4V samples shows HCF strength of about 477 MPa, which is three times higher than that with measurable porosity [250]. 
The differences in the pore features of LB-PBF and DED components lead to dissimilar fatigue resistances; DED alloys’ fatigue behavior is generally inferior [195, 244, 251-253]. For example, fatigue strength of the LB-PBF Ti-6Al-V alloy in the AB condition was reported to range from 340 to 475 MPa [251], which is significantly higher than 254 MPa measured in DED Ti-6Al-4V [244]. It is proposed that there exists a critical size for porosity in Ti-6Al-4V, above which porosity substantially deteriorate fatigue properties [251]. As DED components are featured by inherently lower relative density and larger porosity size in comparison with LB-PBF counterparts (i.e., below 99.5% versus above 99.3% for relative density and about 100-500 μm versus below 200 μm for LoF defect size) [75-77, 81, 85], the possibility of finding pores near the free surface with size exceeding the critical value can be much higher in DED components, resulting in inferior fatigue performance. 
It is worth noting that the influence of these pre-existing porosity on the LCF and HCF performance are quite different due to distinct fatigue damage evolution processes in the respective regimes [242]. In LCF, fatigue crack propagation dominates the fatigue life and easy crack initiation from the pores is expected to slightly deteriorate LCF performance. This was verified by the fact that LCF fatigue life decreases marginally with the existence of a small surface defect in Ti-6Al-4V samples [239, 248]. As for the HCF regime, the fatigue performance is mainly dependent on crack initiation and porosity leads to significantly reduced fatigue resistance by accelerating it [195, 239]. Furthermore, AM components with higher ductility deliver relatively lower sensitivity to dispersed defects. This is ascribed to the localized plastic deformation zones that form surrounding these defects, which blunt the stress concentrators and, in turn, enhance the tolerance to localized fatigue damage [254].

4.2.2 Effects of surface roughness
High surface roughness (Ra) is another main drawback of AM (Table 1), which provides stress concentrators under cyclic loading and deteriorates fatigue behavior like porosity. However, most of the work focusing on effects of Ra on fatigue behavior reported thus far was conducted on LB-PBF components [255-258] and few studies explored this topic in DED components. These studies show that reducing Ra through post-processing machining and/or polishing could substantially improve fatigue performance of AM components, especially in the HCF regime [255-258]. This is likely to be the scenario in the case for the DED components as well. Since Ra of DED components is either comparable to or higher than that of LB-PBF components (Table 1), post-processing machining become mandatory for parts that experience cyclic loading in service, especially those manufactured via WFS.
It should be noted that available studies focusing on fatigue behaviors of DED components are quite scarce (especially in the HCF regime) and far from adequate in providing a comprehensive description on this topic. Although considerable fatigue database was developed in the field of LB-PBF, the dissimilar features in LB-PBF and DED components in terms of characteristic scale, phase composition and residual stress make it challenging to extrapolate fatigue performance of DED components based on available data. In this context, more studies focusing on the fatigue properties DED alloys and components are required, which will help guide design of mechanically robust DED components.

5. Unique applications of DED technique
5.1 Fabrication of graded materials (GMs) using DED
Compared to other manufacturing methods, DED is demonstrated to be ideally suitable to produce GMs that are usually employed in complex conditions where component properties are required to vary with the location [12, 259-263]. Equipped with two or more powder hoppers, DED systems deposit customized GMs by varying the volumetric/weight fractions of each constituent stock fed to the melt pool [264, 265]. Current studies mainly employ alloys with the detailed knowledge base in AM filed (such as austenite SSs, Ti alloys and Ni-based superalloys) [260-269], elemental powders [270] and ceramic powders [271-273] as the feed stock. 
Presently two types of fabrication methods are popular for building GMs using DED. In one case, the fabricated GMs consist of metallic matrix with gradation in the ceramic particle reinforcements with maximum volume fraction not exceeding 50% along the build direction [271-273]. In the second case, GMs are fabricated by combining two different kinds of metals/alloys, i.e., mixed metals/alloys with a graded composition in the intermediate region and 100% composition at both ends [260-270]. A typical example of first type of GMs is shown in Fig. 20a, where crack-free TiC-reinforced Ti-6Al-4V GM with TiC increasing 1 vol.% along adjacent layers till reaching a maximum of 50 vol.% was fabricated [271]. Mechanical tests showed that although hardness improved monotonically with increasing TiC composition, tensile strength reached its maximum value with 5 vol.% addition of TiC particles and then decreased sharply due to premature failure [271]. Similar enhancement resulted from addition of TiC were reported in other Ti-based GMs [272, 273].
Ti and Ti-based alloys were joined with other metals/alloys to form the second type GMs [268, 269]. In the Ti-6Al-4V/Ti-6.5Al-3.5Mo-1.5Zr-0.3Si GM, the addition of the latter constituent leads to thinner α laths accompanied by an increased volume fraction of the β phase [266]. Similar phenomenon is observed in graded Ti/V and Ti/Mo deposits [270]. Apart from these, some other alloys were employed to fabricate GMs. As shown in Figs. 20b and c, a total of 24 layers consisting of 304L SS and Inconel 625 alloys with graded volumetric fractions in consecutive layers were deposited in the graded region via DED [267]. Consequently, microstructural gradation also develops in the fabricated GM. Their features are highly sensitive to the changes in the local composition. For instance, a transition from cellular to columnar dendrites happens with increasing Inconel 625 [267]. However, mechanical properties of such GMs are challenging to be predicted currently, manifesting as irregular/unpredictable property evolution along with composition gradient. Fig. 20d shows that hardness first decreases with the addition of Inconel 625, followed by a continuous increase and reaches the level of deposited Inconel 625 at a composition of 47 wt.% 304L SS [267]. In the Ti/V and Ti/Mo GMs, however, the micro-hardness increases first and then decreases with a continuous increase in the V/Mo contents along deposited samples [270]. Such irregular variation in the mechanical properties in the gradient regions is due to not only the compositional changes, but also process-induced microstructural variation in terms of grain size, grain morphology, and so on.
[bookmark: OLE_LINK39][bookmark: OLE_LINK40]One major drawback of GMs produced using DED is their higher susceptibility for cracking, which is related to the formation of undesirable intermetallic phases, such as carbides in 304L SS/Inconel 625 [267], σ-FeV and BCC (Fe, V) solid solution phases in 304L SS/V/Ti-6Al-4V [268], and FeTi and Fe2Ti in Ti-6Al-4V/Invar [269]. Figs. 21a and b show fractured Ti-6Al-4V/Invar GM due to cracking [269] and a tortuous crack path within the 304L SS/Inconel 625 GM [267]. Efforts have been made to mitigate or eliminate cracking in GMs by exploring the thermodynamics related to the evolution of various intermetallic phases during DED [265]. A precise control on the composition of different contents provides the opportunity of evaluating intermetallic phases using the phase diagrams [267]. For example, the predicted phase evolution as a function of the composition and temperature in the 304L SS/Inconel 625 GM is shown in Fig. 21c [267]. In many cases, intermetallic phases inevitably appear when linear combinations of two component powders are used. This is due to the large formation window. In this context, the gradient paths, which go through gradual transition from one constituent to the other, could be chosen alternatively. Fig. 21d demonstrates three typical gradient paths that are available within the Ti6Al4V/V GM with a fixed Ti/Al ratio at 750 °C [265]. Path 1 employs component powders with fixed element ratio. Path 3, instead, adopts elemental (Ti, Al, and V) powders and is capable to tune atomic ratio of all elements randomly, which dramatically improves the compositional freedom and, in turn, microstructure, and property design. However, producing GMs through path 3 is costly due to the high production cost of elemental powders. In addition, it can be challenging to acquire a precise control on elements with marginal content using path 3. Fabrication ofFGMs using DED is still under exploration and a comprehensive understanding of composition interactions and phase evolution is critical to manufacture GMs with the desired properties.

5.2 Component repair using DED 
DED is a promising method to repair high value components which are difficult or costly to be replaced [13, 14, 274-281], such as gas turbine blades consisting of directionally solidified or single-crystal Ni-based superalloys. One practical example is that of a damaged gas turbine compressor seal repaired by depositing Inconel 718 alloy at a cost of 45% of new component [282]. Component repair using DED involves the injection of the feedstock into melt pool at specific locations (that require repair) guided by a digital model that is determined by the difference between 3D models of original and damaged components [280]. Figs. 22a and b show images of damaged turbine blade before and after repair, respectively [281]. In the repair process, compact metallurgical bonding is required between the deposited material and base substrate without losing the integrity of the components [278, 281]. In addition, both the component’s geometry and mechanical properties are required to be restored by the repair procedure. The flexibility inherent to DED makes it ideal for restoring the geometry. Restoration of the mechanical performance to the pristine levels, however, can be challenging due to limited control on the microstructure evolution, including grain features, phase compositions, and elemental distributions. Oh et al reported that compact bonding could be achieved between deposits and damaged substrates in both CM and LB-PBF 316L SS (Fig. 22c) [278]. In addition, tensile properties of the above two components with shallow grooves could be completely restored after repairing them with DED. Table 7 provides a comparison of the mechanical properties of various alloys in undamaged and repaired conditions [13, 278, 281]. While the tensile properties of some repaired components are comparable to their undamaged counterparts, the others show inferior mechanical performance due to cracking and oxidization [278]. Additionally, martensite formation in the DED layers of AISI 4340 steel, due to the relatively rapid cooling, results in hardness enhancement at the cost of ductility and toughness, and therefore post-repair HT is required [283]. Above studies indicate that some issues exist in achieving restoration of both geometry and mechanical property through DED and further investigation is required to enhance the understanding of this emerging process.
During the repair of components with singe-crystal grain or directionally solidified grains using DED, stray grains with considerable misorientation from adjacent grains can frequently form [284, 285]. The principles guiding repair of such components is to maintain the epitaxial growth from baseplate and prevent the nucleation and growth of equiaxed grains. Going back to Section 3.2, a combination of high , low  and limited  is favorable for this. Thus, the formation of stray grains could be suppressed by adopting optimized combination of process variables, such as low substrate temperature, reduced laser beam energy, and low laser beam size [104]. Notably, the melt pool morphology needs to be considered specifically for DED-repair process. Stray grains were reported to form along the melt pool boundary with large curvature due to considerable misorientation between heat flow direction and preferred growth direction at these regions [284]. In this context, single-track deposition can be an effective way for melt pool morphology optimization before DED-repairing [285].

6. Closing remarks
Significant advances in DED technique have been achieved in the past decades with continuous efforts made in both laboratories and industries. Compared to LB-PBF, DED process is characterized by some unique advantages which make it a more promising method for industry applications. Due to the non-equilibrium solidification process and thermal cycles, DED components consist directional columnar grains, cellular structures, elemental segregation, and high-density dislocations. In addition, some metastable phases, such as ferrite in austenite steel grades, austenite in martensitic steel grades and α’ phase in Ti alloys, are present within AB DED components. As for mechanical performance, DED components exhibit comparable or superior strength but generally inferior ductility relative to CM counterparts. In addition, the appearance of porosity and considerable surface roughness results in inferior fatigue performance (especially in HCF regime). Following additional efforts regarding to DED technique are highly desired to extend DED applications.
Significant advances were achieved in the field of LB-PBF with control on grain morphology and texture evolution, while related studies are still scarce when it comes to DED technique. In DED process, close control on microstructure evolution is challenging due to the relatively large melt pool with graded thermal field, preventing accurate local control on very small region. In this context, continuous research work is required to provide abundant experimental database on thermal field in melt pool and microstructure evolution in various DED materials. In addition, in situ HT after solidification can be interesting and promising method to adjust microstructures. 
Simulation study has always been a powerful tool in scientific investigations and is also employed to help describe crystal grain evolution with various processing parameters in DED process. However, due to the rather complex thermal cycle and limitations of accessible computers, most available studies focused on single melt pool or single track, instead of multi-track layer or even multi-layer deposit. The real thermal dynamics within melt pool of blocks may deviate significantly from that of single isolated melt pool, forming gaps between simulation works and practical deposition. More accurate simulation studies with special concentration on influences of continuous thermal cycles will also help processing parameter optimization and mechanical property improvement.
As mentioned in Section 4.2, tensile properties of common DED components have been well studied, but investigations on fatigue behaviors are far from complete. Coarser structures, larger porosity with higher volume fraction and considerable surface roughness will result in disparate behaviors in DED and LB-PBF components subjected to cyclic loading. Thus, investigations on fatigue performance of DED components are necessary before extending their industrial applications.
Another challenge is that there is still no well-established standard for mechanical tests of DED blocks. Thermal histories, and therefore microstructures and mechanical performance, are known to vary significantly with processing parameters, locations where test specimens extracted as well as size and geometry of components. It is not surprising to find that there exists considerable difference among experimental data reported in available studies. Therefore, it is imperative to develop a standard for test of DED blocks with detailed description on specimen size, shape, orientation, location, and block geometry. 
FGMs manufactured via DED are now compositionally gradient, instead of functionally (property) gradient. In this context, a closer control on microstructure evolution based on phase diagram and thermal field studies, rather than simply tuning composition, can be the key point in manufacturing FGMs using DED for applications.
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[bookmark: _Hlk74411885][bookmark: _Hlk82970394]Table 1 Comparison of main processing parameters and features in DED and LB-PBF processes.
	Process
	DED                DED                         DED                          DED
	LB-PBF

	Feedstock
	Powder
	Wire
	Wire
	Wire
	Powder

	Heat source
	Laser
	Laser
	E-beam
	Arc
	Laser

	Environment/ Shielding gas
	Ar/N2
	Ar
	Vacuum
	He-Ar, Ar-CO2, Ar
	Ar, N2

	Power (kW)
	0.2-5
	1.5-3.5
	1.8-3.9
	-
	0.2-2

	Current (A)
	
	
	
	70-160
	

	Scanning speed (mm/s)
	5-30
	5-50
	4-12
	4-22
	500-3000

	Feeding rate1 
	6-30
	1-10
	-
	1-15
	-

	Spot size (mm)
	1-5
	-
	-
	-
	0.05-0.2

	Layer thickness (µm)
	300-2000
	300-2000
	-
	500-2000
	20-90

	Melt pool width (µm) 
	1500-3000
	-
	-
	-
	100-600

	Melt pool depth (µm)
	500-2500
	-
	-
	-
	200-800

	Surface roughness (µm)
	5-30
	-
	-
	120-1000
	12-25

	Ref.
	[21, 43-46]
	[38, 39, 47]
	[40, 48, 49]
	[36, 37, 41, 50, 51]
	[52-59]


1. Unit for feeding rate is g/min for powder and m/min for wire.




















[bookmark: _Hlk74411950]Table 2 Easy growth directions for epitaxial growth of metals and alloys with various crystal structures [103].  
	Crystal structure 
	Easy growth direction
	Examples

	Face-centered-cubic (FCC)
	<100>
	Austenitic SS,
Ni-based superalloys

	Body-centered-cubic (BCC)
	<100>
	Ferrite SS

	Hexagonal-close-packed (HCP)
	<100>
	Ti alloys, Mg alloys

	Body-centered-tetragonal (BCT)
	<110>
	Sn







































[bookmark: _Hlk74411969]Table 3 Dislocation density in AB DED and LB-PBF components.
	Material
	Process
	Measurement
method
	Dislocation density (1014 m-2)
	Ref.

	316L SS
	DED
	TEM 
	1.0
	[149]

	316L SS
	DED
	Neutron diffraction
	2.3
	[156]

	304L SS
	DED
	EBSD
	0.34-0.43
	[136]

	304L SS
	DED
	[bookmark: OLE_LINK31]Neutron diffraction
	[bookmark: OLE_LINK32]2.5 ± 1.0

	[155]

	304L SS
	DED
	Neutron diffraction
	1.62
	[157]

	Ti-6Al-4V
	DED
	EBSD
	26-466
	[142]

	Inconel 625
	DED
	EBSD
	0.141-0.196
	[158]

	316L SS
	LB-PBF
	TEM
	4.0
	[149]

	316L SS
	LB-PBF
	XRD
	11.4
	[159]

	316L SS
	LB-PBF
	Electron channeling contrast
	2.5
	[160]

	316L SS
	LB-PBF
	TEM
	7.2 ± 1.1
	[161]

	304L SS
	LB-PBF 
	TEM
	2.0
	[162]

	Al0.3CoCrFeNi
	LB-PBF
	TEM
	3.0-7.0
	[163]




























[bookmark: _Hlk74412053]
Table 4 Uniaxial tensile properties of steels fabricated by DED in comparison with that of CM counterparts.
	Materials
	Geometry
	 (W)
	(mm/s)
	Condition
	Phase
	Direction
	 (MPa)
	(MPa)
	 (%)
	 (%)                 
	 (%)                   
	Ref.

	DED
	
	
	
	
	
	
	
	
	
	
	
	

	316L SS
	Block
	800
	10
	AB
	-
	-
	402±20
	428±21
	13.51±0.75
	-
	-
	[210]

	
	
	1000
	13.33
	AB
	-
	-
	415±21
	440±23
	14.93±0.82
	-
	-
	

	
	
	1150
	16.67
	AB 
	-
	-
	410±20
	459±24
	21.49±1.12
	-
	-
	

	
	
	1450
	20
	AB
	-
	-
	446±23
	471±25
	17.51±0.85
	-
	-
	

	
	
	1650
	23.33
	AB
	-
	-
	456±24
	508±25
	19.62±1.05
	-
	-
	

	316L SS
	Block
	360
	8.5
	AB
	γ+δ
	Vertical
	410±5
	640±20
	36±4
	-
	-
	[23]

	
	
	360
	8.5
	HT1
	γ
	Vertical
	340±15
	610±10
	42.5±0.5
	-
	-
	

	316L SS
	Block
	900
	15
	AB
	γ+δ
	Vertical
	469±6
	649±2
	23±3
	-
	-
	[28]

	316L SS
	Block
	-
	-
	AB
	γ+δ
	-
	470±3
	628±7
	31.2±2.2
	-
	-
	[29]

	316L SS
	Block
	400
	15
	AB
	γ+δ
	Horizontal
	576
	776
	33
	16.84
	-39.39
	[135]

	
	
	
	
	
	
	Vertical
	497
	703
	46
	
	
	

	316L SS
	Block
	570
	12.5
	AB
	γ+δ
	Horizontal
	487±10
	668±7
	51.6±1.2
	42.92
	-19.96
	[211]

	
	
	
	
	
	
	Vertical
	278±9
	569±13
	61.9±3.9
	
	
	

	316L SS
	Block
	800
	3
	AB
	-
	Horizontal
	-
	694
	40
	-
	-7.5
	[212]

	
	
	
	
	
	
	Vertical
	-
	626
	43
	-
	
	

	304L SS
	Block
	400
	17
	AB
	-
	Horizontal
	453±6
	710±4
	54±1
	3.31
	-29.63
	[136]

	
	
	
	
	
	
	Vertical 
	438±7
	664±5
	70±2
	
	
	

	304L SS
	Wall
	2300
	8.5
	AB
	γ+δ
	Horizontal
	337±29
	609±18
	48.2±2.5
	6.82
	-17.01
	[215]

	
	
	
	
	
	
	Vertical
	314±6
	606±13
	56.4±5.8
	
	
	

	
	Wall
	4000
	10.6
	AB
	γ+δ
	Horizontal
	277±27
	581±20
	41.8±3.5
	1.08
	-20.81
	

	
	
	
	
	
	
	Vertical
	274±7
	560±12
	50.5±6.7
	
	
	

	17-4 PH
	Block
	685
	10
	AB
	γ+M
	Horizontal
	758±19
	1129±5
	14.1±0.3
	21.50
	73.05
	[168]

	
	
	
	
	
	
	Vertical
	595±14
	918±13
	3.8±1.3
	
	
	

	17-4 PH
	Block
	800
	10
	AB
	γ+M
	Horizontal
	574±16
	1005±5
	19.4±1.4
	-
	-
	[167]

	
	
	
	
	HT2
	γ+M
	
	856±10
	1070±20
	17.3±1.3
	
	
	

	17-4 PH
	Block
	-
	6.2
	AB
	γ+M
	Horizontal
	842±65
	1009±55
	11.6±0.3
	12.35
	-5.17
	[220]

	
	
	
	
	
	
	Vertical
	738±30
	979±13
	12.2±0.7
	
	
	

	
	
	
	
	HT3
	-
	Horizontal
	815±24
	1000±5
	12.8±0.2
	-1.47
	3.13
	

	
	
	
	
	
	
	Vertical
	827±4
	1006±6
	12.4±0.4
	
	
	

	
	
	
	
	HT4
	-
	Horizontal
	1140±57
	1293±32
	8.2±0.3
	7.11
	20.73
	

	
	
	
	
	
	
	Vertical
	1059±9
	1124±5
	6.5±0.3
	
	
	

	
	
	
	
	HT5
	-
	Horizontal
	1225±36
	1353±6
	13.8±1.4
	-0.73
	0.00
	

	
	
	
	
	
	
	Vertical
	1234±33
	1351±11
	13.8±0.5
	
	
	

	CM
	
	
	
	
	
	
	
	
	
	
	
	

	316L SS
	Block
	-
	-
	As-cast
	γ
	-
	200±30
	450±25
	45±4
	-
	-
	[213]

	316L SS
	Block
	-
	-
	Wrought
	γ
	-
	220-270
	520-680
	40-45
	-
	-
	[214]

	304L SS
	Block
	-
	-
	Annealed
	γ
	-
	265±9
	722±14
	62.3±2.6
	-
	-
	[215]

	17-4 PH
	Block
	-
	-
	Wrought (HT6)
	M
	
	992
	1018
	13.4
	-
	-
	[221]


1. Homogenizing heat treatment: 1150 °C for 2 h
2. ST: 1040 °C for 1 h followed by AT: 550 °C for 2 h
3. ST: 1040 °C for 0.5 h
4. AT: 480 °C for 1 h
5. ST: 1040 °C for 0.5 h followed by AT: 480 °C for 1 h
6. ST: 1038 °C for 0.5 h


[bookmark: _Hlk74412128]Table 5 Uniaxial tensile properties of Ti-6Al-4V fabricated by DED in comparison with that of CM counterparts.
	Materials
	Geometry
	 (W)
	(mm/s)
	Condition
	Phase
	Direction
	 (MPa)
	 (MPa)
	(%)
	 (%)
	 (%)
	Ref.

	DED
	
	
	
	
	
	
	
	
	
	
	
	

	Ti-6Al-4V
	Block
	-
	-
	AB
	α'
	Horizontal
	950±2
	1025±10
	12±1
	0.00
	0.00-
	[178]

	
	
	-
	-
	
	
	Vertical
	950±2
	1025±2
	5±1
	
	
	

	Ti-6Al-4V
	Block
	2000
	10.6
	AB
	α+β 
	Horizontal
	1015±12
	1118±10
	12±3
	9.06
	66.67
	[179]

	
	
	
	
	
	
	Vertical
	923±25
	1042±29
	20±3
	
	
	

	
	
	
	
	AB
	
	Horizontal
	988±29
	1087±31
	20±3
	6.48
	-10.00
	

	
	
	
	
	
	
	Vertical
	924±26
	1031±29
	22±4
	
	
	

	
	
	
	
	AB
	
	Horizontal
	994±33
	1104±24
	12±2
	3.52
	-16.67
	

	
	
	
	
	
	
	Vertical
	959±29
	1072±29
	14±4
	-
	
	

	
	
	
	
	AB
	
	Horizontal
	973±25
	1076±25
	20±3
	3.60
	-15.00
	

	
	
	
	
	
	
	Vertical
	938±22
	1048±23
	23±3
	
	
	

	Ti-6Al-4V
	Block
	470
	16.67
	AB
	α'
	Horizontal
	976±24
	1099±2
	4.9±0.1
	-
	-
	[223]

	Ti-6Al-4V
	Block
	330
	10
	AB
	α'
	Horizontal
	1005
	1103
	4
	-
	-
	[180]

	
	
	780
	13.33
	AB
	α'+α
	Horizontal
	990
	1042
	7
	-
	-
	

	Ti-6Al-4V
	Block
	300
	0.61
	AB
	α+β, GB α
	-
	1105±19
	1163±22
	4±1
	-
	-
	[224]

	Ti-6Al-4V
	Wall
	2000
	10.6
	AB
	α+β, GB α
	Horizontal
	960±26
	1063±20
	10.9±1.4
	1.56
	-33.03
	[114]

	
	
	
	
	
	
	Vertical
	945±13
	1041±12
	14.5±1.2
	
	
	

	Ti-6Al-4V
	Wall
	2000
	10.6
	AB
	α+β
	Horizontal
	959±32
	1077±33
	18±2
	6.67
	0.00
	[179]

	
	
	
	
	
	
	Vertical
	895±19
	1012±20
	18±2
	
	
	

	
	
	
	
	
	
	Horizontal
	947±29
	1059±18
	18±4
	1.48
	5.56
	

	
	
	
	
	
	
	Vertical
	933±18
	1047±18
	17±4
	
	
	

	
	
	
	
	
	
	Horizontal
	923±15
	1043±10
	19±5
	2.38
	21.05
	

	
	
	-
	-
	
	
	Vertical
	901±11
	1024±13
	15±5
	
	
	

	
	
	-
	-
	
	
	Horizontal
	910±17
	1035±18
	13±2
	4.29
	-46.15
	

	
	
	
	
	
	
	Vertical
	871±19
	995±18
	19±3
	
	
	

	Ti-6Al-4V
	Block
	330
	10
	HT1 
	α+β
	Horizontal
	1000
	1073
	9
	-
	-
	[180]

	
	
	780
	13.33
	HT1
	α+β
	Horizontal
	991
	1044
	10
	-
	-
	

	Ti-6Al-4V
	Block
	300
	0.61
	HT2 
	α+β, GB α
	-
	975±15
	1053±18
	7.5±1
	
	
	[224]

	
	
	
	
	HT3
	α+β, GB α
	-
	959±12
	1045±16
	10.5±1
	
	
	

	
	
	
	
	HT2
	α+β, GB α
	-
	931±16
	1002±19
	6.5±1
	
	
	

	
	
	
	
	HT3 
	α+β, GB α
	-
	900±14
	951±15
	7.5±1
	
	
	

	Ti-6Al-4V
	Block
	-
	10
	HT4
	α+β, GB α
	Horizontal
	804
	920
	12.1
	1.87
	-33.06
	[225]

	
	
	
	
	
	
	Vertical
	789
	884
	16.1
	
	
	

	Ti-6Al-4V
	Wall
	300
	4
	HT5 
	α+β, GB α
	Horizontal
	1020
	1190
	4.3
	11.76
	-230.23
	[16]

	
	
	
	
	
	
	Vertical
	900
	1050
	14.2
	
	
	

	CM
	
	-
	-
	
	
	
	
	
	
	
	
	

	Ti-6Al-4V
	Block
	-
	-
	Wrought
	
	-
	962
	1008
	19
	-
	-
	[226]


1. 760±4 °C for 1 h.
2. 950 for 1h, air cooling.
3. 950 °C for 1h, furnace cooling.
4. 704 °C for 2h.
5. 560 °C for 2h







[bookmark: _Hlk74412196]Table 6 Uniaxial tensile properties of Inconel 718 fabricated by DED in comparison with that of CM counterparts.
	Materials
	Geometry
	 (W)
	 (mm/s)
	Condition
	Direction
	 (MPa)
	 (MPa)
	 (%)
	 (%)
	 (%)
	Ref.

	DED
	
	
	
	
	
	
	
	
	
	
	

	Inconel 718
	Block
	2350
	8
	AB
	-
	590
	845
	11
	-
	-
	[198]

	Inconel 718
	Block
	-
	-
	AB
	Horizontal
	650
	1000
	-
	-
	-
	[190]

	Inconel 718
	Block
	450
	8.33
	AB
	Horizontal
	715
	941
	17.6
	-
	-
	[228]

	
	
	840
	10.4
	AB
	Horizontal
	668
	960
	21.6
	-
	-
	

	Inconel 718
	Block
	4000
	26.67
	AB
	Horizontal
	745
	1051
	31.2
	-
	-
	[229]

	
	
	
	
	
	Horizontal
	752
	1074
	22.5
	-
	-
	

	
	
	
	
	
	Horizontal
	465
	822
	33.9
	-
	-
	

	Inconel 718
	Block
	725-1000
	3.33-5.55
	AB
	Horizontal
	561±4

	909±1

	31.3±0.8

	7.31
	11.82
	[230]

	
	
	
	
	
	Vertical
	520±2
	932±5
	27.6±1.0
	
	
	

	Inconel 718
	Block
	300
	-
	AB
	-
	557±33
	838±6
	50.4±3.9
	-
	-
	[231]

	
	
	400
	-
	AB
	-
	554±42
	869±15
	44.7±2.2
	-
	-
	

	Inconel 718
	Block
	2500
	10
	AB
	Vertical
	544
	879
	43
	-
	-
	[196]

	Inconel 718
	Block
	2350
	8
	HT1 
	-
	1133
	1240
	9
	-
	-
	[198]

	
	
	
	
	HT1
	-
	1170
	1360
	18
	-
	-
	

	Inconel 718
	Block
	-
	-
	HT2
	Horizontal
	1257
	1436
	-
	-
	-
	[190]

	Inconel 718
	Block
	
	
	HT3
	Vertical
	1084
	1333
	8.4
	
	
	

	
	
	-
	-
	HT2
	Vertical
	1007
	1221
	16
	-
	-
	

	
	
	
	
	HT1
	Vertical
	949
	1194
	19.9
	-
	-
	

	Inconel 718
	Block
	450
	8.33
	HT4
	Horizontal
	1120
	1365
	7
	-
	-
	[228]

	
	
	840
	10.4
	HT4
	Horizontal
	1040
	1318
	9.5
	-
	-
	

	Inconel 718
	Block
	2500
	10
	HT3
	Vertical
	1035
	1294
	10.5
	-
	-
	[196]

	
	
	
	
	HT2
	Vertical
	1060
	1290
	15.4
	-
	-
	

	
	
	
	
	HT1
	Vertical
	1114
	1316
	26.1
	-
	-
	

	Inconel 718
	Block
	1250
	16.67
	HT5
	Vertical
	313
	687
	54
	-
	-
	[232]

	
	
	
	
	HT1
	Vertical
	1061
	1278
	19
	-
	-
	

	
	
	1300
	16.67
	HT5
	Vertical
	328
	726
	57
	-
	-
	

	
	
	
	
	HT1
	Vertical
	1093
	1307
	17.5
	-
	-
	

	
	
	1350
	16.67
	HT5
	Vertical
	340
	756
	61
	-
	-
	

	
	
	
	
	HT1
	Vertical
	1129
	1342
	16
	-
	-
	

	
	
	1400
	16.67
	HT5
	Vertical
	325
	718
	55
	-
	-
	

	
	
	
	
	HT1
	Vertical
	1077
	1298
	18
	-
	-
	

	CM
	
	-
	-
	
	
	
	
	
	
	
	

	Inconel 718
	Block
	
	
	As-cast
	-
	758
	802
	5
	-
	-
	[233]

	Inconel 718
	Block
	-
	-
	Wrought
	-
	1100
	1340
	12
	-
	-
	[198]


Homogenization treatment: 1093 ± 14 °C, 1 to 2 h, air cooling/ water cooling; ST: 954 to 982°C, >1 h, air cooling/water cooling; AT: 718± 8°C, 8 h, furnace cooling to 621± 8 °C, 10 h, air cooling/ water cooling
1. HT1: HSAT
2. HT2: SAT
3. HT3: AT
4. HT4: 732 °C, 4 h, furnace cooling
5. HT5: Homogenization treatment



[bookmark: _Hlk74412219]Table 7 Mechanical properties of components in undamaged and DED-repaired conditions.
	Materials
	Condition
	 (MPa) 
	 (MPa)
	 (%)
	Ref. 

	316L SS
	CM (Hot-annealed)
	297
	737
	64
	[278]

	
	DED-repaired1
	297
	698
	55
	

	
	DED-repaired2
	300
	608
	26
	

	
	DED-repaired3
	270
	381
	6
	

	
	LB-PBF (AB)
	529
	709
	44
	

	
	DED-repaired1
	526
	689
	42
	

	
	DED-repaired2
	485
	641
	26
	

	
	DED-repaired3
	443
	490
	4
	

	Inconel 625
	CM (Annealed)
	403
	841
	30
	[281]

	
	DED (AB)
	487
	815
	69
	

	
	DED-repaired
	482
	793
	56
	

	Al-12Si
	CM
	521
	545
	-
	[13]

	
	DED-repaired
	481
	525
	-
	


1. Repairing groove depth: 0.5 mm
2. Repairing groove depth: 1.0 mm
3. Repairing groove depth: 2.0 mm

