
1 
 

Solidification in metal additive manufacturing: challenges, solutions, and 
opportunities 

Shubham Chandra1,2, Jayaraj Radhakrishnan2, Sheng Huang2, Siyuan Wei3, Upadrasta 
Ramamurty2,3 

1Singapore Centre for 3D Printing, School of Mechanical and Aerospace Engineering, 
Nanyang Technological University, Singapore 639798, Republic of Singapore. 

2School of Mechanical and Aerospace Engineering, Nanyang Technological University, 
Singapore 639798, Republic of Singapore. 

3Institute of Materials Research and Engineering (IMRE), Agency for Science, Technology 
and Research (A∗STAR), 2 Fusionopolis Way, Innovis #08-03, Singapore 138634, Republic 

of Singapore. 

Abstract: The physics of alloy solidification during additive manufacturing (AM) in methods 

such as laser powder bed fusion (LPBF), electron beam powder bed fusion (EPBF), and laser 

directed energy deposition (LDED), is distinct due to the combination of (a) the rapid 

solidification conditions that often prevail in AM, (b) adjoining scan tracks that result in the 

overlap of the adjacent melt pools, and (c) layer-wise fabrication that causes the pre-deposited 

layer to influence the subsequent layer’s microstructural evolution. The complex interplay 

between these and each alloy’s distinct solidification characteristics results in a wide spectrum 

of hierarchical microstructures that span multiple length scales, with diverse grain 

morphologies and non-equilibrium phases. Consequently, a detailed understanding of the 

solidification phenomena that occur during LPBF, EPBF, and LDED is necessary for 

controlling the microstructural evolution, which ensures repeatable and predictable mechanical 

response of the built part, and hence structural reliability of it in service. Keeping this in view, 

substantial efforts have been made to develop a detailed understanding of the solidification 

during AM of alloys, which are summarized in this review. From the local interfacial 

equilibrium applicable to a range of rapid solidification conditions to non-equilibrium 

conditions that prevail during ultra-fast solidification are reviewed. Numerical efforts ranging 

from atomic scale to macro-scale have been reviewed with a central goal of highlighting the 

phenomenon of dislocation evolution, grain growth, and phase formation during solidification. 

Specific challenges such as solidification cracking in non-weldable alloys and porosity-

cracking dilemmas are discussed. Unique opportunities for tailoring the microstructures such 

as in-situ alloying are presented. 
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1. Introduction  

Additive manufacturing (AM) of engineering alloy components offers many advantages from 

the fabrication point of view, as compared to the conventional manufacturing (CM) processes, 

which involve casting that is often followed by thermo-mechanical processing steps such as 

forging, rolling, and extrusion. As a result, there is a considerable current interest metal AM, 

both from scientific and technological perspectives. However, not all the well-established 

engineering alloys are amenable to AM. Developing new alloy compositions that can exploit 

the intrinsic metallurgical processes associated with AM, especially with techniques such as 

laser powder bed fusion (LPBF), e-beam powder bed fusion (EPBF), and laser directed energy 

deposition (LDED), is a major challenge. For this, a detailed understanding of the ultra-fast 

solidification process associated with the aforementioned AM techniques is the key, not only 

for improving the printability of the alloy under consideration, but also for imparting superior 

mechanical, tribological and thermophysical properties to the built part, and, in the process, 

advance AM to the forefront of industrial and large-scale manufacturing [1,2]. A variety of AM 

techniques have progressed enough to have suitability in producing functional parts that often 

outperform their CM counterparts in terms of perfoamnce and are also economical [3–7]. 

Regardless of their distinctive features, AM techniques follow a generic procedure for part 

fabrication. Powder or wire feedstock [3–8] is laid out and fused line-wise using an energy 

source such as a high-power laser or an electron beam (or a binder – in the case of binder jet 

printing (BJP) [9–14]) for repeated deposition in a layer-wise fashion that results in a part that 

often requires minimal post-processing. 

 

AM techniques offer a substantial advantage in terms of fabricating a wide range of engineering 

components with complex geometries [15]. However, producing such parts that are free from 

any defects (pores and cracks) and have microstructural uniformity across them, or, better yet, 

a controlled heterogeneity, is harder to accomplish. It requires an understanding of the 

microstructural evolution not only within one ‘track,’ but through overlapping tracks that result 

in a ‘layer’ and overlapping layers that result in a 3D part. This implies considering the most 

fundamental element of the AM process: a rapidly solidifying melt pool and deciphering the 

microstructural evolution mechanisms involved within. The microstructures of components 

manufactured using the powder-based binder jet printing (BJP) technique are akin to well-

annealed alloys, due to the fact that they undergo high-temperature sintering. In the wire-based 

DED technique, the feedstock microstructure is retained due to the surface-level melting 
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[10,13,14,16–21]. Therefore, the microstructural evolution mechanisms in these two processes 

occur as per the well-understood mechanisms, and, hence, will not be covered in this review. 

On the other hand, EPBF, LPBF, and LDED involve complete remelting of the original 

feedstock powders before solidification. Hence, it is crucial to understand the key fundamental 

building block of the parts fabricated using them: a melt pool and its rapid solidification. Over 

the years, researchers in AM have allocated substantial efforts in discerning the rapid 

solidification associated with a melt pool in sub-millimetre scales for a myriad of processing 

conditions for the aforementioned techniques with the help of numerical modelling [22] and 

extensive experimental observations such as in-situ X-ray imaging [23–26]. This review 

exclusively focuses on them. 

 

The three techniques of EPBF, LPBF, and LDED, although follow the central theme of line-

wise and layer-wise material deposition, have substantially different inherent thermal histories 

that govern the fundamental unit of a melt pool, and thus the microstructural evolution within, 

as illustrated using the schematic shown in Figure 1. For instance, the shallow and wide melt 

pools that form due to high build temperatures, high vacuum build environment, and high 

thermal gradients in an EPBF process often assist in the epitaxial grain growth through multiple 

layers and strengthening of the <001> crystallographic texture in the alloys with the face-

centred cubic (FCC) crystal structures [27–32]. Although the melt pool profiles in the LPBF 

and LDED processes exhibit some similarity, in terms of the convection mode of solidification 

(caused by the convective heat transfer that occurs through the flowing inert gases), their length 

scales significantly differ [8]. While the sizes of the melt pools in LPBF range from several 

tens to hundreds of micrometres, those in LDED are often in the millimetre scale. Moreover, 

the latter, due to its dependence on the powder flow rate, tends to offer a more flexible deposited 

bead-to-melt depth ratio, in contrast to the prefixed layer heights in LPBF. Consequently, the 

<111> oriented grains that nucleate in the central regions of a melt pool in LDED can 

epitaxially grow to (and through) the proceeding layers, in contrast to the <011> 

crystallographic texture that prevails in LPBF. Because of the intricacies involving the effect 

of melt pool geometries, solidification parameters, and track- and layer-overlap ratios on the 

resultant grain growth, neither of these three crystallographic directions or a combination of 

them is exclusive to either of the three powder fusion-based AM (PF-AM) processes. 

Researchers have extensively reported a variety of crystallographic textures and grain 

morphologies in EPBF [33–43], LPBF [44–49], and LDED [35,50–55] processes. However, as 

we shall point out in later sections, there is still a substantial research gap for the three 
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techniques to produce a desired microstructure that is independent of geometry and alloy 

systems. Keeping this in view, we review in this article the literature on these three techniques 

with a central theme – understanding the rapid solidification phenomena and its impact on AM 

microstructures such as columnar-to-equiaxed transition (CET), solidification-cracking, 

porosity, segregation-induced phase transformations and so on. 

 

Figure 1. Schematic diagrams showing the typical microstructures obtained in powder fusion 

AM processes of EPBF, LPBF, and LDED. The hierarchical schematic shows the unique melt 

pool shapes which translate through their equally distinct solidification parameters to the 

microstructural features such as solidification cracking, lack of fusion porosity, columnar-to-



11 
 

equiaxed transition (CET), segregation-induced columnar dendritic structures, chemical 

heterogeneity-induced phase transformations, geometry-dependent microstructural evolution. 

Since microstructural design and control are critical for consistent and reliable mechanical 

performance, understanding the solidification phenomenon, along with the microstructural 

features that result from it, in the three AM techniques, namely LPBF, EPBF, and LDED, is 

crucial in advancing the state-of-the-art. Through this review, we summarize the current 

understanding, list the outstanding challenges and point to future directions of research. This 

review is structured in the following manner. In the following section (section 2), the 

fundamentals of solidification that occur under local interfacial equilibrium as well as the non-

equilibrium conditions are summarized first. The deviation from the equilibrium solidification 

conditions in AM and its impact on the microstructural evolution is discussed next. Theoretical 

and numerical modelling efforts in nano-, micro-, and macro-scale specific to AM are detailed 

in section 3. Section 4 summarizes several challenges that are specific to the solidification 

processes in AM. Section 5 provides opportunities, which the unique solidification phenomena 

inherent to AM provide, for producing novel micro- and meso-structures that can enhancing 

the mechanical performance of the 3D printed parts. This review concludes with an outlook on 

the future directions that the solidification research in AM can (and should) take. 

 

2. Summary of relevant solidification theories 

Understanding the fundamentals of metal solidification has been key for making better 

castings, one of the pillars of manufacturing for centuries. Over the years, they have been 

revised for rapid conditions and reapplied to techniques such as welding and, in more recent 

years, AM. However, as the melt pools get smaller in AM, their cooling rates get faster, which 

leads to ultra-fast solidification conditions. For deciphering the microstructures (with 

hierarchical structures, phases, and defects) that result from such conditions, it is imperative to 

familiarize oneself with the kinetic and thermodynamic principles of rapid solidification, such 

that the impact of this phenomenon can be understood on the microstructural evolution during 

the AM of complex alloy systems. While doing so, we shall limit the discussion in the following 

to alloy systems and not pure metals, since AM is mostly used for fabricating alloy components. 
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2.1. Nucleation and growth 

The energy supplied to an alloy system which leads to its transformation from solid to liquid 

phase needs to be extracted to form the final part or a component. Mathematically, the rise in 

enthalpy of an alloy as it melts is expressed in terms of the specific heat capacity and the latent 

heat of fusion. Hence, the heat flux – 𝑞,  out of the liquid metal to cool it down and drive 

solidification can be determined by using the relation [56]:  

𝑞 ∙ ൬
𝐴

𝑣′
൰ = 𝑐 ൬

𝑑𝑇

𝑑𝑡
൰ − ∆ℎ௙ ൬

𝑑𝑓௦

𝑑𝑡
൰. (1) 

Though originally 𝐴  and 𝑣′  were specified as the surface area and volume of a cast, 

respectively; they can also be interpreted as the surface area for the heat transfer and volume 

of the melt, c is the specific heat capacity per unit volume, 𝑇 is the temperature, ∆ℎ௙ is the 

latent heat of fusion per unit volume, and 𝑓௦ is the fraction of solid formed in the molten pool 

at any given time, 𝑡. It should be highlighted that this equation is derived from the heat balance 

for isothermal solidification conditions (low cooling rate) and a constant specific capacity 

across the solid/liquid interface. For an alloy composition Eq. (1) can be modified to calculate 

the cooling rate, 
ௗ்

ௗ௧
 or 𝑇̇ as: 

𝑇̇ = 𝑞 ∙
ቀ

𝐴
𝑣′𝑐

ቁ

1 − ൬
∆ℎ௙

𝑐 ൰ ൬
𝑑𝑓௦

𝑑𝑇
൰

. (2) 

A key understanding to be gained from the above equation is that with a decrease in 

temperature, the fraction of solid increases and 
ௗ௙ೞ

ௗ்
 is always negative. Hence, the solidification 

process leads to a reduction in the cooling rate.  

 

The critical radius, 𝑟௖ , of the nuclei, above which they are energetically stable during 

solidification, is given by the equation:  

𝑟௖ =
2𝜎

∆𝑔
, (3) 

where 𝜎 is the surface energy per unit area of the solid/liquid interface and ∆𝑔 is the magnitude 

of the Gibbs free energy change from liquid to solid per unit volume [56]. For a process to be 

spontaneous, its ∆𝑔 has to be negative which is also zero at equilibrium conditions. Therefore 

at liquidus temperature, 𝑟௖ for a potent nucleation event is infinite. Hence, nucleation can only 

occur spontaneously at a temperature below the liquidus and this process varies with the 

alloying composition and is termed nucleation undercooling. The energy barrier for 
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homogeneous nucleation, which occurs in the absence of impurities or solid surfaces, is the 

total free energy change at the critical radius and is given as [56]: 

∆𝐺௛௢௠௢௚௘௡௘௢௨௦ =
16𝜋𝜎ଷ

3∆𝑔ଶ
. (4) 

In cases where the melt is in contact with a wall or certain impurities are present in the melt, 

heterogeneous nucleation occurs. The energy barrier necessary for the occurrence of it is 

written as [56]:  

∆𝐺௛௘௧௘௥௢௚௘௡௘௢௨௦ =
16𝜋𝜎ଷ

3∆𝑔ଶ
∙

[2 + 𝑐𝑜𝑠 𝜓][1 − 𝑐𝑜𝑠 𝜓]ଶ

4
. (5) 

Here, 𝜑 is the contact angle or the solid-solid wetting angle between the solid nucleus and the 

existing solid. It should be noted that the variation in 𝜓 from 0o to 180o, ∆𝐺௛௘௧௘௥௢௚௘௡௘௢௨௦ varies 

from 0 to ∆𝐺௛௢௠௢௚௘௡௘௢௨௦ . Therefore, in metallic melts such as those obtained during AM, 

heterogeneous nucleation will always be preferred over homogeneous nucleation leading to 

epitaxial grain growth. However, in regions farther away from the predeposited metal, 

homogeneous nucleation can be initiated by solidification undercooling. 

 

Undercooling which is the key to grain nucleation and the driving force during the 

solidification of metals and alloys can be subdivided into constitutional, thermal, curvature, 

and kinetic undercooling [57,58]. Constitutional undercooling occurs due to the partitioning of 

alloying elements upon solidification, where the solute enriches the solid/liquid interface. 

Thermal undercooling is related to the release of latent heat during the solid-liquid phase 

transformation. Curvature undercooling can be attributed to the Gibbs-Thomson effect, which 

predicts that the melting point of a crystal is inversely proportional to the radius of curvature 

of its surface. Kinetic undercooling depends on a number of factors, including the 

crystallographic orientation of the solidifying material and the atoms’ kinetic attachment 

mechanism, which affects nucleation and crystal growth. For conventional casting of alloys 

with slow solidification rates (V < 100 mm/s), constitutional supercooling has been considered 

to be the dominant factor in determining the size and morphology of the grains in the solidified 

alloy [59]. However, as the deposition speeds get faster in AM [60], the melt pools get smaller 

and solidify quicker resulting in finer dendritic sub-grain structures, the roles of thermal [61], 

curvature, and kinetic undercooling will become comparable to or supersede the constitutional 

undercooling, and hence, should be explored when investigating solidification in AM. 

Constitutional undercooling can be estimated using the equilibrium phase diagram as [62]: 
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∆𝑇௖ = 𝑚(𝐶଴ − 𝐶௟), (6) 

where 𝑚 is the liquidus slope, 𝐶଴ is the nominal composition, and 𝐶௟ is the composition of the 

liquid ahead of the solidifying interface. 

 

Curvature undercooling can be written for a solid with radii 𝑟ଵ and 𝑟ଶ as [56,62]: 

∆𝑇௥ = 𝛤 ൬
1

𝑟ଵ
+

1

𝑟ଶ
൰, (7) 

where 𝛤 is the Gibbs-Thomson coefficient given by [63]: 

𝛤 =
𝜎 ∙ 𝑇௠

∆𝐻
. (8) 

For pure metals, such as chromium and nickel, 𝛤 has been estimated to be 3.19 x10-07 and 

1.91×10-07 Km, respectively [63]. Kurz and Fisher [64] developed the following correlation 

between growth rate (𝑉), thermal gradient at the interface (𝐺), and radius of a dendrite tip (𝑅) 

on the basis of the Mullins and Sekerka’s stability criterion [65]: 

𝑉 =
2𝐷(𝐺 ∙ 𝑅ଶ + 4𝜋ଶ ∙ 𝛤)

𝑅ଷ ∙ 𝑝 ∙ 𝐺 − 2𝑅ଶ ∙ 𝑝 ∙ 𝐶଴ ∙ 𝑚 + 4𝜋ଶ ∙ 𝛤 ∙ 𝑅 ∙ 𝑝
. (9) 

Here, 𝐷  is the diffusion coefficient of solute in the liquid and 𝑝 = (1 − 𝑘)  where 𝑘  is the 

partition coefficient. For high 𝑉 values, the Eq. (9) can be revised to give: 

𝑅 = 2𝜋 ൬
𝐷𝛤

𝑉𝑘∆𝑇଴
൰

ଵ/ଶ

. (10) 

For the AM processes, diffusion rates are of the order of 10–9
 m2/s [66,67], 𝛤 is in the order 10–

08 Km [67], a typical partition coefficient is between 0 to 1, and 𝑉 is on the order of ~ 0.05 – 

0.4 m/s [67]. The dendrite tip radius, calculated using Eq. (10), is in the range of 10–8 – 10–9 m 

– smaller for faster solidification. Hence, ∆𝑇௥ is in order of 10 K, which can not be considered 

negligible. 

 

Kinetic undercooling, ∆𝑇௞, is also correlated to the interface velocity (or solidification rate) 𝑉 

through the following equation [68,69]: 

𝑉 = 𝑉଴ ൬1 − 𝑒𝑥𝑝 ൬−
∆𝑆∆𝑇௞

𝑅′𝑇
൰൰. (11) 

Here, 𝑉଴ is in the order of the velocity of sound for pure metals, ∆𝑆 is the entropy change, and 

𝑅′ is the gas constant. For 𝑉 ≪ 𝑉଴ , this equation can be simplified as: 

𝑉 = 𝜇∆𝑇௞, (12) 
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where, 𝜇 is the kinetic mobility that referes to the ease with which atoms can move within the 

liquid phase. With an increasing kinetic mobility, at a fixed interface velocity, undercooling 

decreases.  

 

Post nucleation, the conditions for growth are governed by the thermodynamic factors imposed 

by the solidification kinetics at the interface. With an increasing V or the growth rate, the 

thermodynamic conditions that govern the solidification transit from a complete diffusional 

equilibrium state to a state with local interfacial equilibrium, followed by the metastable local 

interfacial equilibrium, and finally, to local interfacial non-equilibrium. Full diffusional 

equilibrium exists only for very slowly cooled melts of pure metals – a condition that is highly 

unlikely in the AM processes. On the other hand, the local interfacial non-equilibrium prevails 

when the growth rate of the interface supersedes the local solutal diffusion over an interatomic 

distance. In the following sub-sections, we shall briefly discuss the conditions that prevail 

primarily in the AM processes. 

2.2. Local interfacial equilibrium 

Local interfacial equilibrium solidification condition implies that the solute concentrations in 

the regions at or near the advancing interface can be predicted with the aid of the equilibrium 

phase diagram [70], which provides information on the equilibrium partition coefficient, 𝑘, and 

liquidus slope, 𝑚. Based on the extent of diffusion in the liquid and assuming that no diffusion 

occurs in the solid, three primary subcategories of this solidification mode can be identified, as 

illustrated in Figure 2. The extent of solute diffusion in the liquid is determined by comparing 

𝐷௅𝑡 to 𝐿ଶ, where 𝐷௅ is the solutal diffusivity in liquid, t is the time available for diffusion, and 

𝐿 is the length of the melt column before the initiation of solidification. Figure 2 (a) shows the 

concentration profiles in cases where 𝐷௅𝑡 ≫ 𝐿ଶ , i.e., no diffusion in solid and complete 

diffusion in liquid. This is the most frequently employed assumption for modelling the 

solidification during AM of alloys. Within this assumption also one finds the Scheil equation 

(also known as the Scheil-Gulliver model)  [70]: 

𝐶௦ ≤ 𝑘𝐶଴(1 − 𝑓௦)௞ିଵ (13) 

being employed for estimating the solute segregation. Here, 𝐶௦  and 𝐶଴  are solute 

concentrations in the solid and nominal alloy, respectively, and 𝑓௦ is the fraction of the solid.  
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Figure 2. Modes of solidification within the umbrella of local interfacial equilibrium and no 

solid diffusion [70]. (a) – (c) Diffusion in a liquid varies with increasing solidification rate or 

decreasing solidification time. (d) Segregation profiles corresponding to (a) – (c). 

The Scheil solidification condition has been employed consistently across the LPBF [71–76], 

EPBF [31,77,78], and LDED [79–81] techniques. However, it should be employed judiciously, 

making sure that the solidification velocity obtained at the melt pool interface is within the 

limit of absolute stability given by Eq. (17) which shall be detailed later. While the Scheil 

solidification model is widely used to simulate non-equilibrium solidification in AM, it is 

important to note that it assumes local equilibrium at the solid-liquid interface. Therefore, it 

would technically be incorrect to refer to solidification conditions simulated using this model 

as non-equilibrium ones.  
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The breakdown of the planar interface during the solidification of alloys was correlated to the 

constitutional undercooling by Rutter and Chalmers [82] and Tiller et al. [83]. According to 

them, the planar interface of a solidification front will break if the following condition is met: 

𝐺

𝑉
≤

∆𝑇

𝐷௅
. (14) 

The microstructural evolution during molten metal solidification depends, primarily, on the 

following three solidification parameters – thermal gradient (G), solidification rate (V), and 

cooling rate (CR) [84,85]. This equation can be further simplified, with an assumption of local 

interfacial equilibrium, as following: 

𝐺

𝑉
≤ 𝑚

𝐶଴

𝐷௅
൬

𝑘 − 1

𝑘
൰. (15) 

The parameters on the right-hand side, m (slope of the liquidus), C0 (content of the solute in 

the nominal composition), 𝐷௅  (diffusion coefficient), and 𝑘  (equilibrium partitioning 

coefficient), are related to the intrinsic properties of the alloy composition and are generally 

determined through the relevant phase diagram. The 𝐺/𝑉  ratio plays a significant role in 

affecting the level of constitutional undercooling and, consequently, the solidified 

microstructure, as illustrated in Figure 3 (a) [70]. As seen from it, the equilibrium curve in the 

temperature-distance plots remains invariant in all the scenarios. However, varying slopes of 

actual temperature-distance plots result in distinct intersect areas (shadowed areas) and thus, 

different levels of constitutional undercooling. With increasing constitutional undercooling, the 

solidified microstructures vary from planar to cellular, columnar dendritic, and eventually 

equiaxed dendritic. 
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Figure 3. Solidification modes in conventional solidification processes (Adapted from [70]). 

(a) Varying level of constitutional undercooling and the corresponding effect of the 

solidification structure. S and L indicate solid and liquid, respectively. (b) Solidification map 

showing the effect of 𝐺/𝑉 and 𝐺 ∙ 𝑉 on the solidification structures. (c) In clockwise direction 

(i) Planar, (ii) Cellular, (iii) Columnar dendritic, and (iv) Equiaxed dendritic modes of 

solidification. 

A solidification map can be constructed using the 𝐺 and 𝑉 parameters, in their combined forms 

of 𝐺 ∙ 𝑉  and 𝐺/𝑉 , where the 𝐺/𝑉  ratio determines the morphologies of the solidification 

structure, and the product 𝐺 ∙ 𝑉 governs the scale. Figure 3(b) and (c) illustrate the effect of 

𝐺/𝑉 and 𝐺 ∙ 𝑉 on the solidification microstructure. The solidified microstructure successively 

changes from being planar, to cellular, to columnar dendritic, and finally to equiaxed dendritic 



19 
 

with a decreasing 𝐺/𝑉, while their dimension decreases with increasing cooling rate 𝐺 ∙ 𝑉. A 

more specific example is given in Figure 4 for the laser welded AA6061 [86], where the effects 

of 𝐺/𝑉 and 𝐺 ∙ 𝑉 are illustrated. 

 

 

Figure 4. Solidification map of AA6061 Al alloy [86]. 

However, as it is highly challenging to quantify and manipulate the values of 𝐺 and 𝑉 in the 

AM processes of interest for the current review, such an approach is not as applicable. 

Therefore, recent studies have been focusing on the right-hand side of Eq. (15) which is 

associated with intrinsic material properties. Moreover, it has been proposed that the growth 

restriction factor, Q, is effective to describe the level of constitutional undercooling in AM: 

𝑄 = 𝑚𝐶଴(𝑘 − 1). (16) 

For example, in a recent study on LDED Ti-based alloys (Figure 5), Zhang et al. [87] revealed 

that, compared to Ti-6Al-4V and Ti-Si, Ti-8.5Cu can generate sufficient constitutional 

undercooling to induce the formation of equiaxed grains. This effect is also observed in EPBF 

Ti-7Cu (50 K of Q) [88]. Recently, Wei et al. [89] varied the Al composition along the build 

direction in LPBF Fe-Alx binary alloy and achieved a gradation in the crystallographic texture 

(Figure 5 (c) and (d)). They found that the fraction of equiaxed grains or the tendency of CET 

was proportional to the Al content which could be explained by a gradual increase in growth 

restriction factor from ~0 oC (Al at. % of  6.2 ± 0.5) to ~28.7 oC (Al at. % of 39.1±2.1).  
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Figure 5. (a) Schematic of the grain growth mechanism of Ti–8.5Cu and Ti–6Al–4V alloys. 

TA is the profile of the temperature of the melt and TE is the profile of the equilibrium liquidus 

temperature. (b) Summary of the area percentage of equiaxed grains versus grain size for the 

as-printed titanium alloys [87]. CET with increasing Al content along the build direction in Fe-

Al alloy printed using LPBF shown through (c) electron backscatter diffraction (EBSD) and 

(d) backscattered electron (BSE) maps [89].   

It is worth noting here that the heat sources used in AM are similar to those used in most 

traditional welding processes, including arcs, lasers, and electron beams. Moreover, individual 

line scans of the energy sources during AM are akin to those during welding processes. As a 

result, they result in similar microstructures, at least at the single-track level. Therefore, 

process-structure-property relationships established for the welding of various alloys can 

provide useful knowledge for understanding the microstructural development during AM.  
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2.3. Metastable local interfacial equilibrium 

With varying growth kinetics in AM (such as increasing growth rate), the nucleation of 

thermodynamically stable phases from the melt may become difficult and prevalence of the 

metastable phases in the AM alloys is often noted. Several examples of the metastable phase 

formation during the rapid solidification include the α' martensitic phase microstructure 

observed in EPBF Ti-6Al-4V [90], δ-ferrite phase in the otherwise purely austenite LPBF 316L 

stainless steel (referred to as 316L from here on) [91], and irregular Laves-based phases in 

EPBF Re-free Ni-based superalloy [27]. A detailed review of metastable phase formation 

during AM of significant alloy compositions can be found in Section 4. 

2.3. Non-equilibrium solidification 

As the solidification process becomes more rapid, a departure from chemical equilibrium at the 

local interface occurs. Under such a condition, the aforementioned equations which have been 

derived with the condition of local interfacial equilibrium at the solid/liquid interface cease to 

be valid [85]. Hence, a phase diagram cannot predict the liquid and solid compositions. For an 

alloy, this situation occurs when the solidification growth rate exceeds the rate of diffusion over 

an interatomic distance. The equation for the velocity at the limit of absolute stability, beyond 

which non-equilibrium solidification persists can be written as [85,92]: 

𝑉௔௕ =
∆𝑇଴𝐷௅

𝑘𝛤
, (17) 

where, 𝛤 is the Gibbs-Thomson coefficient, ∆𝑇଴ is the equilibrium freezing range for an alloy 

composition and 𝐷௅ is the coefficient for solute diffusion in the liquid. Sobolev [93] developed 

the analytical frameworks for predicting the solute concentration in solidification conditions 

involving departure from local interfacial equilibrium conditions. In their work, the generalized 

partition coefficient, 𝐾∗, is given as: 

𝐾∗(𝑉) =

⎩
⎪
⎨

⎪
⎧ 𝑘 ൬1 −

𝑉ଶ

𝑉஽௕
ଶ ൰ +

𝑉
𝑉஽௜

൬1 −
𝑉ଶ

𝑉஽௕
ଶ ൰ +

𝑉
𝑉஽௜

;          𝑉 < 𝑉஽௕ ,

1;                                            𝑉 > 𝑉஽௕ .

 (18) 

Here, 𝑘 is the equilibrium partition coefficient, 𝑉஽௜ is the average diffusion speed of solute in 

the interface region calculated as 𝐷௜/𝛿௜  (𝐷௜  is the diffusion coefficient of solute within the 

interface thickness 𝛿௜ [56]), and 𝑉஽௕ is the diffusion speed of solute in the bulk liquid. This 

model not only works for local non-equilibrium conditions, when the partition coefficient is 1 
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and complete solute trapping occurs, but also in the solidification velocity regimes leading to 

the solute diffusion speed in the bulk.  

 

Similarly, the velocity dependent diffusion coefficient is given by 

𝐷∗(𝑉/𝑉஽௕) = ቐ
𝐷 ቆ1 −

𝑉ଶ

𝑉஽௕
ଶ ቇ ;                       𝑉 < 𝑉஽௕ ,

0;                                            𝑉 > 𝑉஽௕ .

 (19) 

Sobolev [93] also provided a limit of absolute stability with the allowance for the local 

interfacial non-equilibrium effect as: 

𝑉௔ = 𝑉௔௕ ቆ1 −
𝑉௔௕

ଶ

4𝑉஽௕
ଶ ቇ, (20) 

where, 𝑉௔௕ is determined from Eq. (17). Together with the constitutional supercooling criterion 

given in Eq. (15)  expressed as 𝑉௖௦ =
ீ஽ಽ

∆்
, the absolute stability criterion given by Eq. (17) and 

Eq. (20) provides a solidification rate regime in which the cellular or cellular dendritic 

microstructure is stable. Beyond, 𝑉𝑎 the dendritic microstructure transforms into cellular and 

back to a planar S/L interface [68,94]. 

 

Though there are established frameworks for predicting the solidification conditions during 

interfacial non-equilibrium solidification processes, solidification modeling in AM often has 

been constrained to the assumptions of local interfacial equilibrium conditions, despite the 

observed growth rates of the melt pool being in the scale of m/s and cellular structures with 

primary dendrite arm spacings (PDAS) ranging in the sub-micron to micron scale. Hence, there 

is a critical need for embracing the interfacial non-equilibrium solidification conditions to 

mimic the conditions that prevail in reality, and hence, for better understanding of the 

microstructural evolution that occurs during AM. Since analytical modelling of the 

solidification process(es) that occur during AM is difficult because of the complexity involved, 

computational modelling is resorted to. These efforts are summarized next. 

 

3. Modelling of solidification 

The modelling efforts associated with the solidification phenomena in AM processes cover a 

broad range of length scales and are classified, on the basis of the simulated length scales, into 

several categories. Macro-scale simulations confine themselves to a length scale ranging over 

several millimetres. They are primarily continuum based and are solved using finite element 
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analysis (FEA) with the finite element method (FEM), computational fluid dynamics (CFD) 

simulation that employs either finite volume method (FVM) or finite difference method 

(FDM), and, in a few instances, discrete particle methods (DPM). Their primary focus is to 

decipher the solidification parameters and investigate the formation of macro-scale phenomena 

that occur during AM, such as keyhole formation, lack-of-fusion porosity formation, and 

residual stress evolution. Micro-scale simulations are performed at the scale of a few to tens of 

microns with a focus on simulating the physics associated with the grain growth and 

microstructural evolution, with emphasis on the solute segregations that take place as a 

consequence of the cellular/dendritic solidification in the AM processes. A recent addition to 

the simulations in deciphering the far-from-equilibrium solidification conditions associated 

with the AM processes is the atomic-scale simulations, primarily consisting of molecular 

dynamics (MD) and density functional theory (DFT) simulations. The numerical modelling at 

this scale has the promise of allowing insights into the nucleation physics associated with the 

molten-metal solidification [95]. However, they suffer from the limitation of being more 

idealistic and detached from the macro-scale solidification conditions.  

 

The confines of the length-scale-based classifications are quite diffuse as simulation methods 

most often used at a particular length scale at a time can be used with more resources to simulate 

physics at slightly higher length scales. As such, atomic scale models can be applied to nano- 

to sub-micron scales by increasing the number of atoms in the simulated material volume. 

Similarly, and quite often, the macro-scale models are developed to investigate the features in 

a scale just above that of the micro-scale, termed as meso-scale. In this section, we shall follow 

a bottom-up approach—akin to the AM process itself and identify the extent to which a variety 

of modelling techniques have been applied for understanding solidification from different 

standpoints—atomic scale to a system scale. In doing so, we steer clear of judging the merits 

or demerits of one technique over the other, but merely put forth the scale of phenomena that 

can be incorporated in performing the task at hand, i.e., understanding the complex 

solidification phenomena associated with a multi-layer, multi-scale melt pool solidification 

process. We also avoid detailing the mathematical equations particular of the application 

algorithm of any modelling technique and instead, focus on the solidification-related 

fundamentals which form the common ground for these wide range of numerical modelling 

techniques. 
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3.1. Molecular Dynamics (MD) simulations 

As mentioned in Section 2, considerable commonality exists between several AM techniques 

and conventional fabrication techniques such as welding that involve rapid melting and 

solidification. As a result, the former derives significant benefit from the latter, in terms of well-

established theoretical foundations of solidification. This is also true in the case of numerical 

modelling of the associated rapid solidification phenomena on the atomic scale. Given this, we 

first discuss the status of the MD simulations that are applied to general rapid solidification 

techniques, before moving to its applications to AM.  

 

The primary objective of early studies that used MD on rapid solidification is the determination 

of the final microstructures obtained with distinct cooling rates [96–101] in pure Al [96,102], 

Ti3Al [97,103], Ag [98], Cu-Ag [99], Pd-Ni [100,104], Au [101], Cu [105,106], Cu3Au [107], 

Ni [108], Cu-Ni [109] melts or for distinct pressures in Al [110], Cu-Ni [111], Cu [112–114] or 

for the number constituent elements in a Ni-Al-Cu-Co-Ti-V-Zn-Zr high entropy alloy (HEA) 

[115]. These works employed the pair distribution function (PDF) as an indicator of the 

amorphous, liquid, and crystal structure for the quenched or quenched + annealed set of atomic 

arrangements. Even the state-of-the-art MD simulations associated with AM or rapid 

solidification suffer with the following limitations (in terms of the solidification parameters). 

In general, the cooling rates applied in the simulations are around five orders of magnitude 

higher than those reported for the AM processes—determined either through measurements 

from external devices or by the estimations from the observed microstructural features such as 

primary dendrite arm spacing (PDAS) [44]. Same is true for the thermal gradients applied in 

the MD simulations. Though these limitations come with the scale of the simulations, as we 

shall detail later, a few observations made using them aid in improving the understanding of 

the microstructural development during the rapid solidification conditions that generally 

prevail during AM. 

 

MD simulations for nano-scale LPBF by Chen et al. [116] dealt with the in-process melting 

and solidification of the FeCrNi medium entropy alloy (MEA) powders arranged on a pure Fe 

substrate. Effects of laser power density and scanning speed were explored on the surface 

morphology of the melt track, segregation of the alloying elements, and the formation of 

stacking faults. Their simulations show that a higher energy density results in an increase in the 

stacking fault densities, which are primarily located at the melt pool boundaries, in comparison 
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to a few in the melt pool centre. Among the three constituent alloying elements, the segregation 

of Cr to form interconnected clusters is most severe and is shown to proportionally vary with 

the laser energy density. 

 

Singh et al. [117] employed MD simulations to provide the effect of inclusions on solidified 

structure of Cu in an idealized multi-layer nano-scale AM process akin to LPBF, besides layer 

thickness, cooling time, and target cooling temperature. While the SiC inclusions are shown to 

slow down the solidification front, which results in a higher content of defect structures, SiS2 

does not seem to influence the solidification front and reduces the defect content in the 

solidified Al (Figure 6). 
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Figure 6. Understanding defect structures in nanoscale metal additive manufacturing via 

molecular dynamics [117]. 

Kurian et al. [118] employed MD to simulate micro-LPBF of Al nanopowders, with the 

sequential simulation of solidifying melt pools, and report epitaxial grain growth from the un-

melted powders, competition among different grain orientations, homogeneous nucleation in 

the top central regions of the melt pool, formation of twins, stacking faults, and vacancies in 

the melt pool (Figure 7(a)). Jamil et al. [119] present an example of the strengths of MD and 

its application to metal AM processes on the LPBF of nano-scale powders of the FeNiCoCrCu 

HEA (Figure 7(b)). They simulated the fusion of HEA powders under the influence of a micro-

Watt laser, with the objective of investigating the effect of simulated laser scan speed and 

number of laser passes on the microstructure formation. They report that for a single-pass 

deposition, the laser scan speed of 0.2 Å/ps (angstrom/picoseconds), among the four explored 

values of 0.1 – 0.4 Å/ps in the intervals of 0.1 Å/ps, minimized the dislocations and hexagonal 

close-packed (HCP) stacking faults in the solidified microstructure. 

 

Recently, Bahramyan et al. [120] reported the formation of twins and asignificant density of 

dislocations, through the MD simulation of rapid solidification in a Fe-Ni-Cr system that 

mimics the LPBF of austenitic stainless steels (316L grade), as shown in Figure 8(a). The CR 

and 𝐺 values applied by them are in the order of 1011 K/s and 109 K/m (300 K temperature 

difference for a distance of 58 nm), respectively. Recent application of MD to the AM process 

by Bizot et al. [121] investigates the solidification of Ni melt under conditions resembling those 

observed in a melt pool obtained in typical AM processes. The implemented solidification 

conditions to the molten pool have been categorized into two types: fixed thermal gradient 

without and with additional cooling. For fixed thermal gradient without assisted cooling, a 

mostly planar solidification front is obtained with columnar grains whereas CET is observed 

for conditions of high thermal gradient and fast cooling rates, as shown in Figure 8(b). The 

tendency of CET reduces with the combined reduction of CR and 𝐺. The authors also provided 

a scaling factor for heat conduction, which is taken as the square root of the ratio of 

experimental and numerical diffusivities and equal to 4.2. This can enable analysis of thermal 

effects at the atomic scale in terms relatable to the macro-scale. 
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Figure 7. (a) Selective laser melting of aluminum nano-powder particles, a molecular dynamics 

study [118] (b) Molecular dynamics perspective of the effects of laser thermal configurations 

on the dislocation and mechanical characteristics of FeNiCrCoCu HEA through the powder 

bed fusion process [119]. 
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Figure 8. (a) Nano-scale simulation of directional solidification in TWIP stainless steels: A 

focus on plastic deformation mechanisms [120] (b) MD simulations of nanoscale solidification 

in the context of Ni additive manufacturing [121]. 

As the above examples illustrate, there are two main advantages of the MD simulations applied 

to AM. They allow for the studying of the (1) dislocation evolution during solidification of melt 
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tracks and (2) atomic-level insights into the formation of crystal nuclei, twins, and stacking 

faults. 

 

In its current state, MD simulations of the melting/solidification of nano-scale powders can be 

successfully applied to micro-LPBF (μ-LPBF) – a technique which is still far from mainstream 

applications. Treating a smaller region out of the physical melt pool with the MD simulations, 

however, should provide more realistic domains, simulation of multiple layers a few 

nanometres thick needs accurate scaling of physical parameters to be correlated with the actual 

AM process. 

 

On the micrometre scale, three methods have been applied widely to the solidification process 

in AM. Two of these – cellular automata (CA) and kinetic Monte Carlo (KMC), are 

probabilistic in their very nature, whereas the third, phase-field modelling (PFM), is derived 

from irreversible thermodynamics. These are discussed next. 

3.2. Cellular Automata based simulations 

The new 3D CA algorithm for the dendritic grain growth, developed by Gandin and Rappaz 

[122], has been applied to microstructural evolution in a broad range of alloy systems subjected 

to conventional casting. It, being simple and computationally efficient in comparison to the 

alternatives such as KMC and PF, has found extensive application in nearly all of the fields of 

PF-AM, be it LDED [51,92,123–141], LPBF [139,142–161], or EPBF [139,162–169] or for a 

range of rapid solidification parameters that can be associated with the AM processes in general 

[61,170–176]. Some novel works have also successfully coupled CA to PF models and applied 

them to laser-based rapid solidification processes [177,178]. Primarily, CA is coupled to a 

macro-scale model developed either through CFD, FEA, lattice-Boltzmann (LB) model, or 

DPM and uses the thermal history as an input to predict CET, macro-segregation, and epitaxial 

grain growth through multiple layers. 

 

Figure 9 presents a summary of the state-of-the-art application of CA to the solidification and 

microstructural evolution phenomena that occur during LDED. Rolchigo and LeSar [92] 

showcased the use of a standalone CA model at grain scale for investigating the impact of 

processing parameters, solute concentrations, and alloying elements on the tendency of CET 

during the microstructural evolution in multiple binary β-Ti alloy systems. For this, they 

employed the simplified version of the Kurz-Giovanola-Trivedi (KGT) model [85] given by 
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Eq. (26). The probability of the heterogeneous nucleation occurring over each time step was 

similar to that given in Eq. (29). They chart a pixelated matrix of the microstructural evolution 

response to solidification velocity and thermal gradient, as shown in Figure 9(a). The addition 

of solute to the alloy shows an increasing tendency for CET due to the change in the interfacial 

response function that relates the undercooling to the solidification velocity. Lian et al. [179] 

implemented a 3D multi-scale numerical model where heat transfer and fluid flow during laser 

beam motion (and consequently, the melt pool solidification) were simulated at the macro-scale 

using the finite volume method (FVM) and implemented the Lipton–Glicksman–Kurz (LGK) 

model for estimation of solidification velocity with undercooling (Figure 9(b)). They report 

that finer grain microstructure is obtained for faster laser scan speeds or decreasing laser power, 

which is a direct consequence of those parameters' effect on the cooling rate. They also found 

that the cooling rate, and resulting microstructure, are more sensitive to variations in the laser 

scanning speed as opposed to laser power.  

 

Rolchigo and LeSar [141] applied solute transport and solidification equations to standalone 

2D CA models for simulating the dendritic structure transformation during LDED of Ti-W, Ti-

Cu, and Ti-Ni binary alloys. A special feature of this work is that it simulated non-equilibrium 

nature of solidification. As a result, they showcase the transitioning of the dendritic 

solidification front to a planar one with increasing solidification speed, as shown in Figure 

9(c). They could also simulate the banded structure that forms as the solidification conditions 

approach those of the interfacial non-equilibrium. They employed velocity-dependent solute 

partition coefficient, given in Eq. (18) in Section 2, and liquidus slope for velocities beyond 

the absolute stability given by [93]: 

𝑚∗(𝑉) = 𝑚 ∙ ቌ
1 − 𝐾∗ + 𝐾∗ 𝑙𝑛 ቂ

𝐾∗

𝑘 ቃ

1 − 𝑘
ቍ. (21) 

 

Aggarwal et al. [125] implemented a 2D CA model in conjunction with a 3D discrete element 

method (DEM) – CFD model to simulate the microstructural evolution in the spot melt during 

the LDED of IN625 (Figure 9(d)). They employed the KGT model with the thermal 

undercooling information obtained from the macro-scale simulations. They could predict the 

distinct grain growth behaviour in the melt pools obtained during single-track deposition with 

laser powers of 200 and 400 W. For the parameters employed, the simulated microstructures 

were devoid of equiaxed grains and consisted primarily of elongated grains directed towards 
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the melt pool centre lines. Li and Tan [140] implemented a multi-scale model combining a 

macro-scale thermal model and meso-scale CA model with nucleation physics and KGT model 

to simulate the grain growth through multiple layers during LDED of SS304 with reasonable 

accuracy, as illustrated by (Figure 9(e)). Their multi-layer simulations could replicate the zig-

zag grain growth (ii) with build height as observed in the crystallographic orientation map (i). 

Recently, Meng et al. [131] implemented a multi-scale CA-FE model to simulate the 

microstructural variations with the LDED process parameters for IN718 with a binary alloy 

approximation of Ni-5 wt.% Nb. As seen in (Figure 9(f)), substantial similarities are observed 

in the simulated and experimental microstructures, both in terms of grain morphologies and 

sizes.  
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Figure 9. Application of cellular automata to LDED processing of a variety of materials. (a) 

Modelled microstructures obtained for LDED deposition conditions with varying solidification 

velocity and thermal gradient for Ti-5 wt.% Cu binary alloy system [92] (b) CA-FV coupling 

for prediction of multilayer microstructural evolution in LDED IN718 alloy [123]. (c) CA-

based microstructure predictions for non-equilibrium solidification conditions obtained at high 
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growth rates—transition from dendritic to planar solidification front and the formation of 

banded structures obtained consequently in a layering process [141]. (d) CA prediction of grain 

growth using a coupled DEM-CFD-CA model [125]. (e) 3D CA simulation of microstructural 

evolution in SS304 (i) orientation map obtained from EBSD (ii) simulated orientation map 

using 3D CA [140]. (f) Multi-scale CA-FE model denoting the impact of laser power on the 

microstructural evolution in IN718 (with binary alloy approximation at the CA-scale [131]. 

Figure 10 summarizes the key results of some of the recent studies, in which CA was applied 

for simulating the grain growth during LPBF. Mohebbi and Ploshikhin [160] implemented a 

multi-layer, multi-scale CA-FD numerical model for the deposition of the AlSi10Mg alloy with 

an additional nucleation model for the fusion boundary, aside from the bulk nucleation 

mechanism implemented in the traditional CA model (Figure 10(a)). Consequently, a widely 

observed feature of fine-equiaxed grains at the fusion boundary observed in LPBF AlSi10Mg 

was successfully simulated. Zhang and Zhang [159] implemented a multi-scale DEM-CA 

model that involved Marangoni convection and the recoil pressure for 316L deposition. The 

CA model also employed an air-metal interface, where the microstructural variations on the 

free surface of a  track are also simulated with substantial accuracy, as shown in Figure 10(b). 

Shi et al. [161] implemented a 3D FE-CA coupled numerical model to investigate the effect of 

laser beam shape on the single-track LPBF 316L. The simulation models also implement the 

Marangoni convection and recoil pressure effect on the melt surface. They observed that 

contrary to a longitudinal elliptical (LE) beam, a transverse elliptical (TE) beam results in a 

wider and shallower melt pool as shown in Figure 10(c). They also report higher nucleation 

events in the TE melt pool over LE during beam propagation. This could be correlated to the 

larger undercooled low 𝐺/𝑉 region in the trailing edge of the melt pool obtained for the former. 

However, the behaviour is reversed once the beam was turned off. Wang et al. [151] developed 

a multi-scale 3D FVM-2D CA framework for simulating the microstructural evolution in LPBF 

Mg-3.4Y-3.6Sm-2.6Zn-0.8Zr alloy, which was approximated to a binary alloy of Mg-3.4Y. 

Through their macro-scale model, which includes the recoil pressure effect and Marangoni 

convection, a gradual decrease in thermal gradient (from 1.11× 107 to 2.6× 106 K/m) and an 

increase in solidification rate (from 0.06 to 0.37 m/s) along the build direction in keyhole mode 

melt pool was found. As shown in Figure 10(d), for the alloy under consideration, the columnar 

dendrites formed epitaxially from the base region coarsen along the growth direction before 

the CET occurs. Further investigations on the solubility of Zr to α-Mg by the authors also reveal 

an increased tendency for CET with Zr. Teferra and Rowenhorst [148] implemented a multi-
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scale 3D CAFE model to simulate the multi-layer microstructural evolution in LPBF 316L. 

They employed an analytical approximation to the LGK model for correlating the solidification 

velocity to total undercooling (𝛥𝑇), given by 

𝑉(∆𝑇) =
𝐷௅

5.51𝜋ଶ൫−𝑚(1 − 𝑘)൯
ଵ.ହ

𝛤
ቆ

𝛥𝑇ଶ.ହ

𝐶଴
ଵ.ହ ቇ. (22) 

  

As shown in Figure 10(e), an impressive 3D multi-layer microstructure could be simulated 

that shows significant similarities, both in terms of crystallographic textures and grain 

morphology, to experimental results [180]. Baumard et al. [147] implemented a 3D CA-FE 

numerical model also for a powder-free LPBF test of 316L. As shown in Figure 10(f), their 

macro-scale simulation results present a gradual decrease in the thermal gradient at the moving 

S/L interface. Moreover, the microstructural evolution simulations show that decreasing the 

laser power at constant travel speed or increasing the travel speed at constant power can lead 

to a decrease in grain size and aspect ratio. In a relatively recent effort, Ren et al. [181] 

presented a two-way fully coupled CA-FV model to understand the solute segregation during 

the non-equilibrium solidification in the LPBF IN718 superalloy. A key observation here is that 

the solute transport from the melt convection tends to dilute the solute partitioning at the 

solidification front. Consequetly, solute trapping is promoted over segregation which could be 

beneficial for crack-free AM non-weldable superalloys.  
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Figure 10. Application of cellular automata to LPBF processing of a variety of materials (a) 

Nucleation and grain growth with CA simulation of AlSi10Mg. (Continuum media 

approximation for the powder bed with reduced thermal conductivity) [160] (b) CFD-CA 

coupling for prediction of microstructural evolution considering the Marangoni convection and 

recoil pressure [159] (c) CA-based microstructure predictions for varying beam shapes for 

deposition of SS316L [161] (d) CA-FVM coupled numerical model showing microstructural 
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evolution with the movement of the melt pool. (Binary alloy approximation for the solution of 

solute diffusion during CA) [151] (e) Mesoscale CAFE modelling of multi-layer 

microstructural evolution in 316L (LGK model) [148] (f) Multi-scale CA-FE model for 

investigating the single-track microstructural evolution in 316L (KGT model) [147].  

Figure 11 summarizes the key results of some of the approaches in recent years where CA was 

applied for the grain growth simulations in EPBF processes. Rai et al. [162] implemented a 

coupled CA-LB method in 2D to simulate the effects of multi-layer hatching of powder 

particles on the microstructural evolution for IN718 alloy, as shown in Figure 11(a). The 

numerical model presents computationally efficient 2D modelling for predicting the 3D 

microstructures, inclusive of powder consolidation and epitaxial grain growth from powder 

particles and through multiple layers. Koepf et al. [164] coupled a macro-scale analytical heat-

transfer model to a microscale CA-based algorithm to simulate the multi-layer crystal growth 

associated with the EPBF IN718 superalloy. As shown in Figure 11(b), the simulated 

microstructures are similar to the experimentally observed one (rightmost) in terms of overall 

crystallographic texture and grain morphology, except for heterogeneous nucleation-driven 

stray grain formation in the latter whose effects were not included in the numerical models. 

Later Koepf et al. [182] implemented a CA-FE-based numerical model for a 3D microstructural 

simulation of EPBF CMSX-4 superalloy in cylindrical specimens. As shown in Figure 11(c), 

the simulated grain-envelop growth can successfully predict both – the grain growth from the 

loose powder at the part periphery and strong epitaxial growth in the core of the cylinder, 

resulting in large columnar grains as obtained in the experimental blocks. Chandra et al. [166] 

implemented a multi-scale numerical model in 2D to simulate the microstructural evolution 

during EPBF of Ni-based superalloy having single crystal compositions. In a first, they 

implemented the solute diffusion-driven CA-FD method in conjunction with a pseudo-binary 

alloy approximation for multi-component Ni-based superalloys [183]. Consequently, they 

could deconvolute the segregation behaviours of each of the alloying elements in the EPBF 

rapid solidification conditions as shown in Figure 11(d). Xiong et al. [167] implemented a 

multi-scale numerical DEM-FVM-CA model to simulate the multi-track multi-layer 

microstructural evolution for EPBF Ti-6Al-4V alloy. As shown in Figure 11(e), prior-β grain 

growth simulations could be performed with complex multi-track and multi-layer hatching 

which could link the process details on the powder scale to the microstructural evolution at the 

grain scale. From the simulations, they also confirm that by changing the alignment of the melt 

tracks, it is possible to break up the vertical columnar grains that are typically formed. 



37 
 

Additionally, disrupting the thermal profile along the build can randomize the crystal 

orientation. Yu et al. [168] implemented a multi-grid CA model for simulating the 3D dendritic 

growth and its application to EPBF IN718 superalloy with binary alloy approximation to Ni-

Nb. As shown in Figure 11(f), their multi-grid model with improved accuracy at the S/L 

interface simulates the dendrite coarsening in a single-track melt pool along the build direction.  
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Figure 11. Application of CA-based numerical modelling to EPBF processing. (a) 2D CA-LB 

simulations highlighting the effect of scanning directions on the crystallographic texture 

evolution for IN718 [162] (b) 3D FE-CA simulated (left) and experimental (right) 

microstructure for EPBF IN718 [184]. (c) CA predicted large-scale 3D microstructure for 

CMSX-4 superalloy [165] (d) 2D CA-FD model predicting the melt pool solute redistribution 

of Ni-based superalloy [166] (e) 3D CA-LB model for multi-layer microstructural evolution 

simulations of Ti-6Al-4V [167] (f) Dendrite growth within a melt pool simulated with a multi-

grid CA modelling [168]. 

The models for estimating grain growth with local undercooling have been given by the LGK 

[185], KGT (binary alloy systems), and extended KGT (multi-component alloy systems) 

models [186]. Total undercooling in the LGK model is written as a summation of the thermal, 

constitutional, and curvature-driven undercooling, as given below: 

∆𝑇 = ∆𝑇௧ + ∆𝑇௖ + ∆𝑇௥. (23) 

The growth rate and dendrite tip curvature relating the fixed undercooling given in the LGK 

model can be summarised as following: 

∆𝑇 =
∆𝐻

𝐶௣
𝐼𝑣(𝑃௧) + 𝑚𝐶଴ ൬1 −

1

1 − (1 − 𝑘)𝐼𝑣(𝑃௖)
൰ +

2𝛤

𝑅
, (24) 

and, 

𝑅 = ൜
𝛤

𝜎∗(𝑚𝐺௖ − 𝐺)
ൠ

ଵ/ଶ 

, (25) 

where, R is dendrite tip radius, ∆𝐻 is the latent heat, 𝐶௣ is the specific heat capacity at constant 

pressure, Iv is the Ivantsov function, 𝑃௧  and 𝑃௖  are the Péclet numbers for the thermal and 

solutal fields, respectively – expressed as 𝑉𝑅/2𝛼  with 𝛼  being the respective diffusion 

coefficients, m is the equilibrium liquidus slope, 𝐶଴ is the nominal alloy composition, 𝑘 is the 

equilibrium partition coefficient, 𝛤  is the Gibbs-Thomson parameter (ratio of solid/liquid 

interface energy and melting entropy), 𝜎∗ is a stability constant, 𝐺௖ and 𝐺 are the concentration 

and thermal gradients, respectively, evaluated at the solid/liquid interface. 

 

The simplified KGT model assumes a hemispherical shape of the dendrite tip and interfacial 

equilibrium can be employed for solidification velocities not exceeding 0.01 m/s [92] given as: 
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∆𝑇 = 𝑚𝐶଴

⎝

⎛1 −
1

1 − (1 − 𝑘)𝜋ට
𝑅𝑇

𝐷∆𝑇଴𝑘⎠

⎞. (26) 

Eq. (26) is also termed as an interfacial response function which can be solved with the 

solidification velocity, 𝑉 as a function of undercooling primarily approximated with a cubic 

polynomial, 𝑉 = 𝐴(∆𝑇)ଷ + 𝐵(∆𝑇)ଶ + 𝐶(∆𝑇) + 𝐷, where 𝐴, 𝐵, 𝐶, and 𝐷 are material specific 

parameters often determined through empirical relations or phase-field methods.  

Table 1 summarizes the values of these parameters utilized by literature employed primarily 

in CA-based numerical simulations specific to AM solidification. 

 

Table 1. Material dependent constants for the solution to interfacial response function. 

Alloy A (m/(s·K3)) 

(×10-07) 

B (m/(s·K2)) 

(×10-05) 

C 

(m/(s·K))  

(×10-05) 

D (m/s)  

(×10-05) 

Ref. Model 

Ti-5wt% Mo 121.5 −1.1 35.4 −27.6 [92] KGT 

Ti-3wt% Cu −16.8 6.4 6.6 −7.6 ” KGT 

Ti-2 wt% Fe −75.4 22.2 4.8ௗ −1.8 ” KGT 

Ti-4 wt% Ta 355.6 25.1 66.6 −33.2 ” KGT 

IN718  22.9 1.6 1.8 - [179] LGK 

Pure-Ni −10.3 105.3 2219.6 - [187] KGT 

IN718 −1.0 10.5 222.0 - [162] KGT 

IN625 −1.0 10.5 222.0 - [125] KGT 

SS304 109.1 −20.3 274.0 11.5 [140] -N.A. 

SS316L - 0.02 - - [159] KGT 

IN718 4.1 0.02 - - [164] KGT 

Ti-6Al-4V - 203.0 54.4 - [167] -N.A. 

 

From the above summary, it is evident that the CA numerical modelling technique is most 

effective in simulating a range of microstructural evolutions during the EPBF, LPBF, and 

LDED processes. It is also interesting to note that CA codes can be applied with the solute 

diffusion governing equations (to accurately predict the sub-grain morphologies), which is a 

computationally intensive process. A result here is the simulations of dendritic to planar 

solidification with increasing flow rate for a binary alloy, as shown in Figure 9(c). An 

alternative to this is to employ analytical formulations that correlate the tip velocity to 

undercooling and simulate large-scale microstructures, as showcased by the multi-layer 

microstructures. However, a significant drawback in this case is the absence of the segregation 
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behaviour of the constituent elements during solidification. A couple of the limitations of CA-

based modelling are the following. (a) So far, the AM literature employing CA with solutal 

governing equations are limited to binary or pseudo-binary alloy approximations, due to the 

lack of phase diagrams and the need for an additional non-equilibrium solidification framework 

for the same. (b) Lack of solid-solid phase transformation research, primarily to investigate the 

formation of detrimental precipitates of segregation-driven phase transformations. 

3.3. Monte Carlo Method 

The major application of the CA modelling to metal AM is for predicting and/or understanding 

the solidification microstructures. In comparison, the MC method has slightly broader 

applicability as it can predict the grain transition through the solidification and to the lower 

temperature phase transformations such as recrystallization and martensitic phase 

transformations. However, the MC methods are computationally more intensive than the CA 

models (typically the ones employing the analytical models for the prediction of solidification 

rates with the undercooling). Moreover, the KMC model lacks direct application of the thermal 

conditions to simulate the microstructural evolution, which is a major reason for it not being 

employed widely for simulating metal AM. 

 

During a typical MC simulation, the computational domain is discretized into lattice points. 

Each of the lattice points is assigned a number that would represent a microstructural state. 

This way different integers could be employed to represent the liquid and solidified states as 

well crystallographic orientations [124]. 

 

A pioneering work on the application of the KMC method by Rodgers et al. [188] implemented 

the melt pool and heat-affected zone (HAZ) dimensions as parametric values of a double 

ellipsoidal heat source (Figure 12(a)). As a result, a framework is shown to work successfully 

where the melt pool information taken from the experimental observations of the overlapping 

tracks and layers could be used directly for simulating the microstructural evolution, without 

the computationally intensive step of determining temporal fields using the macro-scale 

numerical simulations. The resultant KMC model shows substantial accuracy in predicting 

microstructural evolution in the LDED and EPBF processing conditions. Aside from its 

application to LDED [189–191] (Figure 12(b) [190] and Figure 12(d) [191]), the KMC 

method has found several applications in the LPBF [44,192] processes as well (Figure 12(c) 

[44]). 
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The eventual task of a KMC Potts method is to perform the minimization of the aggregate 

energy of the microstructure, which, for simulations of microstructural evolution in the metal 

AM process, is given by [22]: 

𝐸 =  ෍ ෍
𝛾

2
[1 −  𝛿௜,௝]

ఉ

௝ୀଵ

ఈ

௜ୀଵ

. (27) 

Here, i and j are the site of evaluation and its neighbour, respectively. 𝛼 is the total number of 

sites, 𝛽 is the maximum number of neighbours (26 in 3D and 8 in 2D, respectively), 𝛾 is the 

specific grain boundary energy per unit length and 𝛿௜,௝ is the Kronecker delta function which 

is 1 when i = j and 0 when i ≠ j.  
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Figure 12. (a) KMC simulations of LDED microstructures obtained for IN718 alloy [188]. (b) 

Equiaxed to columnar transition in an LDED 304L tube simulated using the KMC method 

[190]. (c) Microstructural evolution in conduction and a convection type melt pool in an LPBF 

process [44]. (d) Microstructural variations with increasing scanning speed were simulated 

using KMC for the LDED process [191]. (e) Layer-wise distinct microstructural evolution is 
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obtained by the dynamic KMC method [192]. (f) Epitaxial vs equiaxed grain growth scheme 

implementation to KMC-based simulation model [193]. 

Two major advancements in the application of the KMC method to simulate AM have been 

showcased in Figure 12(e) [191] and (f) [193]. In the former, Rodgers et al. [191] implemented 

both macro-scale finite element methods or 3D thermal imaging techniques to determine the 

temporal evolution of the melt pool and HAZ information, which is then integrated into the 

KMC model for every timestep of the build. This results in a more accurate prediction of 

microstructural evolution in the distinct layers of the build, which are likely to differ due to the 

continuous thermal build-up due to the continuous deposition process. Rodgers et al. [193] 

implemented the finite difference Monte Carlo (FD-MC) method to employ a diffusion-based 

model, akin to the FD-CA models. They implemented a nucleation framework to simulate the 

equiaxed grain nucleation and even provide CET predictions using Hunt’s solidification map 

[194]. 

3.4. Phase-field simulations 

Among the microscale simulation of nucleation and solidification physics associated with the 

AM processes, phase field simulations have been quite promising [195]. In the PF method 

applied to solidification simulations, a diffuse solid/liquid interface can be simulated contrary 

to the sharp interface as seen in the majority of CA and MC methods. An order parameter or a 

phase-field variable, ϕ, whose value transitions smoothly from solid to liquid is introduced, 

which removes the need for explicit tracking of the interface [196]. The PF method is relatively 

more accurate than the CA and MC methods for determining solidification phenomena, because 

it is derived from irreversible thermodynamics. However, it is also the most computationally 

intensive as it requires solving a simultaneous system of equations that includes the phase-field 

variable and the free energy minimization equation. 

 

Since the governing equations of the PF method are thermodynamic, the method can simulate 

the microstructural evolution for a myriad of solidification conditions. This is the reason for 

the PF method being continually applied for simulating the microstructural evolution in AM, 

despite the heavy computational costs associated with it. Akin to CA, albeit not as extensively, 

the PF method has been applied equally to LDED [197–199], LPBF [94,200–212], and EPBF 

[195,204,213,214]. 
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The application of PF to LDED processes is shown in Figure 13. Figure 13 (a) – top illustrates 

the evolution of a dendritic microstructure from the predominantly planar solid/liquid interface 

during the solidification of a melt pool of a binary alloy approximation of IN718 with Ni-Nb. 

[197]. With the progression of the grain growth, the planar interface breaks down, as predicted 

by the Mullins-Sekerka instability criterion [65], followed by the coarsening and elimination 

of dendrites due to the coarsening instability, a transition state, where an increase in  PDAS 

occurs, followed by a steady-state growth. The simulation results also present the heightened 

sensitivity of PDAS to solidification velocity, as opposed to the thermal gradient. Hence, as 

seen in the long section of the single-track, Figure 13(a) – bottom, where the observations can 

infer as a result of unidirectional thermal gradient and solidification rate, the cooling rate at the 

solid/liquid interface (dashed line) decreases from top to the bottom of the melt pool in a trend 

similar to the solidification rate. Consequently, PDAS decreases substantially from the melt 

pool bottom to the surface. This work also rationalizes the deviation of experimental 

observations from predictions by the models of Hunt [215] and Kurz-Fisher [64].  

 

Figure 13(b) presents the results of another work [198] with a CFD-PF coupling to model the 

microstructural evolution in laser-deposited T15 high speed steel premixed with CeO2 powders. 

The 2D PF model was developed with a binary alloy approximation and an additional 

heterogeneous nucleation model [216] correlating the rate of nucleation to thermal 

undercooling in the melt pool given by: 

𝑑(𝑛)

𝑑(∆𝑇)
=

𝑛௜,௠௔௫

√2𝜋∆𝑇௜,ఙ

𝑒𝑥𝑝 ൥−
1

2
ቆ

∆𝑇 − ∆𝑇௜,௡௨௖

∆𝑇௜,ఙ
ቇ

ଶ

൩.  (28) 

Here, ∆𝑇௡௨௖  is the mean undercooling, ∆𝑇ఙ  is the standard deviation, and 𝑛௠௔௫   is the 

maximum nuclei density. Quantitative and qualitative comparisons of the simulated 

microstructure with the SEM/EPMA observations shows a similar trend in grain area variation 

at different locations in the melt pool and segregation behaviour of alloying elements, 

respectively.  

 

Recent work on the simulation of 3D microstructural evolution in a multi-layer LDED 

deposition of Ti-6Al-4V alloy is an apt example of the advancement of the PF method in 

application to AM processes [199]. They employed the following equation for the probability 

of heterogeneous nucleation [217]: 
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𝑃 = න
𝑉௖௘௟௟𝑛௠௔௫

√2𝜋∆𝑇ఙ

∆்(௧)

∆்(௧ି∆௧)

𝑒𝑥𝑝 ቈ−
1

2
൬

∆𝑇 − ∆𝑇௡௨௖

∆𝑇ఙ
൰

ଶ

቉  𝑑(∆𝑇). (29) 

Here, 𝑉௖௘௟௟  is the volume of each lattice site. It should be evident here that Eq. (29) is the 

integration of Eq. (28) for a time step of ∆t. The multi-scale multi-layer numerical simulation 

process detailed in the research shown in Figure 13(c) confirms that thermal undercooling is 

the most dominant during the LDED of Ti-6Al-4V alloy which also increases from melt pool 

base to the surface along the S/L interface. With the build height, thermal undercooling in the 

top regions of the melt pool increases favouring heterogeneous nucleation over epitaxial 

growth. Solidification velocity decrease induces grain coarsening – an effect similar to that on 

dendrites reported earlier by [197].  
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Figure 13. Application of PF modelling to LDED processes. (a) Top – Evolution of columnar 

dendritic microstructure for varying solidification parameters. Bottom – Dendritic 

microstructural evolution (numerical and experimental) along the melt pool boundary observed 

in the long-section of a single-track deposited bead of IN718 alloy. Bottom-most – Inability of 

conventional models in predicting the PDAS variations in a melt pool [197]. (b) Columnar to 

equiaxed transition simulated with the implementation of a heterogeneous nucleation model to 
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the PF simulations for deposition of T15 high-speed steel [198]. (c) The tendency for CET in 

different layer heights simulated for the Ti-6Al-4V process [199].  

The PF method’s application to LPBF processes has significnatly advanced the understanding 

of the rapid solidification phenomena associated with the range of solidification parameters 

that are typically experimentally measured or simulated during LPBF. Figure 14 summarizes 

a few of the recent efforts. Karayagiz et al. [94] coupled a finite element-based macro-scale 

model to a finite-interface dissipation PF model [218] for simulating the non-equilibrium rapid 

solidification of Ni-3.2 at.% Nb. They showed through experimental and numerical simulation 

observations of single-tracks that for the solidification parameters typically obtained during the 

LPBF of the Ni-Nb binary alloy, the S/L interface evolves from planar to cellular and then to a 

planar one with increasing growth rate (Vab), as shown in Figure 14(a). Chadwick and 

Voorhees [207] simulated the microstructural evolution during single-track LPBF deposition 

of SS316L with a Fe-Cr binary alloy approximation for the PF model and employed 

Rosenthal’s solution for a steady-state temperature profile with a moving point source [219], 

as shown in Figure 14(b). An absolute stability limit was assumed and for the solidification of 

SS316L, neutral stability curves were calculated.  

 

Yang et al. [208] developed a 3D LB-PF model for simulating the phenomenon of grain 

nucleation, growth, and coarsening during the multi-track multi-layer deposition of SS316L 

(Figure 14(c)). They modelled the effect of grain coarsening along with heterogeneous 

nucleation, and epitaxial grain growth from the previously deposited layers and powder 

particles. The PF model can also simulate the TiB2-driven grain refinement in the SS316L. 

Okugawa et al. [211] developed a standalone 2D PF model for the laser remelting of  Al-10 

wt.% Si with constant solidification parameters (Figure 14(d)). They determined that the 

formation of fine equiaxed grains at the melt pool fusion boundaries observed in the LPBF 

microstructure of Al-Si alloys is driven by the intrinsic heterogeneous nucleation due to the 

high melting point of the Si-phase. Moreover, they also determined that under a rapid-heating 

condition such as that encountered in a PBF-type additive manufacturing process, only a short 

period of several tens of microseconds is allowed for atomic diffusion between the α-Al and 

solid Si-phases in eutectic regions.  

 

Laskowski et al. [212] coupled a powder scale LB model with a microstructure scale PF model 

to simulate the microstructural evolution and porosity generation concurrently (Figure 14(e)). 
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They accounted for the grain growth anisotropy by orientation-dependent solid-liquid interface 

mobility, Гgl – lower values of which result in a larger thermal undercooling and stronger 

tendency for equiaxed grains formation. Elahi et al. [210] developed a 3D macro-scale finite 

element model coupled with a 2D micro-scale phase field model with pseudo-binary alloy 

approximations for IN718 alloy as  Ni-5 wt.% Nb. Digital microstructural characterization of 

the simulated microstructure indicates varying Nb segregation in different grains of the melt 

pool in different locations which increases the predictability for the determination of regions 

where the Ni3Nb phase could form (Figure 14(f)). In a first, Shinjo et al. [203] employed a 

multi-scale PF-based numerical model to simulate the in-situ alloying of Ni and Ti powders to 

form the Ni-Ti alloy that too in a keyhole mode of melt pool solidification. As shown in Figure 

14(g), due to the macro-scale heterogeneity of the Ni concentration in the melt pool, temporal 

inconsistency occurs in the solidification. 
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Figure 14. Application of PF method to LPBF process. (a) Finite-interface dissipation PF 

model for the rapid solidification of Ni-3.2 at.% Nb [94]. (b) Phase-field simulation of a single-

track deposition of stainless steel 316L [207]. (c) 3D phase field modelling of microstructural 

evolution in 316L SS [208]. (d) PF method enlightened Si-driven intrinsic heterogeneous 

nucleation mechanism driven by laser reheating in Al-Si alloys [211]. (e) Lattice-Boltzmann 

phase-field coupled multilayer multiscale simulations for IN718 alloy for microstructural and 

porosity evolution [212]. (f) Multi-scale simulation of single-track deposition of IN718 alloy 
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(g) Phase-field driven multi-scale modelling of in-situ alloying of Ni and Ti powders for 

fabrication of Ni-Ti shape memory alloy [203]. 

Figure 15 presents the recent research on the application of the PF method to EPBF processes, 

which, as such, is sparse. Liu et al. [204] applied a 3D multi-scale PF model to investigate the 

columnar-to-equiaxed transition (CET) in spot melting of IN718. As shown in Figure 15(a), 

the high total undercooling obtained at the arc length of the melt pool cross-section with a 

minimum value of 40.5 K, which is higher than the mean undercooling of 33.6 K for IN718, is 

the reason behind heterogeneous nucleation-driven fine equiaxed grains formed from the spot 

melting strategy reported in earlier works [37]. In a later effort, Liu et al. [214] implemented a 

transformation mechanism of the alpha phase, based on the Burgers orientation relation, from 

the simulated beta microstructure of the Ti-6Al-4V melt pool which was further employed for 

simulated tensile testing. As shown in Figure 15(b) CET occurs for a process parameter set 

which fast beam scanning speed. The higher scanning speed was observed to increase the 

constitutional undercooling. Uddagiri et al. [195] investigated the effect of partial remelting 

with an electron beam on nucleation for a model binary alloy system of Ni-20.5 mol % Al. 

They employed a 2D PF model and as shown in Figure 15(c) they decipher not only the 

complexity of the Al segregation during the remelting process but also the melting and 

renucleation of the Al-rich γ’ phase.  
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Figure 15. Implementation of PF based modelling frameworks to the microstructural 

evolutions in EPBF processes. (a) FE-PF multi-scale numerical model for spot-melting strategy 

implemented for IN718 [204] (b) Effect of beam power and scanning speed on as-built 

microstructure illustrated by FE-PF coupled model [214] (c) Effect of remelting on 

undercooling and nucleation in Ni-based superalloys [195]. 
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3.5. Macro-scale modelling 

Most microscale simulations of metal AM require coupling with a macroscale numerical model 

to determine the thermal history. This macroscale corresponds to the millimetre scale or system 

scale. The most general process of numerical modelling of AM at this scale involves solving 

the energy conservation and the Navier-Stokes equations using FEM [28,90,166,220–230], 

FVM or FDM [37,231–235]. The LBM is a new technique for modelling AM. LBM considers 

the powder bed as discrete particles, which makes it more accurate than other methods for 

visualizing the effects of relative powder density, balling, capillary, and wetting phenomena 

[38,236–239]. However, LBM is more computationally intensive than the other methods, 

especially when simulating large domains and determining the melt pool solidification 

parameters such as thermal gradient and cooling rate. In this review, we did not provide detailed 

accounts of macro-scale modelling applied to AM process as reviews on the same are available; 

interested readers should consult the works of Bayat et al. [240,241].  

3.6. Analytical modelling 

In addition to numerical modelling of metal AM at the system scale, analytical models derived 

from Rosenthal's equation [219] have been used to understand the resulting microstructure in 

manufacturing processes that involve a moving heat source [242–245]. These analytical models 

can be used to predict the thermal gradient and solidification rate in the melt pool, which can 

then be used to develop processing microstructure selection maps [242,243]. One such 

analytical model is a modified form of the Hunt's equation [194], which predicts the CET ahead 

of an advancing solid/liquid interface concerning the thermal gradient in the melt pool and the 

solidification rate of the interface. 

 

The estimation of solidification parameters from the solidified microstructure is a critical 

aspect in the field of AM so far. In processes such as AM, computationally extensive numerical 

simulations needed to be performed to determine the solidification parameters of the molten 

pool, which not only vary spatially within a melt pool, but also vary with the consecutive melt 

pool overlaps due to heat accumulation. Hence, it becomes quite important to have the 

analytical tools that can determine the solidification parameters from microstructural features 

such as PDAS. The practice of solidification parameter determination from PDAS is not new 

to AM and has proven beneficial in providing approximate information to the microstructural 

growth models such as those employed by Sun et al. specific to LPBF 316L [44]. A general 
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model to predict the PDAS for dendritic and cellular grain growth was given by Ma and Sahm 

[246] and can be summarized as following. 

For dendritic grain growth: 

𝜆ௗ = 2𝜋(𝑘𝐷𝛤∆𝑇଴)଴.ଶହ ൬1 −
𝑉௖௦

𝑉
൰

଴.଻ହ

𝐺ି଴.ହ𝑉ି଴.ଶହ. (30) 

For cellular grain growth: 

𝜆௖ = 4𝜋 ൬
𝐷𝛤

𝑘∆𝑇଴
൰

଴.ଶହ

൬1 −
𝑉௖௦

𝑉
൰

ି଴.ହ

𝑉ି଴.ହ. (31) 

Here, 𝜆ௗ and 𝜆௖ are the PDAS for dendritic and cellular grain growths, respectively. D is the 

solutal diffusivity, 𝛤 is Gibb’s Thomson coefficient, ∆𝑇଴ is the solidification interval, k is the 

distribution coefficient, G is the thermal gradient along the direction of grain growth, and V is 

the velocity of the solidification interface. For predicting PDAS, the Kurz-Fisher model [64] is 

given as following:  

𝜆 = 𝐶଴ ൬
𝛤∆𝑇଴𝐷

𝑘
൰

଴.ଶହ

𝐺ି଴.ହ𝑉ି଴.ଶହ. (32) 

Hunt’s model for the PDAS prediction [247] has been provided in a rather simplified form by 

Wang et al. [248] as: 

𝜆 = 2.83 ൬
𝛤∆𝑇଴𝐷

𝑘
൰

଴.ଶହ

𝐺ି଴.ହ𝑉ି଴.ଶହ. (33) 

Trivedi’s model for PDAS [249]: 

𝜆ଶ𝐺

𝑅𝑘∆𝑇଴
=

4√2𝐿𝛾𝑉

2∆𝑆𝐷𝑘∆𝑇଴𝑃௖
ଶ

. (34) 

Due to the abundance of analytical models, predictions of solidification parameters of 𝐺 and 𝑉 

should be done judiciously. However, we recommend the model by Ma and Sahm [246] given 

in the form of equations (30) and (31), as it can be employed to estimate the variation of 

parameters throughout the melt pool considering cellular-to-dendritic and dendritic-to-cellular 

transformations, as the interface velocities approach the limit of absolute stability.  

 

4. Challenges and solution/mitigation strategies 

4.1. Solidification cracking 

Solidification cracking typically takes place in the terminal stages of solidification, wherein the 

solid fraction ranges between  0.9 and 0.94 [250]. In this regime, incomplete coalescence of 

the dendritic arms leads to the presence of thin liquid film between them, which could rupture 

under thermal strains, especially when the fluid supply from the melt is insufficient [251]. This 
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type of cracking, which is often accompanied by smooth cellular/dendritic fractographic 

features, can be differentiated from the others, such as liquation and ductility dip cracking, by 

the absence of secondary phase precipitates at the cracked boundaries [252–256], as shown in 

Figure 16. Strains associated with the solidification shrinkage and thermal contraction of the 

solid behind the mushy zone are the primary reasons for it. Hence, the grain boundary 

separation caused by these two strains during solidification must be compensated by the 

dendritic coalescence and a supply of liquid metal from the molten region to the mushy zone, 

to suppress solidification cracking [166]. 

 

 

Figure 16. Fractographs obtained from the AM samples that underwent solidification cracking 

during fabrication. (a) Dendritic fracture surface of the intergranular cracked samples of Ni-

based superalloy with single-crystal (SX) compositions printed using EPBF [166]. (b) Cellular 

fracture surface of the cracked samples of CoCrFeNi HEA manufactured using LPBF process 

[256]. 

Earlier works on the non-weldable alloys’ AM, especially LPBF and EPBF of Ni-based 

superalloys, reported the formation of cracks in the as-built samples that could be alleviated 

through post-processing heat treatments such as hot isostatic pressing (HIP) [257–259]. 

Though the cracks were shown to be confined to the high-angle GBs [258], no significant 

correlations could be obtained for rationalising the formation of these cracks in the as-built 

samples. 

 

Few physics-based models have been applied to investigate the solidification cracking in 

weld/AM solidification conditions. The Rappaz-Drezet-Gremaud (RDG) model (Figure 17 

(a)) [260] investigated the sensitivity to crack nucleation by considering the liquid feeding into 
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the mushy zone and uniaxial tensile load applied perpendicular to the growth of columnar 

dendrites due to solidification shrinkage. Mathematically, it is given as: 

𝐹൫𝜀௣̇,୫ୟ୶൯ =
𝜆ଶ

ଶ

180
∙

𝐺

(1 + 𝛽)𝜈
∙ ∆𝑝௖ − 𝑉் ∙

𝛽

1 + 𝛽
∙ 𝐻′, (35) 

where 𝜀௣̇,୫ୟ୶  is the maximum deformation rate sustained by the mushy zone before the 

nucleation of a void (hot tear), 𝜆ଶ  is the secondary dendrite arm spacing (SDAS), 𝐺  is the 

thermal gradient, 𝛽 is the solidification shrinkage (ratio of density difference in the solid and 

liquid states to the density of the liquid state), 𝜈  is the melt viscosity, ∆𝑝௖  is cavitation 

depression (difference of metallostatic pressure at the dendrite tips and the cavitation pressure), 

and 𝑉் is the velocity of the isotherms. The functions 𝐹 and 𝐻′ are determined by the following 

equations: 

𝐹൫𝜀௣̇൯ = න
𝐸(𝑇) ∙ ൫𝑓௦(𝑇)൯

ଶ

൫1 − 𝑓௦(𝑇)൯
ଷ

்ಽ

்ೄ

𝑑𝑇 (36) 

with 

𝐸(𝑇) =
1

𝐺
න 𝑓௦(𝑇) ∙ 𝜀௣̇(𝑇) 𝑑𝑇 (37) 

and 

𝐻′ = න
൫𝑓௦(𝑇)൯

ଶ

൫1 − 𝑓௦(𝑇)൯
ଶ

்ಽ

்ೄ

𝑑𝑇. (38) 

Despite its development for the steady state conditions, with an unidirectional orientation of 

the dendrite arms, and the assumption of the invariable fraction of solid (𝑓௦) in the direction 

perpendicular to liquid feeding, the RDG model has been applied with significant success in 

AM for deciphering and alleviation of solidification cracking. Some examples are LPBF 

CoCrFeNi HEA [256], CoCrFeNiAl HEAs [261,262], Zr-modified Al–Cu–Mg [263], Al–Li 

[264], CM247LC [265,266], Al6061 [267], AA7075 [268], Ti-modified Al-Cu [269], IN738LC 

[270,271], Al2024 [272] and LDED René 80 [273]. 

 

While the RDG model considered a steady state control volume for the entire mushy zone, a 

later criterion for solidification cracking proposed by Kou [274] (Figure 17 (b)) focussed on 

the grain boundary between parallel columnar grains with an additional effect of grain growth 

toward each other during solidification. Mathematically, the Kou’s criterion for cracking is 

expressed as:  
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𝑑𝜀௟௢௖௔௟

𝑑𝑇
> ቊඥ1 − 𝛽 ∙

𝑑ඥ𝑓௦

𝑑𝑇
+

1

(𝑑𝑇/𝑑𝑡)

𝑑

𝑑𝑧
ൣ൫1 − ඥ1 − 𝛽 ∙ ඥ𝑓௦൯ ∙ 𝑣௭൧ቋ

ඥ௙ೞ→ଵ

. (39) 

Here, 𝜀௟௢௖௔௟ is the local strain and its derivative with T (the term on the left hand side (LHS)) 

is the local separation term that accounts for the tensile deformation normal to the columnar 

dendritic grains. The first term on the right hand side (RHS) accounts for the growth of 

dendritic arms to coalesce while the second term accounts for the liquid feeding with a velocity 

𝑣௭ to resist the crack growth. 

 

Given the above model’s application to rapid solidification parameters associated with a weld, 

it has been widely accepted and applied to problems in metal AM as well [275]. A key limitation 

of Kou’s model is that it considers only parallel columnar grains and ignores the effect of 

attractive or repulsive GBs. Keeping this in view, Chandra et. al [166] (Figure 17 (c)) proposed 

a generalized criterion for solidification cracking by adding the mutual inclination of grains to 

Kou’s existing criterion. Moreover, they extended the attractive and repulsive notation to 

classify GBs into convergent and divergent ones (on the basis of inclination of subgrains 

towards or away from each other at a GB, respectively), which, in turn, affect the liquid flow 

to the mushy zone and the grain boundary separation. Their criterion can be expressed 

mathematically as follows: 

𝑑𝜀௟௢௖௔௟

𝑑𝑡
> ቈඥ1 − 𝛽 ∙

𝑑ඥ𝑓௦

𝑑𝑇
∙ ൬1 +

1

𝑐𝑜𝑠𝜃
൰ ∙ |𝐶𝑅| −

𝑡𝑎𝑛𝜃

𝜑
∙

|𝐶𝑅|

𝐺
቉

+
𝑑

𝑑𝑧
൤
1

2
൫1 − ඥ1 − 𝛽 ∙ ඥ𝑓௦൯ ∙ ൬1 +

1

𝑐𝑜𝑠𝜃
൰ ∙ 𝑣௭൨

௭
. 

(40) 

Here 𝐶𝑅 is the cooling rate, 𝜃 is the inclination angle of the neighbouring grains, 𝜑 is the grain 

width that is assumed to be equal for the neighbouring grains, and 𝐺 is the thermal gradient. 

Along with the criterion, they also demonstrated, with the help of diffusion based CA 

simulations that the divergent grain boundaries (𝜃 > 0௢) are prone to the segregation of heavy 

elements and a decrease in the permeability of molten metal to resist the crack. This criterion 

can be particularly beneficial when applied to the general case of metal AM, where the grains 

are not necessarily unidirectional and severe segregation of the solute elelements at grain 

boundaries is a norm [276]. 
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Figure 17. Criterion for solidification cracking. (a) RDG criterion [260] showing a steady state 

control volume consisting of parallel dendrites that is assumed to move along the dendrite 

growth direction with the isotherm velocity. (b) Kou’s criterion [274] with its fixed control 

volume primarily focussed at the grain boundary between parallel columnar grains. (c) 

Generalised criterion by Chandra et al. [166] accounting for the grain tilt angle to the Kou’s 

hot cracking criterion.  
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Solidification cracking in AM has been tackled through various means – affecting the CET 

during solidification being the primary one. The idea behind this is to prevent the epitaxial 

growth of the columnar grains that are prone to solidification cracks, and, instead, promote 

equiaxed grains that tend to be isotropic. While CET in AM is detailed in the next sub-section, 

it is worthwhile here to introduce the pioneering work of Martin et al. [277] on inoculation-

induced heterogeneous nucleation, as shown in Figure 18. They employed nano-scale 

hydrogen-stabilized zirconium particles as nucleants to print crack-free equiaxed aluminum 

alloys using LPBF process. Additionally, it is probable that the addition of Zr affected the 

solidification temperature range of the Al alloy and resulted in increased resistance to cracking. 

 

 

Figure 18. Inoculant-induced heterogeneous nucleation for achieving crack-free equiaxed 

microstructure via LPBF – addition of nano-scale Zr particles to Al7075 powder [277].  

In cases where columnar grain growth is a necessity, so as to form a highly directional or single 

crystal microstructure for creep-resistant applications, CET cannot be pursued. Hence, it is 
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important to produce largely columnar microstructure that is free from solidification cracking. 

Adapting the alloy design principles shows potential in alleviating solidification cracking 

without much variation to the microstructural evolution. For example, addition of 1 to 5 wt.% 

Ti to IN625 process was demonstrated to reduce its cracking susceptibility during the LDED 

process [278]. The following two reasons were attributed to it. (a)  Decrease in the 

solidification temperature range from 210 to 149 °C, and (b) potential healing of cracks 

from backfilling during the terminal stages of solidification, due to the increase in the low 

melting point Laves phases + γ eutectic at the grain boundaries and the interdendritic regions. 

 

In their recent work on LPBF Al-alloy, Zhou et al. [279] employed a hybrid approach where 

TiB2 particles were added, such that they act as nucleants for equiaxed grain formation, and Si 

was added to reduce the solidification shrinkage strains. Similarly, the addition of TiC to the 

LPBF IN738LC superalloy has been shown by Zhou et al. [280] to reduce the aspect ratios of 

columnar grains. This causes an increase in the high-angle grain boundaries (HAGBs) that 

leads to a reduced solute enrichment and strain concentration at GBs, resulting in significant 

inhibition of solidification cracks in the as-printed samples. Recently, Dang et al. [281] 

investigated the cracking tendency of IN738 superalloy manufactured using LDED and EPBF 

processes. They highlighted that the shallow and wide melt pools along with the solidification 

parameters obtained in the latter favour the growth of textured columnar grains. This pair with 

large cooling rate at the solid/liquid interface that deters solute segregation, results in crack 

suppression in the EPBF IN738 samples. 

 

It is well established that alloys with increasing solidification range exhibit higher 

susceptibility to cracking. However, in their recent study with LPBF, Zhao et al. [282] reported 

an opposite behaviour wherein the addition of Zr to Haynes-230 alloy was shown to inhibit 

solidification cracking substantially, while the Schiel model shows a large increase in the 

solidification temperature range. Similarly, in their LPBF CoCrFeNiAlx HEA Sun et al. [261] 

observed cracking in Al-rich (1.0 molar ratio) samples which was driven by the formation of 

network of brittle B2 phases at the GBs despite a decrease in solidification range that was 

predicted by the Schiel model. These results highlight that the solidification temperature range 

determined through computational thermodynamics might not be good enough to predict 

solidification cracking in AM alloys. 
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4.2. Columnar grains due to epitaxial growth and CET 

Epitaxial grain growth during AM implies that the grains in a melt pool grow on the previously 

deposited layer. As detailed in Section 2, the energy barrier for heterogeneous nucleation is 

much lower than that of the homogeneous one [56,70]. Hence, the former is preferred on the 

existing grains in an AM melt and, under favourable solidification conditions, the growth of 

these grains, which have the same crystallographic orientation as their seeds, occurs. Such 

growth can transcend through several layers and is termed as epitaxial grain growth. In the high 

width-to-depth aspect ratio (AR) melt pools, termed ‘conduction-type’ in the AM literature, 

such an epitaxial grain growth can result in the strong <001> crystallographic textures in alloys 

that have cubic crystal structures (body centred cubic (BCC) and face centred cubic (FCC)). 

Fulfilment of the following two conditions is essential for this to take place: (a) a large thermal 

gradient across the molten region and (b) minimum deviations of the solidification growth front 

from the build direction [235]. Shallow melt pools satisfy these conditions, as the grain growth 

front has to traverse relatively shorter distances with a fixed orientation, before being remelted 

and transferring their orientation information to the grains in the melt pool of the next layers.  

Since directionally solidified, large columnar grains are desirous in the Ni-based superalloys, 

whose primary functionality demands excellent creep resistance, several methodologies that 

favour the elimination of misoriented grains to form nearly monocrystalline microstructures 

have been developed [28–30,32,283,284], as evident from a few examples shown in Figure 

19. The EPBF technique is often associated with the conduction-type melt pool formation due 

to the high thermal gradient aligned with the build direction in it and hence has resulted in 

textured columnar microstructures in Ti-6Al-4V [90,245,285], Ni-based superalloys 

[30,32,164,283,286–288], and stainless steels [28,35,289–291]. Additionally, Gotterbarm et al. 

[32] implemented a µ-Helix beam scanning technique to strengthen the <001> crystallographic 

texture in EPBF IN718. Chandra et al. [28] introduced an X-shaped part geometry that could 

strengthen the epitaxial growth of <001> aligned grains through its neck and the V-shaped 

section. They also report an optimum prism angle of 90o over 60o and 120o that could result in 

a near-monocrystalline microstructure for EPBF 316L. 

CET in the melt pool will occur, however, when the nucleation of new grains is favoured, either 

for thermodynamic or kinetic reasons, over the epitaxial growth of columnar grains. In AM, 

triggering CET has been achieved through various means such as heterogeneous nucleation 

zheyu
Highlight
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[277,292–295] (Figure 20 (a1), (a2), and (a3)), process parameter variations 

[29,36,38,39,42,44,296] (Figure 20 (b1) and (b2)), powder-size driven melt pool engineering 

(MPE) [35] (Figure 20 (c)), accessories for in-situ microstructural variations – often limited to 

LDED processes [297,298], and post-processing heat treatments [293,299,300]. 

 

 



62 
 

Figure 19 Single crystalline microstructure from EPBF AM processes. (a) EPBF CMSX-4 part 

and the corresponding IPFx and IPFy maps [30] (b) EPBF Ni-Co-Cr-Mo-Al-Ti-B Ni-based 

superalloy [283] (c) EBSD IPF maps of SX EPBF IN718 samples [32] (d) IPFz maps for 

varying energy density obtained in EPBF Nimonic 105 alloy [288].  
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Figure 20 CET in AM as-built samples. Inoculation driven CET in (a1) LPBF Al [292], (a2) 

LPBF 2024-Al alloy [294], (a3) LPBF C465 maraging steel [295]. Process parameter variation 

driven CET in (b1) EPBF IN718 [38], (b2) EPBF IN718 [42]. (c) Powder-size driven CET in 

LDED 316L [35].  

The addition of inoculants, as discussed before, can lower the energy barrier by providing 

heterogeneous nucleation sites. On the other hand, CET can occur if the processing conditions 

are such that the conditions for homogeneous nucleation ahead of the solidification front are 

met or strong melt convection occurs leading to flow of the dendrite fragments that could act 

as heterogeneous nucleation sites (the latter being more likely). Microstructures with equiaxed 

grains in the AM parts are often desired since columnar grains are prone to hot cracking, 

introduce obvious anisotropy in mechanical response, and have substantially lower dislocation 

densities (as compared to their equiaxed counterparts) that result in relatively lower strength 

(compared to the equiaxed ones). 

 

The following two relations, proposed by Gaumann et al. [242] for rapidly solidified melt pools 

on the basis of Hunt’s criterion [194], can be utilized to generate microstructure selection maps 

based on the solidification parameters: 

𝐺 ≥ 𝐺௖௢௟௨௠௡௔௥ = 0.617 ∙ (100𝑁଴)
ଵ
ଷ ∙ ቆ1 −

∆𝑇௡
ଷ

∆𝑇௖
ଷቇ ∙ ∆𝑇௖ (41) 

𝑎𝑛𝑑, 𝐺 ≤ 𝐺௘௤௨௜௔௫௘ௗ = 0.617 ∙ (𝑁଴)
ଵ
ଷ ∙ ቆ1 −

∆𝑇௡
ଷ

∆𝑇௖
ଷቇ ∙ ∆𝑇௖ . (42) 

 

Here 𝑁଴ is the nucleation density, ∆𝑇௡ is the undercooling of the melt given by the difference 

between the liquidus and the nucleation temperatures (that can be obtained through the DSC 

measurements [52]), and ∆𝑇௖  is the constitutional undercooling at the dendrite tip that can be 

estimated using the empirical relation given in [242]: 

∆𝑇௖ = (𝑎 ∙ 𝑉)
ଵ
௡, (43) 

where, 𝑎  and 𝑛  are material properties, and 𝑉  is the growth rate. Values for 𝑎  and 𝑛  can be 

determined using the KGT model for columnar grain growth front [301] in binary alloys 

following the steps outlined in Wang et al. [302] or by using Lin’s model for multi-component 

alloy systems [303]. Table 2 summarizes the values of 𝑎 and 𝑛 determined through analytical 

or empirical basis, for a range of alloy systems available in the literature. Typical assumed 
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values of 1.25×1006 K3.4.s.m–1 and 3.4, respectively, for 𝑎 and 𝑛 irrespective of the alloy system 

[52,53,304,305] are not listed here. 

 

Table 2. Material-dependent parameters needed to correlate constitutional undercooling to the 

growth rate. 

Alloy system Alloy a (Kn‧s/m) n Reference 

Ni-based CMSX-4 1.25E06 3.4 [242] 

Mg-based Mg-3.64 wt% Al 6.973E05 3.517 [302] 

Al-based Al-0.5Sc-0.5Si 7.1E03 2.96 [306] 

 Al-4 wt% Cu 1.042E03 3.1 [55] 

 Al-4 wt% Cu 5.6E04 3 [307] 

 Al-Cu 2.01E06 4.14 [308] 

Ti-based Ti60 131347.3 4.97 [54] 

Fe-based 316L 5.87E04 2.94 [35,303] 

 

Though most of the CET-related research on AM alloys have employed the criteria prescribed 

in Eqns. (41) and (42) for predicting CET, it should be noted that these are criteria that were 

originally derived for the steady-state conditions with time-invariant solidification parameters 

– constant conditions of thermal gradient and growth rate, generally observed in castings that 

experience the directional solidification conditions. In view of this, Lei et al. [78] recently made 

an effort to estimate CET under the unsteady state conditions, which often prevail during EPBF, 

with the multi-track single-layer deposition experiments and simulations. They determined that 

for EPBF, parameter sets that resulted in shallow and wide melt pools can be manipulated with 

varying hatch spacing to achieve bulk CET and a ‘zig-zag’ microstructure. Hence, it is 

important to consider unsteady state solidification conditions for a more accurate prediction of 

microstructural evolution during AM. 

4.3. Solidification-induced porosity 

Porosity is a solidification-related defect that is commonly seen in AM processes, which is 

detrimental to various mechanical as well as functional properties of an alloy, such as ductility, 

corrosion resistance, and thermal/electrical conductivity. In particular, the presence of any level 

of porosity in a structural component that is subjected to fluctuating loads in service can lead 

to a marked reduction in the unnotched fatigue strength and hence, can compromise the 

structural integrity and reliability markedly. Therefore, it is necessary to understand the 
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evolution of these solidification-driven defects so that they can be minimized (if not eliminated 

entirely) during fabrication. 

 

Based on the formation mechanism, porosity is generally categorized into the following three 

types: keyhole, gas, and lack-of-fusion (LOF). Their representative morphologies are shown in 

Figure 21. The keyhole mode of laser melting is typically an alternative to the conduction 

mode – a namesake for the associated heat transfer. In the former, the energy density of the 

laser power is sufficient to vaporize the feedstock leading to the formation of plasma and 

vapour cavity [309], that would result in a melt pool far deeper than that from the latter. The 

vapour cavity, upon solidification, results in a pore with a distinct morphology. As shown in 

Figure 21(a), the keyhole pores typically show characteristic irregular shapes and well-defined 

rims [310,311]. The critical condition for their formation is collectively determined by the laser 

power, scan speed, and spot size.  

 

The second type is the gas porosity, which originates from the trapped gases in the powders 

during the gas atomization process or mixing of the shielding atmosphere/vaporized gas into 

the melt pool. These types of pores are typically spherical in shape and microscopic in nature, 

as shown in Figure 21(b) [312].  

 

The third type of pores are LOF pores which are caused, as their name suggests, by the 

insufficient melting of the powder particles and then limited penetration depth of the melt pool 

into the preceding layers. Therefore, LOF defects commonly appear crack-like and are often 

located at or near the inter-layer regions (Figure 21(c) [313]). Amongst the three types of pores, 

LOF pores are the most detrimental ones due to their relatively larger sizes and sharp 

corners/edges that act as stress concentrators, while the gas pores are the least harmful (as they 

are spherical in shape and often smaller in size). 
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Figure 21. Representative morphologies of (a) keyhole-induced porosity [310], (b) gas-

entrapped pores [312], and (c) lack-of-fusion (LOF) defects [313]. 

The causes of processing induced porosity can be several, which are summarized below.  

(i) AM system imperfections induced porosity: Energy source is the key to the functioning 

of the AM systems. For example, in the laser-based processes, i.e., LPBF and LDED, the 

quality of optical system, calibration of the laser beam, and beam deflection could all possibly 

lead to formation of fabrication defects. If the laser source is not well-calibrated, the resulting 

uneven distribution of the energy can cause distortion of the laser spot and, therefore, result in 

porosity (typically lack of fusion type) in the built part [314]. When the laser reaches the edges 

of the substrate, the high deflection angles could lead to an elliptical distortion of the spot, thus 

resulting in undesired energy distribution and eventually porosity [315]. Insufficient flow of 

protective gas could also lead to formation of pores. If the splattering and the resolidified 

evaporations from the feedstock are not promptly removed, they could interact with the laser 

and lead to unpredictable disturbance of the scanning path [316]. Another case is that when the 

inert atmosphere carries the impurities passing the top of the printed parts, the impurities can 

simply fall into the build, causing porosity. Despite the usage of protective atmosphere, oxygen 

intake in still inevitable during AM process, which could react with the feedstock and lead to 

porosity. To minimize the AM system-related pores, it is of great importance to meticulously 

maintain the equipment and carefully handle each step. 

 

(ii) Feedstock defects induced porosity: First, the flowability of the powders plays a 

significant role. More specifically, if the powders are not evenly distributed and packed, the 

powder packing density can vary from location to location of the powder bed in a significant 

manner. In regions where it is low, an excess air/gas present can be trapped during 
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solidification, leading to gas porosity. For this reason, using spherical powders with uniform 

particle sizes is generally recommended. Moreover, during the atomization process (the most 

commonly used approach for producing metal powders), the protective atmosphere can be 

trapped into the powders. These pores are particularly challenging and detrimental, as they are 

difficult to be eliminated and could grow into larger pores during fabrication [317]. Last but 

not the least, contamination of the powders (oxidation and surface-absorbed moisture) 

significantly affects the thermal history of the AM process and can lead to formation of pores. 

Oxidization of the powder surface (during storage, transportation, and printing) can affect the 

laser absorbability and surface tension of the melt, leading to instability of the melt pool and 

thus formation of pores [318]. Surface absorption of moisture could result in powder 

agglomeration and thus poor flowability. Measures can be taken prior to and during fabrication 

to minimize the moisture content, e.g., storing the powders in vacuum condition, conducting 

heat-treatment before fabrication, and substrate heating during the AM process. 

 

(iii) Process-related porosity: In general, formation of pores is closely related to the energy 

input, where excessive and insufficient energy inputs can lead to keyhole and LOF pores, 

respectively. Each of the key fabrication parameters, i.e., laser power, scanning speed, hatch 

spacing, and layer thickness, affects the formation of pores in different ways. Specifically, laser 

power and scanning speed affect the overall energy density and thus, the formation of LOF and 

keyhole pores; hatch spacing affects the overlapping between scanning tracks, where excessive 

hatch spacing could result in pores well-aligned between neighbouring scanning tracks [319]. 

Layer thickness plays a significant role in affecting the remelting depth. If it is too high or too 

low, it can lead to overheating or poor interlayer bonding. As discussed above, it is of great 

significance to understand the relationship between the AM process parameters, 

microstructures, and, eventually, the mechanical properties. One broadly accepted approach is 

to plot a normalized processing diagram to categorize the corelation between parameters and 

porosity, using both printing parameters and intrinsic materials properties.  

 

One example of investigating the process-related porosity is given here for an AlCoCrFeNi2.1 

eutectic high entropy alloy (Figure 22 [320]). The key parameters considered are 𝐸௠௜௡
∗  and ℎ∗, 

which are defined as below: 

𝐸௠௜௡
∗ =

𝑝∗

𝑙∗𝑉∗
=

𝐴′𝑝

2𝑣𝑙𝜌𝑟௕𝐶௣(𝑇௠ − 𝑇଴)
 𝑎𝑛𝑑 ℎ∗ =

ℎ

𝑟௕
, (44) 
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where 𝐸௠௜௡
∗  is the normalized minimum volumetric energy density; p*, v*, l* and h* are laser 

power, scan speed, layer thickness and hatch spacing, respectively, expressed in respective 

dimensionless forms; 𝐴′ is the surface absorptivity, p is the laser power, v is the scan speed, l 

is the layer thickness, h is the hatch spacing, rb is the laser beam radius, ρ is the density, Cp is 

the specific heat capacity, Tm is the melting temperature, and T0 is the powder bed temperature.  

 

Using the normalized equivalent energy density, 𝐸଴
∗, the researchers identified that 1.5 ≤ 𝐸଴

∗

≤ 4 would lead to the HEA samples with near-full density (>99.5%), while 𝐸଴
∗< 1.5 leads to 

LOF and 𝐸଴
∗> 4 triggers the keyhole mode of solidification, as shown in Figure 22. Such a 

diagram could contribute to the understanding of the relationship between processing 

parameters and pore formation, which, in turn, can be utilized for the successful fabrication of 

AM components with minimum porosity. 

 

Figure 22. Normalized processing diagram for LPBF of AlCoCrFeNi2.1 [320]. 

4.4. Cellular structures 

A characteristic microstructural feature of many AM alloys is the cellular structure, whose sizes 

(equivalent diameters) can range from sub-microns to several microns. The size of the cellular 

structures is closely related to the thermal history and cooling rate. For example, increasing the 

scanning speed leads to decreasing energy density and thus, smaller cell size [321]. Compared 

to LPBF, the LDED process is typically associated with higher energy input and therefore, 



69 
 

larger cell sizes [322,323]. In the AlSi10Mg alloy, the cells near the melt pool boundaries are 

coarser than those in the matrix [324]. 

 

The cell boundaries are often decorated with alloying elements – segregated during 

solidification, nano-sized precipitates, and high density of dislocations (depending on the alloy 

system) [323,325]. The mechanical behaviour of the AM alloys could be significantly 

influenced by the cellular structures, if present. Therefore, it is important to understand the 

origin and different types of cellular structures that have beem reported. In the following, the 

formation mechanism and typical morphology of the solidification cellular structures, based on 

the current understanding of the LPBF alloys with the FCC crystal structures, are summarized 

first [326]. 

 

The cellular structures are essentially primary dendrites without secondary arms [301], which 

are induced by the epitaxial growth during the rapid cooling conditions that prevail during the 

AM process. Growth of the cellular structures typically initiates at the liquid/solid interface 

and proceeds along the direction that is parallel to the maximum heat flow [327]. Conduction 

mode melt pools with large width-to-depth aspect ratio favour dendritic growth that is well-

aligned with the build direction (BD). Hence, when observed in a plane perpendicular to BD, 

cellular structures typically appear to be equiaxed in shape, while a predominantly elongated 

morphology is observed when the viewing direction is perpendicular to BD, as shown in Figure 

23 (a) and (b), respectively. 
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Figure 23. Morphology of cellular structures along (a) transverse and (b) longitudinal 

directions, showing orientation-relevant morphology [328]. (c) Chemical segregations along 

the boundaries of cellular structures, observed in LPBF 316L [323]. 

During the dendritic growth, the solvent ejects the solutes to the solid/liquid interface (for 

equilibrium partition coefficient, 𝑘  < 1), resulting in chemical segregation at the dendritic 

interfaces [326]. The differences in the chemical compositions of the dendrite boundaries and 

their interiors, due to the chemical segregation of the former, provide them the contrast that is 

often observed during microstructural imaging. Moreover, chemical segregation is closely 

related to dislocation arrangement/substructures, especially in LPBF fabricated ones 

[8,323,325,329]. One example of LPBF 316L is shown in Figure 23 (c), where the chemical 

segregation to the cell boundaries is illustrated using the energy dispersive spectroscopy (EDS) 

maps [323]. In the conventionally cast samples, the dendritic microstructures – often 

undesirable due to the microstructural inhomogeneity they impart, are typically eliminated 

through suitable thermomechanical processing steps. Since the unique advantage of AM is that 

it allows for near-net-shaped parts in one processing step, eliminating the cellular structures 

inherent to some of the AM alloys through the thermomechanical route is not a viable option. 

Keeping this in view, the cellular structures with all their associated characteristics (such as 

high density of ‘networked’ dislocations at their boundaries and segregated elements) are 

exploited for further modulating the microstructures in some cases, and, in turn, the mechanical 

performance of the alloy.  

 

The chemical heterogeneity along the cell boundaries can be associated with precipitation, 

depending on the chemical composition of the materials. For example, fine Si particles are 

observed along the cell boundaries of AlSi10Mg alloy, since Si’s solid solubility in Al at room 

temperature is nearly-zero [330]. Such phenomenon can be used as a design principle to 

introduce fine and dispersive precipitates in the AM alloys. For example, a Fe-25Cr-20Ni-Nb-

C steel is designed to have various strengthening phases precipitated along the cell boundaries 

and thus show great promise to be applied under high temperatures [331]. In this alloy, 

precipitates form in situ during the AM process and can also be further modulated by recourse 

to heat treatment. The typical morphology and EDS maps of the cellular structures in this steel 

(annealed condition) are shown in Figure 24 (a) and (b), respectively. 



71 
 

 

Figure 24 (a) Scanning transmission electron microscopy images and (b) EDS maps on the 

precipitates along cell boundaries in a LPBF Fe-25Cr-20Ni-Nb-C steel [331]. 

Recently, the origin of the dislocation substructure was deciphered [325], by investigating 316 

L SS in the form of a ‘1D’ rod, ‘2D’ wall, and ‘3D’ block, fabricated using both LPBF and 

LDED processes. It is revealed that the constraints around the melt pools (mediated by sample 

design), as well as the fabrication methods (LDED or LPBF), play significant roles in affecting 

the dislocation density/substructure. In both the LDED and LPBF fabricated samples, 

increasing constraints (part dimensions) lead to a higher density of dislocations, due to the 

expansion/shrinkage in a constrained medium. Dendrites (with micro-segregations on the 

boundaries) exist in all the specimens, but show varying dislocation arrangements. Specifically, 

dendrites existed without overlapping dislocation structures in LDED fabricated 1D and 2D 

parts. In the LDED 3D parts, dendrites overlapped with some dislocation cell walls, but many 

dislocation cell walls with uniform composition existed between the dendrites. In the LPBF 

parts, dislocation cell structures exhibited the same spacing and orientation as dendrites, and 

spacing increased with increasing part dimensionality. The schematics and transmission 

electron microscopy (TEM) images of the samples are shown in Figure 25 [325]. It is further 

argued that segregation-induced constitutional stresses, coherency strains due to precipitation 

networks, and misorientations between dendrites are not the sources of dislocation structures 

in LPBF 316L. 
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Figure 25. (a-d) Schematics of dislocation structures in 1D-, 2D-, 3D-LDED, and 3D-LPBF 

samples. (e-h) the corresponding TEM images [325]. 

The high dislocation density in the AM alloys can significantly enhance their yield strength, 

which was sometimes rationalized as due to the cell size being the microstructural length scale 

that determines the yield strength (as the cells are closely related to dislocation 

substructures/arrangements). However, the cell boundaries in the AM alloys, when present, 
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cannot be treated as equivalent to HAGBs for causing the Hall-Petch type of yield strength 

enhancement, as the cell boundaries may only offer resistance to dislocation motion during 

plastic deformation, but not arrest them altogether (like the HAGBs do). Moreover, as the 

relationship between cells and dislocations varies in LDED and LPBF, further understanding 

of the strengthening mechanism is worth studying, especially from the aspects of chemical 

heterogeneity (dendritic cells) and dislocation arrangement (dislocations networks). It is 

pointed out in a recent study [323] that the dislocation arrangement/density plays a predominant 

role in determining the mechanical performance of both LPBF and LDED components. The 

cell boundaries with only elemental segregation (LDED) have marginal effects on the 

mechanical behaviour of AM 316L, while dislocation networks (LPBF) are responsible for 

enhancing the strength and reducing ductility via the reduced work hardening ability. Such 

difference can be exemplified by Figure 26 [323]. After 5% pre-straining the LPBF and LDED 

samples, it is shown that in the LPBF sample, the slip bands are sparse and relatively wavy, 

whereas sharp and uniform slip bands were observed in LDED sample. Furthermore, slip bands 

terminating at grain interior is only observed in the LPBF sample. These phenomena suggest 

that the cell boundaries in the LDED sample are relatively weak obstacles to dislocation 

motion, allowing them to be easily cut through. 

 

 

Figure 26 The interactions between cellular structures and dislocations in (a) LPBF and (b) 

LDED 316L [323]. 

Due to the high dislocation density, AM samples generally show lower tensile elongation 

compared to the conventionally fabricated ones. One could consider the AM metals and alloys 

to be analogous to pre-strained ones, where dislocations multiply and accumulate, leading to 

higher strength but lower tensile elongation. Interestingly, a recent study has shown that the 
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dislocation networks in LPBF Ni are similar in size and morphology to those in the pre-strained 

conventionally manufactured Ni [323]. Such an intrinsically high density of dislocations could 

lead to challenges during fabrication and post-processing of the AM parts, e.g., residual 

stress/strain and poor machinability. As AM’s unique advantage lies in direct fabrication of 

complex shapes without the need for complex post thermomechanical process, it would be 

desired to pursue other critical properties, e.g., fracture toughness, instead of focusing 

excessively on elongation/ductility. 

4.5. Chemical heterogeneity 

The AM techniques such as LPBF and LDED often lead to heterogeneous and hierarchical 

microstructures in the fabricated alloys [4,6,332,333], which are typically accompanied with 

chemical heterogeneity. Inadequate mixing of powders, size variations between the powder 

particles, elemental ejection at the solid/liquid interface during the solidification, and 

differences in the melting temperatures of constituent elements can all induce chemical 

inhomogeneities [334–336]. Consequently, additional post-fabrication processes or specific 

processing conditions are often necessary to achieve a ‘homogeneous’ structure, if 

homogeneity is expressly desired. 

 

In the case of alloys with good solid solubility and similar melting points, the length scale and 

degree of segregation of the chemical heterogeneities in the LPBF-manufactured parts depend 

on the form of powder feedstock used. When pre-alloyed powders are used, chemical 

segregation occurs due to elemental partitioning at the liquid/solid interface upon solidification, 

and the resulting heterogeneities are typically confined to the boundaries of the 

dendrite/cellular structures with limited chemical concentration amplitude (~1–5% [325]). In 

such cases, the chemical heterogeneities are at the submicron scale and depend on the size and 

distribution of the cellular structures. 

 

Even when the powders are well mixed and the elements are miscible in each other, macroscale 

chemical homogeneity can result when the in-situ alloying approach is used for fabricating the 

parts with a desired final composition, but with mixed powders as the feedstock materials, as 

chemical segregation can occur between adjacent melt pools. In such cases, the scale of the 

heterogeneity is often confined to the inter-melt pool level. Under such a scenario, each melt 

pool is considered homogeneous, and the length scale of chemical heterogeneity is controlled 

by the melt pool size and the level of overlap between adjacent melt pools. The amplitude of 
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the chemical segregation is typically limited, with values less than 5% of the mean 

composition. One example is illustrated in Figure 27 (a), In an LPBF build using a mixture of 

22Cr duplex stainless steel and 6% pure Ni [337], each melt pool captures varying numbers of 

Ni particles, leading to a duplex microstructure with both FCC and BCC phases, with a 

mesoscale phase contrast upon solidification.  

 

When the mixed powders are distinct in terms of their physical properties (such as the melting 

point), chemical heterogeneity occurs due to insufficient chemical mixing/diffusion, even 

though the powders are physically well-mixed. One example is given in Figure 27 (b) [338] 

for the in-situ alloyed Ti-6Al-4V and 4.5 wt.% 316L.The presence of both β and α´ phases 

within a single melt pool can be seen, due to the chemical heterogeneity. The shapes of these 

chemical heterogeneities result from the combined effects of various factors that control the 

melt pool dynamics such as the recoil pressure, Marangoni force, surface tension, melt pool 

shape, and diffusion. A refractory component in the mixed powders, if present, can lead to the 

formation of chemical heterogeneities. For example, the un-melted Nb particles, as seen in 

Figure 27 (c) of an in situ alloyed Ti-Nb [336], exhibit mesoscale arrangement along the melt 

pool boundaries with alternating Nb-deficit regions.  
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Figure 27. Representative mechanisms of chemical heterogeneity during in situ alloying. (a) 

Varying minor powders in melt pools [337]. (b) Insufficient chemical mixing/diffusion [338]. 

(c) Unmelted particles of Nb arranged at the melt pool boundaries as seen in in-situ alloy Ti-

Nb printed using LPBF [336]. 

Recent research has highlighted that the mesoscopic chemical heterogeneities resulting from 

the LPBF coupons fabricated using mixed powders can have a positive effect on the mechanical 

properties of the final product. Particullarly, the mesostructure resulting from LPBF 22Cr-6Ni 

SS mixed with 6% pure Ni exhibits a distinct mesoscale phase distribution, which leads to 

improved tensile response compared to conventional wrought duplex stainless steel and LPBF 

22Cr without any Ni addition [337] as shown in Figure 28.  
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Figure 28. (a) Crystallographic orientation and (b) phase mapping of duplex steel fabricated 

using mixed 22Cr and 6 wt.% Ni. (c) Tensile properties in varying conditions [337]. 

The addition of 316L to Ti-6Al-4V also affects the phase variation and meso-/micro-structures 

of the alloy, with the morphology and proportion of β-phase closely linked to the amount of 

316L added to the system [338]. The tensile response of the Ti-6Al-4V alloy is strongly 

influenced by the 316L addition, with an optimal amount able to enhance both strength and 

ductility [338] as shown in Figure 29. These findings suggest that mesoscopic chemical 

heterogeneities resulting from mixed powder prints can be a useful tool for tailoring the 

mechanical properties of AM alloys. 
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Figure 29. (a) Phase and (b) orientation maps of Ti-6Al-4V+316L alloys. (c) Tensile behaviour 

of the alloys [338]. 

When two dissimilar alloys (in terms of their physical properties) are joined together using AM 

process, a unique ‘fish scale’ interface phase could occur (depending on the process 

parameters), which is essentially two materials interpenetrating and forming a staggered/ 

overlapping (or independent) morphology [339,340]. This phenomenon is the result of 

collective effects of recoil pressure, Marangoni force, surface tension and melt pool shape, and 
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is of great significance to understanding the distribution of chemical heterogeneity in the in 

situ alloyed materials [341]. 

4.6. Phase transformations during the different stages of fusion-based AM 

In many industrial applications, wherein AM is being explored for replacing the CM methods 

for producing structural components, the desired phase structure in the as-printed alloy is 

typically an equilibrium phase with similar stability as that in the CM counterparts. For 

example, a CM 316L component can be replaced with a LPBF 316L one that is topologically 

optimized, if and only if its microstructure in the as-built condition is fully austenitic that is 

‘intended’ or ‘desired’. However, the nature of the solidification during the AM process 

introduces unavoidable complexities to the nature of phase transformations of the chosen alloy. 

Hence, the final as-printed microstructure may not always have phase(s) desired, except for 

pure metals [322]. In the ternary and complex alloy systems, high melting point solute elements 

are rejected out of the high-velocity solidification front, as discussed in the previous section 

[342]. In extreme cases of local chemical concentration gradient, the local compositions may 

be sufficient enough to form non-equilibrium phases [343]. Depending on the cooling rate and 

alloy composition, the as-printed microstructure could either possess an equilibrium phase 

(which is realized by sequential evolution due to the slow cooling rate, post fabrication, as 

observed in EPBF) or retain the metastable phase that results from the high cooling rate 

(LPBF/LDED process) or a mixture of the two. In this section, we summarize the diverse phase 

evolution during AM processes such as LPBF, DED and EPBF of some frequently utilized 

alloy systems. Our purpose is to simplify the rapid reactions that occur during AM into primary 

and secondary phase transformations. Such categorization is presented to systematically 

document the variation in the phases observed in the as-printed state, using different processes 

within the same alloy system. Secondly, the transformation products are categorized as desired 

and undesired phases, based on the following two criteria: (a) whether the phase is initially 

intended, as compared to CM counterpart or not, and (b) if the phase improves or deteriorates 

the mechanical perfoamnce of the alloy. 

 

The schematic displayed in Figure 30 gives an overview of all the possible phase 

transformations that could occur during AM. Primary transformation is defined by the 

formation of the dominant microstructural phase from the liquid melt during solidification. The 

microstructural phase formed through this reaction governs the properties of the alloy. While 

the equilibrium phase formed by primary transformation is mostly desirable, any metastable 
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phase formed may or may not be desirable (depending on a case-to-case basis). Secondary 

phase transformation is divided into two sub-categories: (i) unavoidable phase formation that 

accompanies the primary phase formation. Examples for such transformations are oxidation 

and sublimation, which are predominantly undesired and are covered in the next section. (ii) 

Transformation of primary phase into secondary phase assisted by the heat built-up that often 

occurs during the AM process. These transformations are a consequence of reheating, 

remelting, tempering between individual layer builds or simply cooling, which can be either 

diffusional or diffusion-less. A complex alloy like the 17-4 PH martensitic stainless steel and 

Ni based superalloy IN718 may have simultaneous and sequential occurrence of multiple 

transformations that are mentioned above, based on the type of AM process. In the following 

section, the primary and secondary phases formed in widely studied alloy systems like stainless 

steels, IN718, Ti-6Al-4V, and Al alloys are discussed, in terms of desired and undesired phases. 

 

 

Figure 30. Various phase transformation encountered during additive manufacturing. 

4.6.1. 316L austenitic stainless steel 

316L is a corrosion-resistant steel with ~17-20 % Cr, 8-12 % Ni additions, and a low carbon 

content (<0.1%). The higher Ni wt.% (as compared to other SS-like PH grades, low alloy steels, 

or maraging steels) makes this alloy completely austenitic at room temperature. However, at 

temperatures above the austenite stability range (500 – 1200 °C), δ-ferrite can nucleate due to 

the high Cr content in it. Depending on the AM process, the following two microstructural 
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possibilities can occur in the as-printed format: (i) fully austenitic phase (γ-FCC), which also 

is the primary phase, and (ii) austenite (γ) + δ-ferrite dual phase alloy. Here, δ-ferrite is the non-

equilibrium or metastable phase retained due to high cooling rate. In addition, the alloy may 

have undesirable secondary phases such as a network of Cr or Mo enriched regions, carbides, 

and nano-sized oxides. 

 

Most of the published work on LPBF 316L report a single-phase austenitic microstructure 

[344–347]. Although, the high cooling rate leads to the segregation of Cr and Mo at the sub-

grain boundaries, the formation of δ-ferrite appears suppressed in almost all the recent works 

[44,348,349]. Only a few works report the presence of the secondary ferrite in the as-built 

specimens [91,344,350]. However, this could be due to other external factors. For instance, the 

XRD patterns of the raw material powder particle indicate the presence of BCC a ferrite phase 

in the works by Sun et al. [91] and Choo et al. [350]. Hence, it is possible that the raw material 

used by them has a higher fraction of Cr, as compared to the rest, reported in the literature. 

Similarly, a very low fraction of finely sized ferrite was reported by Saedi et al. at cellular 

boundaries [344]. Representative microstructures with the primary γ and secondary δ phases 

in the LPBF 316L are shown in Figure 30. 

 

In an early LDED work by Yadollahi et al. [351], a δ-ferrite (rich in Cr, Mo, and Si), with a 

volume fraction of ~ 9%, was reported; it appears to nucleate at the austenite grain boundaries, 

as shown in Figure 31 (a1). Solutionizing the alloy at 1150 °C for 2 h removes the δ-ferrite 

phase and improved the ductility, at a small cost of the strength. On the other hand, Ziętala et 

al. [352] reported the presence of δ-ferrite stringers at the sub-grain or cellular boundaries of 

316L produced using the LDED technique. XRD on the as-built and the feedstock powder 

confirmed that the ferrite formed during solidification. It is noteworthy that the scan speed and 

laser power in this work are much higher (approaching the thermal history of LPBF based 

process), as compared to those used by Yadollahi et al. [351]. This observation indicates a 

correlation between the thermal history (specifically, the cooling rate), location, size, and 

fraction of ferrite. In another study, Saboori et al. [353] reported the effect of scan rotation 

angle between layers on the fraction of δ-ferrite. It was reported that a higher cooling rate 

(effectively) during the 90° rotation (as opposed to 67°) caused larger undercooling and easier 

partitioning of Cr, Mn, and Mo elements to form ferrite. However, the location of the ferrite, at 

the austenitic grain boundaries or cellular boundaries, was not identified. Zheng et al. [354] 

reported a very low fraction of ferrite (< 1.5%) at the cellular boundaries and triple points in 
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the LDED 316L with a large laser scan speed. Contrastingly, there are some studies which do 

not report any δ-ferrite or their influence on the mechanical properties [355]. In an extreme 

scenario, Li et al. [322] also found no evidence of ferrite when the laser power was varied from 

1000 to 1500 W, because Ni (an austenite forming element) was surprisingly segregated along 

with Cr and Mo, in contrast to the earlier reports. While the mechanism behind this anomalous 

behaviour is not yet known, it should be noted that the overall laser density and powder feed 

rate were an order of magnitude higher in the work of Li et al. [322]. 

 

Figure 31. Effect of rapid solidification (cooling rate) on the primary phase formation in as-

built alloys. (a) 316L – a1: LPBF [348], a2: LDED [352], a3: EPBF [289] (b) IN718 – b1: 

LPBF [356], b2: LDED [357], b3: EPBF [358], (c) Ti-6Al-4V – c1: LPBF [359], c2: LDED 

[360], c3: EPBF [245], and (d) Al-Si – d1: LPBF [361], d2: LDED [362] , d3:EPBF [363].  
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In the case of 316L manufactured using EPBF, the as-printed microstructure consists of the σ 

phase that is rich in Cr, and Mo, instead of δ-ferrite, as illustrated in Figure 31 (a) 

[289,290,364]. The exposure of alloy to a high substrate temperature (>850 °C) for long periods 

of > 8-10 h results in the diffusion of Cr and Mo to grain boundaries, followed by 

transformation to Cr23C6 and subsequently, to the σ phase. However, these phases are classified 

as secondary phases formed due to the tempering cycles involved during the EPBF process. 

The variations in the 316L microstructure in different AM processes are illustrated in Figure 

31 (a). When compared to CM 316L, the appearance of δ ferrite in the AM alloys, which may 

seem like an undesired phase as it reduces the overall volume fraction of γ austenite, can be 

noted. However, the higher hardness of δ compared to the matrix can lead to higher tensile 

strength, without compromising ductility. Kumar et al. [10] have shown that in binder jet 

printed 316L, presence of low fraction of δ phase (~4-5%) at γ grain boundaries hindered the 

propagation of short fatigue cracks and enhanced high cycle fatigue strength. If such 

microstructures can be attained using the LPBF or LDED techniques, δ phase may be 

considered a desired secondary phase from microstructural engineering perspective. 

 

4.6.2. Martensitic stainless steels 

The chemical compositions (with high Cr wt.%) in CM steel grades such as 15-5 PH, 17-4 PH, 

and 18-8 PH lead to fully martensitic (α’) microstructures, which results in high strength 

combined with good corrosion resistance. Following the solutionizing heat treatment and 

quenching, α’ is the desired phase of 17-4 PH steel that forms by diffusion-less transformation 

from γ, below Ts = 135 °C. This alloy is magnetic and hence, cannot be processed using the 

EPBF technique, due to the magnetic interference with the source beam. Lastly, this alloy is 

strengthened by precipitation hardening of Cu nano-clusters, which is enabled by aging heat 

treatment on a fully α’ microstructure in the temperature range of 480 – 670 oC [12,13]. 

Fabrication of these steels by LPBF and LDED process leads to heterogenous microstructures 

i.e., a combination of primary α’ phase, along with varying fractions of secondary δ and γ 

phases. As the contents of the ferrite stabilizing elements, such as Cr, Mo, and Nb, are much 

higher than in 316L, the volume fraction of metastable δ-ferrite also tends to be much higher 

in 17-4 PH. In one of the early works, Murr et al. [365] showed the effect of powder precursor 

phase distribution and fabrication environment on the BCC and FCC phase distributions in the 

martensitic steels. LPBF 17-4 PH fabricated in an Ar atmosphere resulted in a fully BCC phase 

microstructure, irrespective of whether the powder was rich in the BCC or FCC phases. On the 
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other hand, the same powders printed in a N2 atmosphere resulted in a microstructure with FCC 

phase being dominant, if the initial powder was dominant in FCC. However, these authors did 

not ascertain if the BCC phase was α’-martensite or δ-ferrite. Most of the literature concludes 

that this BCC phase to be α’ without sufficient microstructural analysis [365–367], with the 

hypothesis that the low carbon wt.% inhibits the α’ to BCT structure. From the context of the 

current review, the primary phase observed in these early works was assumed to be the desired 

α’ phase and the secondary phase is γ-FCC.  

 

However, recent work has started to delineate between the two possible BCC phases, through 

a combination of advanced microscopy and thermodynamics-based calculations. Alnajjar et al. 

[368] claimed, on the basis of the absence of lath microstructure, that the BCC phase observed 

was ferrite, and not martensite, in LPBF 17-4 PH. They theorized that the short solidification 

interval available (due to the high cooling rate) during LPBF causes the alloy to bypass the 

formation of austenite from ferrite. In the absence of austenite, transformation to martensite is 

also curtailed at room temperature. This is one of the examples where the primary phase 

transformation from liquid leads to a fully metastable δ phase, bypassing the formation of 

desired α’ phase. While the δ phase is desired in 316L due to the higher hardness it entails, it is 

undesirable in 17-4 PH as it restricts the formation of a much stronger α’ based microstructure. 

However, a re-austenitization of 17-4 PH through a heat treatment above the γ-solvus, followed 

by quenching, leads to the formation of the preferred lath martensitic structure. Thus, contrary 

to 316L, the primary phase of 17-4 PH is the metastable δ-ferrite phase in both LPBF and 

LDED processes. Hence, this alloy needs a post-processing heat treatment irrespective of the 

AM process employed. 

 

Recently, a combination of the α’, δ, and γ phases was attained through the modification of 

Creq/Nieq (which is the empirical value based on all solute atoms in steel that determines the 

overall phase fraction of austenite and ferrite [369]) by Vunnam et al. [370] during the LPBF 

of 17-4 PH steel. In another study, Moyle et al. showed that reducing the time between scans 

of two adjacent hatches can result in a higher fraction of austenite at the grain boundaries in 

LPBF 17-4 PH [371]. Haines et al. engineered site-specific microstructure by manipulating the 

cooling rate in regions of interest using a concentric scan strategy from surface to centre [372]. 

The decrease in cooling rate towards the centre led to the surface regions being δ-rich, while 

the core is γ-rich. In this context, the primary phases are identified as the undesired δ and 

desired γ phases in the respective regions. The engineered thermal history is also shown to 
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induce the precipitation response of Cu nano-clusters and reversed γ-austenite phase in the as-

printed alloy, thus making the need for additional aging heat treatment redundant [373]. Such 

precipitation reactions due to the thermal history of the AM process is an example of the 

secondary phase transformation. The Cu nano-precipitates and tempered γ films formed on α’ 

lath boundaries are categorized as secondary desired phases. 

 

4.6.3. Inconel 718 

Like 17-4 PH, IN718 is heavily alloyed with Cr, Nb, Mo, Ti, and Al, so as to enable 

precipitation of γ’ and γ” precipitates through an aging heat treatment that is typically applied 

after solutionizing. Despite the large fraction of solute elements in this alloy, which largely 

remain in solid solution in the as-printed state, the primary solidification phase remains to be 

γ-FCC structure rich in Ni, Cr, and Fe, irrespective of the cooling rate employed. This is 

illustrated in Figure 31 (b) with the primary phase of γ matrix of IN718 fabricated using LPBF 

(Figure 31 (b1) [356]), LDED and EPBF. However, there are many possibilities of secondary 

phases that are rich in solute elements. Trace amounts of the metastable Laves phases rich in 

Nb and Mo also form, due to the high cooling rate that prevail during solidification 

[38,313,356,358,374–381] in LPBF and LDED IN718. While the crystal structure of the Laves 

phase is C14 in both of them, the size, morphology and spacing of the Laves phases can vary, 

depending on the scan speeds that affect the cooling rates. Since the Laves phase ‘consume’ 

Nb, Mo, and Ti solutes, which are required for the strength imparting precipitates, they are 

undesirable. This non-equilibrium secondary phase can be eliminated by a solutionizing heat 

treatment, as demonstrated in several research works [343,356,382–387], which is usually 

followed by long aging treatment in the temperature range 620 to 790 °C for realizing the 

desired γ’ and γ” precipitates. Slow diffusion kinetics of Nb and Mo is the reason for the 

requirement of a long aging cycle, which is also the reason for them remaining in solution 

during LPBF and LDED. The slower cooling rate and reheating cycles during EPBF of IN718 

leads to the evolution of desired strengthening precipitates γ’ and γ” in the as-printed state itself 

[388]. If the conditions are favorable, it is possible for the concurrent presence of desired (γ’, 

γ”) and undesired (δ, TiN, NbC) secondary phases in the as-printed microstructure itself [389]. 

Kirka et al. [390] showed that EPBF printed 100 mm tall IN718 samples had three distinct 

regions along the build direction. The topmost region spanning 600 – 750 µm, constituted of 

the last few layers of the deposit, contains with dendritic sub-grains having γ” precipitates and 

the interdendritic regions were decorated with Laves phases and carbides. The region below 
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this, 3.5 mm tall, consisted of cellular subgrains and was devoid of the Laves phases 

completely. Instead the interdendritic regions were decorated with needle-like δ phases. The 

remaining build was absent of the sub-grain structures, Laves phases, and had spurious growth 

of δ phase precipitates. The study confirms that the Laves phases are indeed metastable – a 

result of greater segregation during EPBF induced solidification process. They get decomposed 

due to the thermal cycling inherent to the deposition of top layers.  

 

4.6.4. Ti-6Al-4V 

The primary phase transformation reaction that occurs during AM of Ti-6Al-4V is liquid to 

BCC β phase. However, this primary phase is retained only in the EPBF Ti-6Al-4V and the as-

built microstructure is dominated by a metastable α’ phase that is a consequence of the 

secondary phase transformation reaction from β below the solvus temperature. Figure 31 (c) 

shows a typical acicular α’ microstructure, often observed in the LDED and LPBF Ti-6Al-4V. 

As seen here, the only difference is in the lath morphology – LPBF Ti-6Al-4V has a finer lath 

size than its LDED counterpart. Even a combination of α’ and dual-phase (α+β) microstructure 

was reported when the process parameters were varied [5,16,17,391–394]. In a very small 

process window, Xu et al. [394] presented the possibility of obtaining a lamellar ultrafine α+β 

dual phase microstructure, by realizing in-situ decomposition of α’ through an appropriate 

selection of the layer thickness, laser beam diameter, and energy density combination. This 

indicates the possibility of two different secondary phase transformations (one each resulting 

in the formation of either α or α’) from the same primary β phase. Au contraire, the exposure 

of the build plates to a temperature above the β solvus (975-995 °C) leads to a dual phase α+β 

microstructure in EPBF Ti-6Al-4V [395]. In LPBF and LDED, α’ can be transformed into a 

dual-phase equilibrium microstructure through a post-processing heat treatments; such heat 

treatments can be judiciously utilized to tune the strength, ductility, fracture toughness, and 

fatigue crack growth resistance combinations [359,396].  

 

Alternatively, remelting or reheating during subsequent laser passes of LPBF/LDED can lead 

to the decomposition of α’ into a α+β microstructure [397,398]. Wang et al. [399] presented the 

possibility to decompose the metastable phase into equilibrium lamellar phase through 

remelting in LDED. In a recent work, Hu et al. [400] varied the laser energy density to initiate 

the simultaneous transformation of β to α, α’, and α”. Other than the martensitic phases, some 

work report that the high cooling rate during the LPBF process can also lead to the segregation 
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of Al along the build height, which leads to the formation undesirable Ti3Al intermetallic phase 

[391,401], which can embrittle the alloy.  

 

4.6.5. Al Alloys 

The representative segregation behaviour and microstructural variations in LPBF 

[324,361,402–411], LDED [362,412–416], and EPBF [363] Al-Si based alloys is shown in 

Figure 31 (d). For the purpose of this review, only the lean composittion of Al-Si (hypoeutectic 

composition) is considered. Since the melting point of Si is more than twice that of Al, Si is the 

first to segregate in liquid. Such eutectic Si rich segregation regions found in Al-Si based alloys 

fabricated by AM processes are shown in Figure 31 (d1) [361]. They can be categorized as 

primary undesired phase, as ideally, Si should be rich in solid solution of Al. This phase 

transformation is followed by liquid to α-Al solid solution phase, which is also the primary 

desired phase. For instance, Thijs et al. [417] identified three zones of Si segregated regions 

based on the Si particle’s morphology and size, and correlated them to the heat input. Within 

each meltpool, both coarse and fine Si particles were observed – coarse at the melt-pool 

boundary and fine at the melt-pool centre. They are accompanied by coarse and fine cellular 

grains of the Al matrix. The Si phase within these 2 zones also appear interconnected. The 

thickness of the segregated region is controlled by heat input received. Also, the thickness of 

the cellular boundary and the average thickness of the Si-precipates are in the same range. Once 

solidified, heat input from the subsequent laser scanning creates a HAZ in the solidified Al-Si 

layer. The fine eutectic Si segregated network break into sub-micron size discrete Si 

precipitates in the HAZ. Similar microstructure with a size and morphology gradient of 

segregated Si was later confirmed by Moses et al. [324], which significantly affected the elastic 

plastic fracture toughness of LPBF AlSi10Mg. Detailed TEM characterization by Wu et al. 

showed that the individual Si particles within the cellular regions are randomly oriented [418]. 

While it is ideal for Si to be in solid solution, it is seen that Si nano-dispersion in the Al matrix 

can improve the mechanical properties of the alloy [330]. Lastly, the secondary transformation 

during solidification is undesired and unavoidable oxidation reaction as reported by Louvis et 

al. [419], Kotadia et al. [420], and Thijs et al. [417].  

 

The issue of oxidation can be avoided in the EPBF process. Bian et al. were the first to produce 

100% dense Al-Si10Mg alloy using EPBF technique [363]. Sub-micron sized Si particles are 

observed even in the EBPF Al-Si alloy. Most importantly, the Si particles do not just decorate 
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the grain or cell boundaries, but rather uniformly distributed in the matrix. Additionally, AlFeSi 

particles are also observed. The slow cooling kinetics enables the formation of this phase in the 

EPBF Al-Si system. 

 

4.6.6. High Entropy Alloys 

Contrary to the conventional alloy design in which one element constitutes a majority and 

hence termed as the ‘principal element’, HEAs or multi-principal element alloys (MPEAs) 

contain three or more principal elements [421,422]. Often composed of single or multiple solid 

solution phases and devoid of intermetallics, HEAs exhibit superior properties such as 

hardness, low- and high-temperature tensile strength and fracture resistance, resistance to wear, 

corrosion, and oxidation [423]. Due to the obvious advantages HEAs have – one of them being 

microstructural stability at higher temperatures, their fabrication is being explored through a 

variety of AM techniques; these have been summarized in a number of reviews [5,424–426]. 

Unlike the multi-component alloy systems discussed in the earlier sub-sections, the segregation 

behaviour of the constituent elements in HEAs are far more complex and the efforts to decipher 

them for annealing conditions are underway – through analytical segregation models [427], 

combined MC-MD simulations [428,429], and combination of MD with machine learning 

(ML) [430]. During the conditions of rapid solidification that prevails during AM, however, 

the segregation behaviour will differ due to the metastable or non-equilibrium state of the 

phenomena. For instance, Sun et al. [256] reported segregation free grain boundaries and 

residual-stress induced hot cracking in their FCC-phase LPBF CoCrFeNi HEA despite reports 

on tendencies of GB segregation of Cr in CoCrFeNi [428] and of Cr and Ni in CoCrFeNiMn 

[431] HEAs under annealing/ageing conditions. In a later work on LPBF CoCrFeNiAlx alloy, 

Sun et al. [261] report interdendritic segregation of Al during solidification and the formation 

of B2 (NiAl)/BCC (Cr-rich) phases that could absorb the residual strain during solidification. 

Hence, a reduction in the density of hot cracks was observed with increasing Al content until 

primarily crack-free samples were obtained for 0.5 molar ratio Al – affiliated to intermittent 

decoration of GBs with B2/BCC phases. With an increase in the Al content, continuous GB 

network of B2/BCC phases led to an increase in hot-cracking. In a noteworthy work, Kumar et 

al. [49] have reported segregation of Ni and Al at the cellular boundaries (or interdendritic 

regions) during LPBF of CoCrFeNiAl0.5 HEA. Here the segregation behaviour could be 

predicted from their respective equilibrium partition coefficients. They postulated that a 

supersaturated BCC B2 phase formed during solidification that underwent spinodal 
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decomposition and resulted in BCC B2 (NiAl) and BCC A2 (Cr-rich) phases. As a result, a 

honeycomb nano-bridged microstructure is obtained where the B2 phases restrict the 

dislocation movement and nano twins resulting in superior tensile properties and fracture 

toughness at ambient and cryogenic temperatures. This illucidates the advantages that rapid 

solidification driven segregation can have in producing a variety of advanced materials using 

AM. 

 

4.7. Sublimation/vaporization of the alloying elements and consequences thereof on the 
solidified microstructure  

Vaporization during AM is a secondary phase transformation process and is an unintended 

consequence of the highly localized energy input from the heat source. The loss of alloying 

elements, which occurs as a result of it, can alter the composition and consequently, the 

microstructure of the AM part, markedly. It also could have a direct bearing on the porosity in 

the printed part. Based on the heat input, processing atmosphere, physical properties of the 

powders, and the gas circulation system of the AM unit, the detrimental defects could be a 

relatively high fraction of keyhole and LoF pores, powder denudation, plume, or splatter. 

However, a major loss could be observed to the material property itself. The vaporization rate 

of any pure element is determined by the saturated vapour pressure (𝑃௦) of the metal in the melt 

pool. This, in turn, is influenced by the element’s latent heat of vaporisation, boiling point, and 

the temperature of the melt pool (𝑇௠௣). Based on the Clapeyron-Clausius equation, Liu and 

Wen [432] recently estimated the variation of 𝑃௦  with the melt temperature for different 

elements that have high vaporization susceptibility, Figure 32. It shows that Zn’s 𝑃௦ is ~13 

times higher than that of Ti. Consequently, the vaporization of alloying elements is one of the 

main challenges that needs to be overcome for achieving efficient printability of Zn, Mg, and 

Al alloys. Next, we discuss in detail, the several challenges and the consequences of 

vaporization.  



90 
 

 

Figure 32. Saturated vapour pressure and vaporization flux of various metals prone to 

vaporization [432].  

Keyhole formation is a key detrimental feature that results from vaporization during AM, 

which, in turn, leads to several cascading issues in some alloys. During LPBF, keyhole melt 

pools are known to form when a higher laser power, a lower scan velocity, a smaller laser spot 

size, or a combination of these three processing parameters are utilized. Due to the localized 

nature of the input energy, alloying elements with higher 𝑃௦ are readily vaporized. A cavity is 

formed when the recoil pressure of the vaporized metal pushes outwards, thus forming a 

keyhole pore. The inner surface of such keyholes further reflects the incoming laser beam 

infinitely to cause increased laser absorptivity within the keyhole. This results in a narrow 

morphology of the pore as shown in Figure 21. 
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Figure 33. Composition change under different energy inputs during LPBF: (a) Ti6Al4V [433], 

(b) AA5083 [434], (c) AZ91D [435–438] and (d) ZK60 [435].  

Powder denudation is directly affected by vaporization during LPBF. Recent in-situ 

experimental investigation on 316L and Ti-6Al-4V by Matthews et al. [439] showed that the 

depletion of powder particles in the vicinity of the melt track arises from a balance between 

vapour flux and the entrainment of powder particles in a shear flow of gas driven by vapour jet 

at the melt track. Chen et al. [440] performed simulations of the LPBF process on 316L and 

observed significant powder escape, when vaporization was assumed, due to the vortex flow 

around the melt pool. Bidare et al. [441] reported the plume composed of Fe vapour and other 

metal ions during LPBF 316L. The crucial side effect of the plume is the attenuation of the 

incoming laser energy, which reduces the overall manufacturing efficiency.  

 

The following five types of spatters are identified by Young et al. [442] with the help of 

dynamic X-ray imaging: 

1. Solid spatter is caused by the ejection of unmelted powder particles that are outside the 

laser interaction zone by the vapor jet generated from laser-powder interaction.  
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2. Metallic jet spatter is caused by to the formation of the depression zone (primarily known 

as a keyhole) where the generation of instense recoil pressure leads to necking of the protruded 

regions and ejection of metallic spheres. 

3. Powder agglomeration spatter is caused by the agglomeration of feedstock powders in 

the bed with the existing spatter. 

4. Entrainment melting spatter is caused by the particles from the bed that get entrained by 

the flowing ambient gas to the laser beam, get melted, and get ejected due to the vapour jet.  

5. Defect induced spatter occurs when the laser interacts with existing defects in the build 

such as large pores, causing sudden instability that results in spatter. 

All the above often lead to compounding defects in a build. In LPBF, where the particle sizes 

are often in the 15 – 63 µm range ideally suitable for a set combination of laser spot size and 

layer thickness, coalesced spatters can often exceed this range and generate defects in the 

powder bed or get entrapped in the melt pool to generate sizeable pores. 

 

The selective vaporization of alloying elements with high 𝑃௦  can significantly change the 

chemical composition of the deposited alloy, as compared to that of the feedstock powders. 

This, in turn, can affect the stability of the resulting microstructural phases and the mechanical 

performance of the fabricated alloy. Zhang et al. [433] showed significantly lower Al wt.% 

(vaporization loss of >0.15 wt.%) in LPBF Ti-6Al-4V, when the laser energy input exceeded 

126 J/mm3, (Figure 33 (a)) Al has a significantly higher vaporization rate than Ti and V. Al 

being an α-phase stabilizer in the Ti alloys, its loss leads to a higher fraction of β in the final 

microstructure. In another study focused on the LPBF printability of Ti-48Al-2Nb-2Cr, ~2 at.% 

reduction in Al was observed resulting in a dramatic decrease in α-hcp and increase in β-bcc 

phase. Similar changes to the solute content in Al and Mg alloys are shown in Figure 33 (b), 

(c), and (d).  

 

Substantial efforts are already made to additively manufacture Al alloys – mainly the Al-Si 

alloys, particularly AlSi10Mg, in view of their technological importance [420] [443,444]. In 

the conventional castings of AlSi10Mg, Si and Mg promote strength and ductility through 

formation of Mg2Si precipitates post heat-treatment. Moreover, they form the eutectic which 

has a lower solidification range and is resistant to solidification cracks [443]. However, during 

the AM processing of this alloy, selective vaporization of Mg occurs due to the large disparity 

in its evaporation temperature with the other constituent elements [319]. The evaporation of 

these constituent elements could lead to keyhole porosity, spatters, and impact the alloy 
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composition. Moreover, as their presence lowers the liquidus and eutectic temperatures [445], 

their evaporation during AM could also affect the solidification range and make the 

microstructure prone to cracking. In their recent investigations on the LPBF of three Al-alloys 

– Zicromal® (Al-Cr-Zr-Mn), Scalmalloy® (Al-Mg-Sc-Mn-Zr) and Scancromal® (Al-Cr-Sc-

Zr), Bärtl et al. [446] found out contrasting melt pool solidification behaviour of the first two 

with Scancromal®. They report that a moderate keyhole-mode of melt pool formed for 

Zicromal® and Scalmalloy®, as opposed to conduction mode in the LPBF Scancromal®. This 

can be attributed to the substantial evaporation of Mn (~ 70 %) in the first and Mg (100 %) in 

the second. They also reported columnar+equiaxed microstructure in the melt pools of the first 

two alloys and epitaxial grain growth in the Scancromal® samples that let to large columnar 

grains extending through several layers. However, the authors did not attribute this 

microstructural evolution to the distinct melt pool modes. Instead, the presence of constituent 

elements acting as potential heterogeneous nucleation sites was suggested as the main reason. 

Though it is highly likely, our understanding also suggests that the microstructural evolution 

can be correlated to the mode of the melt pool (keyhole for columnar+equiaxed and conduction 

for epitaxially grown columnar grains) which is governed by the extent of evaporation of the 

constituent elements.  

 

As observed in the preceding subsection, the final chemical composition of an alloy plays an 

important role in the phase evolution and the as-printed microstructure. Hence, the effects of 

vaporisation should be closely monitored and eliminated (if possible) to attain desired the 

microstructure in alloys in which the alloying elements have a highly diverse 𝑃௦. 

 

4.8. Part-geometry dependent thermal history and solidification parameter evolution  

As already established, the heat flow out of the melt pool drives its solidification. It follows, 

hence, that the geometry of the part being fabricated can exert a significant effect on the heat 

transfer, and consequently, will also affect the solidification behavior and the resulting 

microstructure. This can lead to heterogeneity in the mechanical properties of AM parts with 

complex geometries and unpredictable responses when in operation. Despite playing such a 

key role in ensuring (or limiting) the adaptation of AM to industrial applications, the impact of 

part geometries on the melt pool solidification and its microstructure is still in the nascent 

stages of exploration, as detailed here.  
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Pioneering investigations on the impact of part geometry in EPBF Ti-6Al-4V by Antonysamy 

et al. [285] revealed the strengthening of strong <001> prior-β grain structure with increasing 

wall-thickness in the bulk of the cross-section. This was attributed to the deterring effect of 

heterogeneous nucleation from partially melted powder particles present at the periphery, 

which resulted in fine curved prior-β grains and a weak texture in the thinnest samples. 

Additionally, they showed that a V-shaped geometry aligned with the build direction can result 

in the selection and growth of the <001> crystallographic texture. The work on EPBF Ti-6Al-

4V by Tan et al. [447] established, through numerical simulations, that higher melt pool 

temperatures and slower cooling rates existed in thicker samples, resulting in an increase in the 

β phase spacing (Figure 34 (a)). A contrasting observation was made by Chakraborty et al. 

[448] in their recent study on the thin wall samples of LPBF RENÉ 108. They reported smaller 

primary dendrite arm spacing (PDAS) values for thicker walls – which varied from 0.64 μm in 

the 0.25 mm thick wall specimen to 0.43 μm in the 5 mm thick wall specimen (Figure 34 (b)). 

As the PDAS can be directly correlated to the cooling rate of melt pools, the above observation 

implies that a faster cooling occurs in the thick wall samples. The reason behind it was the 

larger cross-sectional area facilitated the conduction heat transfer through the deposited layers 

and not through the wall/powder interfaces. Additionally, the 5 mm thick-walled samples 

contain substantial solidification cracks that could be correlated to increased stress triaxiality 

and cooling rate.  Investigations on LPBF Ti-6Al-4V by Zhang et al. [449] highlighted a 

relative increase in the low-angle grain boundaries (LAGBs) with the wall thickness (all printed 

using the same process parameters), implying a clear distinction in the solidification 

parameters. The aforementioned studies, however, miss out on corroborating the differences 

observed in the microstructural evolution and mechanical response with the melt pool shapes 

or solidification parameters except for determining cooling rate differences by PDAS [448]. 

From their investigations on EPBF Ti-6Al-4V, Tan et al. [90] illustrated the effect A, I, and V 

shapes have on the competitive grain growth and crystallographic texture evolutions by using 

numerical simulations of a melt pool in 2D and experimental observations (Figure 34 (c)). 

They reported that in a V-shaped sample, the <0002> α texture strengthened with build height 

– signifying the <001> prior β texture, and attributed it to the increase in z-direction thermal 

gradient with height. They also revealed an inverse behaviour in the A-shaped samples whereas 

in the I-shaped samples, texture evolution was mostly independent of the build height. In a later 

work, Chandra et al. [28] varied the prism angle of a custom X-shaped geometry among 60°, 

90°, and 120° and found a bell-curve effect on the resulting crystallographic texture and grain 

width in EPBF 316L (Figure 34 (d)). With the help of numerical simulations of the electron 
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beam driven melting/solidification process, they report that for the X-90 samples (90o prism 

angle) the thermal gradient was more aligned to the build direction, thus resulting in a stronger 

<001> texture despite having similar cooling conditions to the other shapes. Though 

observations such as these are new, they are still limited to certain applications – such as the 

intention to achieve a near-monocrystalline microstructure, and can not be generalized. 
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Figure 34 Effect of part-geometry on the as-built microstructure in (a) EPBF Ti-6Al-4V [447] 

(b) Dendritic substructure in LPBF RENÉ 108 thin walls [448] (c) A, I, and V shapes 

investigated – c1, and XRD profiles – c2, obtained during EPBF Ti-6Al-4V [90], (d) Impact of 

X-shaped part geometries on the IPFz maps obtained in X-60 (d1), X-90 (d2), and X-120 (d3) 

shapes of EPBF 316L samples [28].  

Besides variations in the melt solidification parameters with geometry, an inherent issue exists 

with AM parts where variations in thermal cycling as well as the location of a melt pool along 

the build direction impact the microstructure [90]. This is due to the accumulation of heat in 

the fabricated part with an increasing number of reheating/melting cycles with deposition. 

Hence, in a continuous deposition process, the process parameters need to be adjusted with 

build height for optimum solidification that would result in the desired microstructure. The 

impact of these cycles and geometry on the solidification parameters can be ordered as EPBF 

(least affected) < LPBF < LDED (most affected). Both of the PBF systems have the advantage 

of surrounding powder bed that ensures heat transfer through a part’s side surfaces are often 

uniform – though minimal, and sustainence of the powder-bed temperature. EPBF has an added 

benefit of high temperature ( 500 – 1100 oC) and high-vacuum build environment. This ensures 

that the convection heat transfer is minimal as well as the deposited part and surrounding 

powder-bed are often at a uniform temperature throughout the build. Some EPBF systems also 

have algorithms in place to ensure flexibility in process parameters such that specified build 

temperature is maintained during the fabrication process. Recently, Chandra et al. [35] 

demonstrated this feature in an Arcam A2XX EBM® system and leveraged it to produce 

parameteric variations by manipulating the powder-bed thermophysical properties for EPBF 

316L. Contrary to this, the LDED process is often most affected by geometry and build height 

variations given the level of exposure a melt pool has to the conduction, convection, and 

radiative heat transfers. We envision the need to explore analytical framework development to 

factor in the volume/area of parts in the process parameter development stages. Such as adding 

a normalization factor to the energy density depending on the part geometry. A first step in this 

regard can be to develop such frameworks for one system at a time and then improving its 

general applicability among different PF-AM systems.  

4.9. In-situ alloying  

In AM, in-situ alloying refers to the use of a mix of more than one type of metal or alloy 

powders, such that the alloying process is completed during the melting process, typically 
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through a laser/electron energy source. The powder mixing process can either be ex-situ or in-

situ. Ex-situ powder mixing refers to the powder being pre-blended, which requires less 

engineering effort as the blending system is not restricted by the chamber of the AM system. 

In the PBF systems, for instance, multi-powder metering systems with optional mixers can be 

used [334,450–452]. Some systems also include fixtures that allow different powders of 

different compositions to be deposited in different regions [453,454] or can be modified to for 

compositional gradation [312,455]. In LDED, powder nozzles that deposit multiple powder 

types can be used, with the flow rate of each powder type being adjustable to achieve the 

desired phase and microstructure [35].  

 

The original purpose of in-situ alloying was to improve compositional flexibility and reduce 

prealloyed powder feedstock procurement lead time and cost [334]. This approach is useful for 

rapid prototyping of alloy compositions for printing; for instance, Wei et al. printed Fe-Alx with 

increasing Al content along the build direction using LPBF [89]. Printing CoCrFeNi with LPBF 

can result in solidification cracking issues due to the high viscosity of the melt. By blending Al 

with CoCrFeNi powder to form Al0.5CoCrFeNi (molar ratio), interdendritic precipitates form, 

which induce residual compressive stress in the surrounding material to prevent cracking [261]. 

 

Nevertheless, the use of powder mixing in the solidification process leads to consistency issues 

and can hinder the part certification process. From a fundamental perspective, it also raises 

questions about what constitutes an optimized process parameter combination. Usually, a 

process parameter window is identified when the part relative density is greater than 99.5%. 

With powder mixing, the compositional homogeneity of the part can vary with the process 

parameters too. The most common guideline is to obtain a highly dense sample without 

compositional macro-segregation, which can be challenging to achieve. The parameters that 

result in optimal relative density may not be sufficient for complete homogenization, as 

additional energy is needed to drive mass transport and maintain a melt pool for a sufficient 

amount of time to allow for diffusion [456]. While increasing energy density can improve 

homogenization, high aspect ratio keyholes can often appear causing significant keyhole-

induced porosity. In a powder mixture with a large difference in the melting points of the 

constituents, this phenomenon becomes more pronounced, resulting in a porosity-segregation 

dilemma [311]. To overcome this, laser remelting can be used [457], but this approach is time-

consuming and energy-inefficient. Additionally, remelting near the boundary of a layer can lead 

to liquid overflow and poor surface finish. High power input combined with a fast scanning 
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speeds can increase the efficiency of the melting process, but it may also result in the Rayleigh 

instability [458], thereby inducing lack-of-fusion pores. To prevent this, Huang et al. [311] used 

a high-power top hat profile with a stripe scanning strategy to stabilize the melt pool. The fast-

scanning speed creates multiple single tracks that interact, combine, and form a low aspect ratio 

melt pool that suppresses pore formation.  The differences between such melt pool formations, 

in contrast to conventional melt pool, are shown in Figure 35.  Despite the fast-scanning speed, 

the melt pool remains large and moves slowly, improving both build rate and homogenization. 

 

 

Figure 35 Simulated temperature profile snapshots during laser melting of Ti34Nb, depicting 

melt pool evolution under different scanning strategies: (a) conventional scanning strategy, (b) 

high-speed, short-stripe-width scanning strategy with top hat power distribution. Subfigures 

(c) and (d) illustrate the x-z cross-sections of the simulated profiles perpendicular to the laser 

scan direction for strategies (a) and (b), respectively. Similarly, subfigures (e) and (f) show 

cross-sections parallel to the laser scan direction, corresponding to strategies (a) and (b), 

respectively [311].  

Wang et al. conducted a study on the in-situ alloying of Ni-Ti shape memory alloys, which 

were fabricated using LPBF, EPBF, and LDED [459], to highlighted the performance of each 
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of them when using blended powder, which undergoes an exothermic reaction during the in 

sity alloying process. The laser spot diameter of LPBF is in the micron range, around 80 µm, 

while the laser spot diameter of LDED is in the millimeter range, approximately 2.5 mm. This 

resulted in a melt pool size in LDED that was 15 times larger than that in LPBF. The limited 

size of the melt pool in LPBF resulted in fewer powder particles being involved, reducing its 

ability for homogenization. In comparison, LDED showed the best results for homogenization. 

On the other hand, EPBF required a high powder bed temperature (450 oC in this study), leading 

to powder bed ignition and a highly sintered powder bed. The heat from the exothermic reaction 

resulted in uneven surface finishes due to a turbulent melt pool. Despite powder bed ignition 

not happening in LPBF, similarly poor surface finish can be observed. 

 

Due to the complexity of the process, limited simulation studies have focused on the powder 

of multiple metals/alloys and have been restricted to the LPBF process. Imparting diffusion 

and determining the intermediate thermomechanical properties of the material is difficult. 

Liming et al. [460] has demonstrated that the solidification of the multi-alloy melt pool can 

vary depending on the process parameters . If diffusion is absent, Marangoni convection can 

drive the mixing of multiple alloys in the stable melt pool, forming a unique fish-scale structure 

upon solidification. This simulated structure has been observed in many experimental works, 

but not described in 3D. Furthermore, Tang et al. successfully incorporated diffusion into the 

simulation of in-situ alloying to provide a more accurate description of the melt pool [461]. 

Their work showed that melting mixed powder in LPBF can result in localized variations in 

the melt pool composition across the powder bed. 

 

The utilization of mixed powders provides unique solidification properties and potential 

applications. One such example is the application of anchorless selective laser melting (ASLM) 

through eutectic reactions and preheating the powder bed to a high temperature of around 50% 

of the material's melting point, to relieve residual stress [462,463]. However, pre-alloyed 

powders can undergo solid-state sintering at this high temperature, leading to powder recoating 

issues. To address this, the authors used raw powders with a higher melting point than the 

alloyed product, such as precursor powders of eutectic/hyper/hypo eutectic alloys, to overcome 

the problem. For instance, the precursor powders of Al12Si [462] and Al339 [463] were able 

to withstand a preheating temperature of 380°C, resulting in horizontal unsupported overhangs 

of 10 mm with upward warpage of 1 mm and 0.1 mm for Al12Si and Al339 respectively. 
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Without the use of mixed powders, the pre-alloyed powder would have agglomerated and 

caused recoater collision.  

 

Some aluminum alloys (such as those of the 2000, 5000, 6000, and 7000 series) have poor 

printability due to their larger solidification range, which leads to solidification cracks along 

columnar grain boundaries [277].  To avoid hot cracking, small equiaxed grains are preferred 

over the columnar grains produced by LPBF. However, achieving a CET through parameter 

optimization in LPBF is difficult and sometimes close to impossible when considering part 

quality. Martin et al. used in-situ alloying to successfully print crack-free Al 7075 and 6061 by 

inducing heterogeneous nucleation sites to achieve equiaxed fine grains [277]. They used the 

electrostatic assembly technique of nano-size hydrogen-stabilized zirconium on pre-alloyed Al 

7075 and 6061 powders to achieve a homogenous mixture and prevent settling. Zirconium 

forms the Al3Zr nucleation phase when melted with aluminum, which acts as nucleation sites. 

However, producing pre-alloyed wrought aluminum alloys with zirconium through gas 

atomization is challenging due to the high liquidus temperature of Al3Zr and its rapid 

coarsening. This gives a unique proposition to in-situ alloying technique in inducing CET. Al 

7075 was also fabricated with the addition of silicon to eliminate hot cracking [464].  

 

A simple model was designed by Li et al. [337] to predict the chemical composition distribution 

in a LPBF part built with mixed powders. The model uses Poisson's distribution to account for 

the overlap between melt pools in each layer and from layer to layer. If the melt pool size is 

highly localized, mesostructuring from compositional heterogeneity can occur even with 

complete homogenization within a melt pool. The model was verified using experimental data 

from EDS by using two types of powder mixtures: conventional 22Cr duplex stainless-steel 

powder + 6 wt.% pure Ni powder, and 22Cr powder + 13 wt.% IN625 alloy powder. The study 

is significant in that it provides a highly simplified means for compositional mesostructured 

prediction, without the need to resort to complex computational fluid dynamics modelling. 

4.10. Accessory driven in-situ microstructural variation 

With the advancement in the understanding of grain growth during AM, several researchers 

have began to explore in-situ accessories to manipulate the as-built microstructures. 

Capabilities that have undergone major development in recent years include ultrasonic 

vibrations (UV) [297,298,465–469], static magnetic fields (SMF) [470–473], in-situ rolling 

[474–477], laser shock peening [478–480], shot peening [481], and hammer peening [482–
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484]. Among the aforementioned techniques, only UV and magnetic fields could affect the 

solidification behaviour of a melt pool through convection and agitation. The principle 

involved in the other techniques is to impart plastic deformation to the deposited 

microstructure, which can alter, potentially, the microstructure of the subsequent layer to an 

extent. Their effectiveness lays  in changing the microstructure of the deformed layer through 

recrystallization under the impact of thermal cycling. Hence, and keeping in view of the theme 

(solidification) of this review, we shall only focus in this subsection on the techniques where 

the microstructure can be manipulated by impacting the solidification behavior during AM. 

 

During the ultrasonic agitation of a melt, melt flow dynamics are improved due to the formation 

and collapse of cavities from the alternating positive and negative pressures that the ultrasound 

subjects the molten metal to. In their pioneering work, Cong and Ning [485] employed 

ultrasonic vibrations during the LDED of 17-4 PH, through a sonotrode attached to the base 

plate, as illustrated schematically in Figure 36 (a1). They reported larger melt pool and HAZ 

dimensions in the UV-assisted samples, with a significant reduction in pores and micro-cracks. 

The additional UV energy to the melt pool in the form of acoustic power results in an increase 

in the thermal gradient and imparts instability to the solid-liquid interface, due to cavitation 

and melt flow, resulting in the fragmentation of dendrite tips. This drives grain nucleation over 

epitaxial growth and equiaxed grains with average size of 2 µm are obtained in the UV-assisted 

samples (Figure 36 (a2)), as opposed to columnar grains (10 µm long) obtained in the 

benchmark LDED samples (Figure 36 (a1)). Implementing the same principles, Li et al. [486] 

obtained highly dense, fine structured AlSi10Mg doped with TiC. They report that a vibration 

frequency of 969 Hz resulted in a superior microstructure, which surpasses the conventional 

LDED samples in terms of the mechanical response. While these works demostrated the 

potential of UV-assited LDED, they were limited to the fabrication of only the thin-walled 

samples. Todaro et al. [297] first reported UV-induced CET in LDED Ti-6Al-4V blocks. 

Additionally they showcased implementation of the same setup to produce layered columnar 

and equiaxed microstructure in LDED IN625 blocks. Interestingly, they obtained much finer 

equiaxed microstructure for the latter as opposed to the former under the influence of ultrasonic 

vibrations from the sonotrode operating at a fixed frequency of 20 kHz. In their later work 

Todaro et al. [298] achieved CET in 316L having an average grain sie of 16 µm. Hence, the 

UV-induced CET shows dependency on the alloy composition and opens several avenues for 

the microstructural manipulations for a range of alloy systems using AM. Gorunov [466] 

implemented variation of UV frequencies (22, 40, 60, 80, and 100 kHz) and the power (30, 65, 
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and 100 % of 1.5 kW) for every frequency value of the acoustic generators during the UV 

assisted LDED of Ti-6Al-4V thin walls. Their observations reveal that CET was observed for 

powers of 65 % and 100 % for all frequency settings. Moreover, by varying the frequency-

power combinations, they could control the height of the equiaxed region in the as-built sample, 

Figure 36 (b). This shows promise of site-specific UV-driven CET in AM. Aside, Zhang et al. 

[467] and Gao et al. [468] reported that the use of UV during LDED of the Ni-Ti shape memory 

alloys suppressed the precipitation of Ti2Ni [467,468] phase that can otherwise cause 

embrittlement when in abundance [459]. In a recent advancement in UV-asisted LDED 

processing, Wang et al. [469] employed a tungsten needle to deliver the vibrations with 20 kHz 

frequency directly to the melt pool of 1Cr12Ni3MoVN martensitic steel (Figure 36 (c)). They 

report CET in their UV-LED samples with a gradual decrease in average grain size with 

increasing ultrasonic power. Their numerical simulations reveal that the cavitation driven melt 

agitation results in a marked increase in the melt velocity, solidification rate, and reduction in 

thermal gradient. If the risk of contamination by the needle in contact with the melt pool can 

be eliminated or minimized, this technique can be promising in fabricating parts with spatially 

tailored microstructural variations. 
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Figure 36 Ultrasonic vibration (UV) assisted AM. (a1) Typical setup compatible with LDED 

systems. Micrograph of (a1) UV assisted LDED fabricated 17-4 PH steel (a2) LDED fabricated 

17-4 PH steel [465]. (b) Effect of UV frequency (ν) and ultrasonic power (P) on the tendency 

of CET in LDED Ti-6Al-4V samples [466]. (c1) Novel UV setup with a tungsten needle for 

transferring the vibrations to the melt pool from top. Microstructure of martensitic steel obtain 
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in (c2) LDED, (c3) LDED+UV (200 W), (c4) LDED+UV (600 W), and (c5) LDED+UV 

(1000W) [469].  

While the applicability of UV is limited to DED, SMF, which is a non-contact technique, was 

explored in both the LPBF [470,471,473,487] and LDED [472] processes. When a SMF is 

applied to a melt pool, its effects the flow dynamics in the following two distinct ways. 

1. Magneto-hydrodynamic damping (MHD) [471] or electric magnetic damping (EMD) 

[472] or magnetic damping force (MDF) [473] caused by the movement of the melt pool due 

to Maragoni convection in the applied external magnetic field. 

2. Thermoelectric magnetohydrodynamic (TEMHD) damping [472,487] or thermoelectric 

magnetic force (TEMF) [473] caused by the thermoelectric currents generated between the 

solid and liquid regions (mushy zone) due to the difference in phase composition and Seebeck 

coefficients.  

 

Among the pioneering works on applying SMF to AM, Kang et al. [470] employed permanent 

magnets at the ends of the build platform resulting in a magnetic flux density (MFD) of 0.2 T 

during LPBF of commercially pure Ti (CP-Ti). They reported an increase in both UTS and 

elongation at failure for the SMF-enabled samples and attributed it to a more homogenised 

microstructure having diffuse crystallographic texture with finer martensitic α'-Ti phase. 

Similar observations were made by Du et al. [471] during the SMF-enabled LPBF fabrication 

of AlSi10Mg alloy (Figure 37 (a) – (c)). With the aid of microstructural observations and 

numerical simulations at the scale of melt and dendrites, they concluded that both MHD and 

TEMHD resulted in a reduction in porosity, decrease in inter-dendrite spacing, breaking of the 

columnar grains that resulted in grain refinement. As a result, they obtained superior tensile 

properties in the as-built condition in SMF assisted LPBF samples as shown in Figure 37 (c). 

Kao et al. [487] developed a multiscale numerical model to investigate the melt pool convection 

and the resulting microstructural evolution under the non-equilibrium solidification conditions 

during LPBF of Al10Si alloy under the impact of external magnetic field with varying 

orientations to the deposition direction. Their results, summarised in Figure 37 (d1) – (d5), 

show that in the Case 2, where the MFD vector is towards the -ve y-direction (Figure 37 (d2)), 

the TEMHD flow opposes the Marangoni convection. Additionally, they also determined that 

upon increasing the MFD from 0.1 to 0.5 T, Maragoni convection dominates until 0.4 T, before 

transitioning smoothly to TEMHD flow at 0.5 T. In case 3, Marangoni convection is 
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supplemented by the TEMHD flow resulting in wider and shallower melt pools, causing 

epitaxial grain growth through multiple layers (Figure 37 (d3)).  

 

 

Figure 37: Application of static magnetic field (SMF) to AM. (a) Low and high magnification 

micrographs of LPBF AlSi10Mg showing pores and coarse dendrites. (b) SMF enabled LPBF 

microstructure with comparatively less pores and finer dendrites for the same process 

parameter as (a). (c) Comparative tensile response of LPBF and SMF+LPBF samples of 

AlSi10Mg [471]. Melt pool flow dynamics and simulated microstrucutral evolution of LPBF 
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Al10Si alloy – (d1) B = 0 (d2) B || -ve y-direction (d3) B || +ve y-direction (d4) B || +ve z-

direction (d5) B || +ve x-direction [487]. (e) Microstructural evolution during LDED of a Ni-

based superalloy under the influence of SMF. Scale bar is 250 µm long.  

In another investigation of the melt flow dynamics under SMF, Fan et al. [472] performed in-

situ synchrotron X-ray imaging of the melt pool during L-DED of Ni-based superalloy single 

tracks with W-particles as tracers. Their observations reveal the significant role of TEMHD in 

governing the convection at the bottom and the trailing edge of an LDED melt pool where 

microstructural evolution occurs. Their observations reveal that the TEMHD flow circulates in 

the cross-sectional plane when the MFD vector is aligned with the laser scanning direction. As 

a result, constitutional undercooling at the dendrite tips increases due to the flow of solute from 

the mush – resulting in increased grain nucleation and growth of the thin columnar grains from 

the bottom of the melt, as seen in Figure 37 (e) (Case B//V). When the MFD vector points 

downward, i.e., opposite to the build direction, TEMHD flow circulates in the horizontal plane. 

In this case, grain nucleation occurs throughout the height of the trailing melt pool edge from 

the base. Hence, thinner grains are observed along the height of the deposit, as seen from 

Figure 37 (e) (Case B vertical).  

 

Recently, Yu et al. [473] developed a multi-phase numerical model to investigate the melt pool 

flow dynamics during the LPBF process under the influence of SMF. For their experimental 

deposition, they placed a permanent magnet below the substrate plate such that the B vector 

pointed upwards, i.e., along the build direction. In their experiments, the magnitude of MFD 

was 0.1 T, while the same for numerical simulations varied from 0.1 to 0.5 T. They observed 

that around the keyhole and the leading edge, Marangoni effect and recoil pressure dominated 

the flow dynamics. Whereas in the trailing edge, MDF and TEMF were dominant which could 

cause CET and dendrite deflections.  

 

As evident, research on application of techniques such as UV and SMF to AM, while still 

nascent, offers considerable promise, especially for tailoring the microstructures of the 

fabricated alloys. Alhough UV has been applied only to DED thus far, it can be advanced for 

cladding and repair applications. SMF, on the other hand, requires further exploration for a 

variety of alloy compositions such that the TEMF primarily responsible for convection near 

the growth front can be optimised to achieve site-specific microstructural variations. Moreover, 

further investigations on the impact of SMF in the solid state phase transformations within the 
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HAZ could be fruitful. Additionally, time-varying electric and magnetic fields are also potential 

field for research. 

 

5. Opportunities 

As summarized in the preceding sections, considerable progress has been made in 

understanding the solidification process that occurs during AM. Utilization of such an 

understanding for obtaining the desired microstructures and/or minimize defects was also 

successfully demonstrated for a number of alloy - AM method combinations. There are 

opportunities still –both from scientific and technological perspectives—with which the unique 

solidification pathways in EPBF, LPBF, and LDED AM processes can be further exploited for 

engineering components with tailored microstructures. These include the ability to achieve 

metastable microstructures, fine primary dendritic structures, dislocation cells, and columnar 

growth, which are highlighted in this closing section. 

 

Metastable microstructures: The EPBF, LPBF and LDED AM processes are associated with a 

fast-cooling rate, which results in alloys that often contain metastable microstructural phases. 

This characteristic can be utilized, for example, in printing biocompatible low-modulus 

metastable β titanium to approach the stress shielding problem that is often encountered when 

a conventional manufacturing route is used. In these alloys, the β BCC phase exhibits a lower 

Young’s modulus compared to the HCP α phase and can be fully retained at room temperature 

with the addition of sufficient alloying elements [488]. However, these alloying elements are 

expensive, and excessive amounts will increase the Young's modulus of the β phase, making it 

imperative to minimize their use while achieving β stabilization. LPBF, due to the rapid cooling 

intrinisic to it, requires lesser concentrations of the alloying additions, for achieveing the same 

[311]. This needs to be further explored.  

 

In the context of exploiting the metastable microstructures that occur as a consequence of the 

rapid solidification, it is worth noting that Li et al. [489] demonstrated that a ductile equiatomic 

Fe-Co alloy, which exhibits the best soft magnetic properties, in a bulk form can be obtained 

via LPBF. If the casting route is used for the same alloy, the stable intermetallic phase (with 

the B2 crystal structure) of Fe-Co, which is highly brittle and hence, renders any post-

processing mechanical steps untenable, is obtained. The formation of the B2 phase can be 

supressed (and a BCC solid solution can be obtained) by adapting rapid quenching methods; 
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such methods impose a restriction of sub-mm size for the film thickness or powders. In contrast, 

bulk Fe-Co with BCC structure, which has sufficient ductility can be obtained using LPBF. It 

can then be machined, as necessary, before being heat treated to a B2 microstructure that is best 

for the soft-magnetic properties. 

 

Even if metastable microstructural phases are not obtained, alloys with much finer 

microstructures (as compared the conventionally manufactured ones) can be obtained due to 

the fast cooling rates associated with AM. For example, in the near-eutectic Al alloys with Si 

processed using LPBF, a fine microstructure in comparison to the cast counterpart 

[402,490,491] is obtained as shown in Figure 38. Moreover, the solubility limit of Si in Al can 

be further extended, leading to extensive solid solution strengthening. Coupled with fine 

microstructure, it led to a substantial enhancement in strength [490]. This signifies an 

opportunity to explore alloy composition for AM, with supersaturation of the solute element(s) 

in mind. 
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Figure 38. Al-Si alloy microstructure (taken from [490]). (a) Low magnification and (b) High 

magnification micrographs of fine LPBF as-built microstructure, (c) IPF map [491], and (d) 

Conventionally cast microstructure [402]. 

Cellular structures: As already discussed, cellular dendritic structures, with the solute elements 

segregating to the cell walls, are typical features in many AM alloys. These unique 

microstructural features, whose size ranges from sub-micron to a maximum of 10 micron scale, 

span throughout the entire 3D-printed part and provide an unique opportunity in achieving 

better mechanical properties and functionalities in the AM alloys. For instance, in the LPBF 

Al0.5CrCoFeNi HEA, Kumar et al. [49] obtained a FCC matrix with an interwoven hexagonal 

net of an ordered B2 phase, as shown in Figure 39. The B2’s phase formation occurs as a result 

of Al segregation to the cell boundaries. These phases is 'imperfectly' connected, which results 

in the formation of nano-bridges of dislocations between them and the matrix phase. This 

allows for plastic deformation via dislocation motion, and hence, enhances the fracture 

tougheness. Simultaneously, a dense dislocation cell structure that coincides with the cellular 

dendritic structures provides significant resistance to the dislocation motion, which enhances 

the strength of the alloy. In Dryepondt et al.'s work, the segregation of solute elements to the 

solidification cell boundaries was exploited for imparting selective precipitation along them in 

the as-printed LPBF HK30Nb steel, which was shown to improve the thermal stability of the 

dislocation cell structure [331]. This is in contrast to that reported by others for LPBF 316L 

annealed at 800-900 °C [492–494]. Moreover, the high dislocation density in the cell walls led 

to a significant increase in the HK30Nb steel's strength over the temperature range of 20-900 

°C [331]. Dislocation cells are known to provide high strength and high ductility in steels 

[321,345], and leveraging on precipitates can allow the dislocation structure to be retained after 

HT procedures. Moreover, the exploitation of cellular structures in LPBF-printed alloys for 

enhancing corrosion resistance [495–499], hydrogen embrittlement resistance [500], and 

enhanced condensation heat transfer has also been demonstrated [501]. 
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Figure 39 The role of honeycomb cellular structure on the strengthening and toughening of 

LPBF Al0.5CoCrFeNi [49]. (a) An EBSD IPF map near the crack tip of a compact tension 

specimen following a fracture toughness test reveals misorientation bands moving through the 

honeycomb structure (indicated by black arrows), (b) A weighted Burgers vector map from the 

same region shows that these misorientation bands serve as conduits for dislocation movement, 

promoting increased plasticity away from the crack tip. (c) TEM analysis in the crack-tip area 

after the fracture toughness test shows that the B2 phase at cell boundaries restricts dislocation 

motion, whereas nano-bridges allows the passage of dislocations (indicated by red arrows).  

Texturing: AM techniques with directional solidification also provide an opportunity for 

texturing by leveraging the predominantly epitaxial growth associated with them. For instance, 

Sun et al. utilized different lasers to achieve either <100> or <110> textures in LPBF 316L to 

increase twinning-induced plasticity, which provides both high strength and ductility [44]. 

Huang et al. controlled the strength of <001> crystallographic texture in in-situ alloyed Ti34Nb 

by controlling the amount of unmelted Nb (unmelted Nb acts as an inoculant) [311]. 

Meanwhile, Tekumalla et al. managed to produce <100> texture along either the X, Y, or Z 

axes [502]. Sofinowski et al. achieved three textures with respect to the in-plane direction 

(perpendicular to the build direction), which can be selected spatially with parameter 

modulation [503]. This technique is termed “Layer-wise engineering of grain orientation” or 
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LEGO by the authors, and its spatial texture modulation was demonstrated with a QR code 

made up of different textures [504] (Figure 40).  

 

Texturing is especially useful when the intended application is known. Controlling the texture 

is beneficial for structural implants made of β titanium alloy, as the <100> direction is the 

lowest modulus direction desirable for reducing the stress shielding effect [505]. Moreover, 

since certain crystallographic planes are more corrosion-resistant than others, texturing can be 

gainfully used for enhancing the corrosion resistance, as a part of surface engineering [506]. 

 

Figure 40. Spatial texture modulation using layer-wise engineering of grain orientation 

(“LEGO”), with each texture characteristic achieved by using a distinct scan rotation  [504]. 

In closing, we have attempted to summarize the current understanding on the phenomena of 

rapid solidification that forms the fundamental basis in the three main fusion-based AM 

technologies: LPBF, LDED, and EPBF, in this review article. A wide variety of micro- and 

meso-structures can be obtained by selecting appropriate combinations of process parameters 

and alloy compositions. Those, in turn, can result in unique mechanical performances. For 

improved spatial resolution and microstructural control, melt pools need to get smaller and, 

consequently, their solidification more rapid. For a better understanding of the physics involved 
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in such processes, it is inevitable for the AM research community embrace the non-equilibrium 

solidification conditions that prevail.  
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